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Kink Band Formation in High Purity Aluminum 
During Creep at High Temperatures 


by Andre M. Gervais, John T. Norton, and Nicholas J. Grant 


An investigation of the creep deformation of coarse grained 
specimens of high purity aluminum in the temperature range 800° 


to 1150°F, permitted the formulation of a theory explaining the 
formation of kink bands. The X-ray Laue back-reflection technique 
was used in conjunction with metallographic studies to determine 
the crystallographic elements involved in kinking and to measure 


the rotations of the bands. 


HAT metals deform by the formation of kink 

bands was first shown by Orowan’ in 1942. He 
manually compressed cadmium single-crystal wires, 
the basal planes of which were parallel to the wire 
axis and to the direction of compression. He found 
that kink bands formed quite suddenly. Similar ex- 
periments were performed by Hess and Barrett* on 
zinc with a hydraulic testing machine to permit 
slower more careful compression. They observed 
that kink bands formed progressively with increas- 
ing compression. Recently Washburn and Parker* 
observed the formation of kink bands in zinc single- 
crystal specimens during tension creep experiments. 
Each of these authors observed the formation of 
kink bands but did not make a complete analyses 
of the crystallographic relationships. 

In addition to these studies on hexagonal metals, 
extensive investigations of kink bands formed dur- 
ing deformation of aluminum in tension at room 
temperature have been reported.** Two types of de- 
formation bands have been observed during the de- 
formation of aluminum at room temperature. These 
are: 1—kink bands: these exhibit a sharp curvature 
of the lattice along certain surfaces, and 2—bands 
formed by secondary slip along certain regions. 

As has already been shown by Honeycombe,' it is 
important to point out the difference characterizing 
the two types of deformation bands. In the first case, 
for moderate deformation, only one system of slip 
planes normally is active; in the second case, how- 
ever, two slip systems are active in the deformation 
bands. The latter have a rumpled surface because 
of the action of the two slip systems. In the present 
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work only the first type of band was studied and to 
avoid any confusion the term kink band will be 
used exclusively in the discussion which follows. 

Honeycombe’ observed that very narrow kink 
bands (width, 0.01 mm) formed along the (110) 
planes during the deformation of high purity alu- 
minum at room temperature. He observed narrower 
ones in commercially pure aluminum and found also 
that their width decreased with decreasing tempera- 
tures. Chen and Mathewson’ reported the formation 
of kink bands during tensile testing of single crystals 
of high purity aluminum at room temperature and 
pointed out that some rotation occurred about a 
[211] direction. 

The influence of the bending moment on the for- 
mation of kink bands was illustrated by the experi- 
ments of Réhm and Kochendorfer” who used a 
Polanyi apparatus to obtain pure shear during ten- 
sile testing of high purity aluminum single crystals. 
Under such conditions only one slip system was 
active and no kink bands were observed; conse- 
quently, no noticeable asterism was detected after 
deformation. The influence of the bending moment 
will be discussed later. 

Calnan* gave a detailed account of the work per- 
formed on kink bands obtained during deformation 
of aluminum at room temperature. 

Because no explanation of the process of kink 
band formation in creep was given in the previous 
investigations and because some of the above ob- 
servations are vital to the following discussion the 
brief review of the literature has been given. It is 
proposed in the present work to provide an explana- 
tion of kink band formation during creep deforma- 
tion at elevated temperatures. 


Results and Discussion 

Kink bands were observed to form during tensile 
creep testing of high purity (99.995 pct) aluminum 
specimens, having a very large grain size, in the 
temperature range 800° to 1150°F. These observa- 
tions were made in grains which occupied the whole 
cross section of the specimen. The specimens were 
originally round (diameter, 0.187 in.; gage length, 
1 in.) and had parallel flats milled to permit easier 
metaliographic and X-ray observations. The final 
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will subsequently appear in AIME Transactions Volume 197, 


The Transactions papers appearing in the Journal of Metals during 
1953 
and may be permanently referenced to that volume. 


Fig. 1—Kink bands in a grain of specimen 6 deformed in creep at 
800°F and at a stress of 150 psi. Oblique illumination. X1.5. Area 
reduced approximately 25 pct for reproduction. 


thickness was 0.120 in. and the final gage length 
0.85 in. 

In contrast with results obtained at room tem- 
perature, the observation of kink bands in the high 
temperature range was easy, and conclusions could 
be drawn clearly on the mode of deformation of the 
metal by kinking. Kink bands were not found to 
form in every specimen, thus possibly indicating 
that specific orientation of the grain is required for 
their formation. The distinct appearance of these 
kink bands at low magnification may be seen in Fig. 
1. X-ray work was performed rather easily on these 
kink bands because of their comparatively large 
width with respect to the width of kink bands at 
room temperature (of the order of 0.01 mm). 

It is well known that the formation of a second 
active slip system is due to the fact that in the con- 
ventional tensile testing of single crystals pure shear 
is not obtained. Fig. 2 (steps 1 and 2) gives a 
schematic representation of the phenomenon show- 
ing that after the first slip system has been opera- 
tive a transverse force takes place and the second 
set of slip planes becomes active. Under the action 
of this second slip system the transverse force is re- 
lieved and the specimen continues to elongate. That 
is the classical case of duplex slip. 

Now, in those cases where kink bands are formed, 
Fig. 2, steps 1 and 3, the first slip system operates as 
above and a bending moment is produced by the 
transverse force. This bending moment is relieved 
by the formation of a kink band which permits con- 
tinued elongation of the specimen. The result of 


(1) (2) (3) 


Fig. 2—Steps | and 2—Process of deformation in tensile testing 
with two active slip systems. Slip planes are perpendicular to the 
plane of the paper. 

Steps 1 and 3—Process of deformation in tensile testing with only 
one active slip system and kink bands. The slip plane and the bend- 
ing planes ore perpendicular to the plane of the paper. (1) The 
first active slip system produces a transverse force. (2) The second 
active slip system is under the action of the transverse force, allow- 
ing elongation of the specimen. (3) A kink band forms under the 
influence of the bending moment (1) and allows elongation of the 
specimen. 
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such a process, namely, the relief of the bending 
moment (transverse force) and the elongation of 
the specimen, is identical to that obtained by duplex 
slip. 

Kink band deformation is illustrated by Fig. 3 
taken on a rounded side surface of a specimen. Such 
a process of deformation is feasible because it does 
not require a change in volume of the kink band for 
moderate deformation. In Fig. 2 the parallelogram 
ABCD always maintains the same area during kink- 
ing since the kink boundary always bisects the angle 
between the slip planes within and without the 
band. In the process of the formation of kink bands 
as explained in Fig. 2, the width of the kink band 


Fig. 3—Kink bands in a grain 
of specimen 16 deformed by 
creep at 1075°F and at a stress 
of 90 psi. Note the change in 
orientation ot the right side of 
the specimen as schematically 
shown in Fig. 2 and the smaller 
slip band spacing inside the kink 
bands. Oblique illumination. X7. 


does not increase with increasing deformation of the 
grain. However, the angular difference of the two 
blocks about the kink band boundary does increase 
as deformation continues. 

Cahn" had suggested that the kink band bound- 
aries move in a direction perpendicular to the kink 
boundary but always parallel to themselves during 
deformation. Because a very thin oxide layer is 
formed on the specimen surface at these high tem- 
peratures, the movement of such kinking planes 
would produce cracks in this oxide which would be 
clearly visible under a microscope. No traces of 
such movement were observed as is indicated by 
Fig. 12a. Consequently, Cahn’s idea is not supported 
by these results. 

The progressive change in orientation of the kink 
band with respect to the remaining part of the 
grain was clearly pointed out by Chang and Grant” 
who continuously observed the deformation of a 
specimen microscopically during the actual creep 
test. By taking successive photographs of a region, 
kink bands appeared increasingly darker, that is to 
say, the amount of light which was reflected back 
to the microscope became progressively smaller. 
This could only be explained by the continued in- 
crease in the tilt of the kink bands. Furthermore, 
sliding along the kink boundaries was not observed 
by Chang and Grant” nor in the present research. 

The sharp change in orientation at the kink band 
boundaries was large enough to be seen without a 
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Fig. 4—X-ray Laue back-reflection photo- 
graph. The X-ray beam was located on a 
kink band boundary of specimen 6. Note 
the sharp division of each spot indicating 
a sharp change ia orientation at the kink 
band boundary. Rotation of 4°. 


BAND 
OUTSIDE 

THE BAND 
Fig. 7—Stereographic projection deduced from a Laue back-reflec- 
tion photograph with X-ray beam located on a kink band boundary 
of specimen 16. Note the rotation about the [110] axis. Rotation of 


\ 
(KINK BAND 
DIRECTION BOUNDARY) 
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KINK BAND 
—— OUTSIDE Fig. 8—X-ray Laue back-reflection photo- 


THE BAND 
graph. The X-ray beam was located on a 
Fig. 5—Stereographic projection deduced from a Laue back-reflec- kink band boundary of specimen 16. The 
tion photograph with X-ray beam located on a kink band boundary specimen was oriented so that the [110] 
of specimen 6. Note the rotation about the [112] axis. Rotation of spot was recorded. Note the rotation about 
4°. Case |. the [110] axis. Rotation of 6°. Case Il. 


microscope. This orientation difference was con- 
firmed by X-ray work, using a Laue back-reflection 
camera. 

A series of Laue back-reflection photographs were 
taken along the length of the creep deformed speci- 
men which was moved longitudinally by a cali- 
brated screw. When a completely different orienta- 
tion was seen between two successive photographs 
it was concluded that a grain boundary had been 
crossed. This was confirmed by metallographic 
work. This grain boundary then was used as a ref- 
erence mark for taking Laue patterns over the full 
length of the grain and the distances were checked 
from micrographs. It was seen from the micrographs 
that the width of the kink bands was much larger 
in these specimens than the diameter of the X-ray 


Fig. beam. Consequently, it was possible to fix the X-ray 
gregh. The X-ray boom wes leceted en © beam exactly on a kink band boundary or inside a 
kink band boundary of specimen 10. The | hand 


specimen was oriented so thot the [211] 
spot was recorded. Note the rotation about 
the [211] axis. Rotation of 2°. Case |. 


Fig. 4 shows a Laue back-reflection photograph 
obtained when the X-ray beam was located on a 
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Fig. 9—Kink bands in a grain of specimen 16 deformed by creep 
at 1075° and at a stress of 90 psi. Note the slip bands which stop 
at the plane of sharp bending on the left side of the kink bands. 
Oblique illumination. X11. Area reduced approximately 60 pct for 
reproduction. 


kink band boundary. It is clearly evident that each 
spot is sharply divided into two parts and this could 
only indicate that there is a sharp change in orienta- 
tion about the boundary. The crystallographic rela- 
tionship of the process of deformation was obtained 
from the change in orientation so noted. 

Stereographic projections showing the orienta- 
tions of grains and the rotation of the kink bands 
were built up from the Laue back-reflection photo- 
graphs with the use of a Greninger chart.” 

The determination of the planes of kinking and 
slip was made by measuring the angle of their traces 
on the specimen surfaces with a goniometer set-up 
on a microscope. Later, these data were assembled 
on the stereographic projections. 

As a result of these investigations two different 
cases were found: 

Case I; Slip took place along a (111) plane. Kink- 
ing occurred along a (110) plane perpendicular to 
the (111) slip plane and to the [110] slip direction. 
The two planes [(111) slip plane and (110) kinking 
plane] intersected along a [211] direction which 
was the axis about which the kink band rotated. 
Fig. 5 is a stereographic projection which shows the 
rotation about the [211] direction. For the pattern 


(1) 


Fig. 10—Schematic representation of the formation 
of kink bands without previous slip and with slip in 
the kink band only. 

(1)—Bending moment produced on a grain by slip 
in other places or grain boundary sliding. 
(2)—Kink band formed to accommodate the bending 
moment. Slip occurs in the band only to allow the 
deformation of this band. 
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shown in Fig. 6, the specimen was set in such a way 
that the spot corresponding to the rotation axis 
could be located in the Laue back-reflection photo- 
graphs. The rotation about this [211] axis is 
clearly evident. 

Case II: In the second case, slip took place along 
a (100) plane. At elevated temperatures, slip has 
frequently been observed on the (100) plane and 
definitely confirmed by X-ray analysis. It appears 
to be one of the regular modes of deformation in 
aluminum. Kinking occurred along a (110) plane 
perpendicular to the (100) slip plane and to the 
[110] slip direction. The two planes [(100) slip 
plane and (110) kinking plane] intersected along a 
[110] direction which was the axis about which the 
kink band rotated. Fig. 7 is a stereographic projec- 
tion which shows the rotation about the [110] di- 
rection. For the pattern shown in Fig. 8 the speci- 
men was set in such a way that the spot correspond- 
ing to the rotation axis could be located in the Laue 


Fig. 11—Kink bands in a grain of specimen 9 deformed by 
creep at 800°F and at a stress of 150 psi. Note forked appear- 
ance of the kink band boundaries due to high rotation of the 
bands (10°). Oblique illumination. X50. 


back-reflection photograph. The rotation about this 
[110] axis is evident. 

The same process of kinking takes place in the 
two cases described above, the difference being that 
two sets of crystallographic elements are involved. 

The process of kinking can be summarized as fol- 
lows: 

1—The plane of kinking bisects the angle between 
the slip planes on the two sides of the kink bound- 
ary. The line of intersection between the kink plane 
and both sets of slip planes is perpendicular to both 
slip directions. 

2—The progressive rotation of the regions located 
between the slip bands within the kink band occurs 
about an axis which is the intersection of the slip 
planes with the bending plane. 

It should be mentioned that in the above explana- 
tion of the formation of kink bands (see Fig. 2), the 
kink bands always formed in regions which had 
been deformed by prior slip. 

Examination of Fig. 9, however, shows that slip 
bands in each kink band stopped sharply at the kink 
band boundaries, particularly on the left side of the 
band. The reason for such a phenomenon is ex- 
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o—Before polishing. Oblique illumination shows the sharp ridge of 
a kink band boundary. 


plained schematically in Fig. 10. Prior to the forma- 
tion of the kink band, the grain is under the influ- 
ence of a bending moment caused by deformation in 
other parts of the specimen and by sliding along 
grain boundaries. The extent of such grain bound- 
ary sliding is heavy at these high temperatures.” 
Therefore slip must operate to form the kink band 
itself and accommodate the deformation; but in 
such a case, slip effectively takes place simultane- 
ously with kink band formation. 

This illustrates very well that kinking could be 
considered to be a process of deformation of itself, 
and also that it obeys specific crystallographic laws. 
It does not seem adequate therefore to use the ex- 
pression “deformation bands’”*” for such a process 
of deformation. 

An interesting observation was made regarding 
slip band spacing. Fig. 3 shows that the slip spacing 
inside the kink bands is much smaller than the slip 
spacing outside of them (upper part of the picture). 
Outside the kink bands the slip spacing corresponds 
to that indicated by Servi and Grant“ (order of 
magnitude of 0.75 mm). Smaller slip spacing in the 
kink bands is a consequence of the higher strain in 
the bands because of rotation during kinking. 


Fig. 12—Spot in a grain of specimen 6 where kink bands occ urred during creep at 800°F and at a stress of 150 psi. X50. 


b—After annealing at 1150°F for 1 hr and polishing and etching. 
Sharp bend location indicated by arrows. Note the difference in 
subgrain size on each side of the position of the kink. 


Kink band boundaries are not always as straight 
as is shown in Fig. 12a; instead they have, in the 
case of heavy deformation (Fig. 11) a forked ap- 
pearance which is due to the great difference in 
strain on each side of the boundaries. 

It must be pointed out, as shown by Laue back- 
reflection photographs, that asterism was some- 
times quite marked inside or outside the kink bands. 
Asterism within the kink band was readily de- 
tected because the kink bands were much wider 
than the diameter of the X-ray beam. Back-re- 
flection photographs show that in addition to the 
sharp bending along the kink band _ boundaries 
there is also a smooth curvature within the kink 
band itself. 

Fig. 12a is a photograph of a kink band boundary. 
In Fig. 13 the X-ray patterns show that the amount 
of smooth bending is different on each side of the 
kink. The marked asterism in Fig. 13b compared to 
Fig. 13a shows considerably greater bending to the 
right of the kink band boundary in Fig. 12a. After 
annealing the specimen for 1 hr at 1150°F, it was 
electrolytically polished and etched with an etch pit 
reagent used for revealing the subgrain boundaries.” 
The appearance of the same region is shown in Fig. 


b (left)—X-ray beam 
was located in the grain 
on the right side of the 
kinking plane (high 
bending). 


a (right) —X-ray beam 
was located in the grain 
on the left side of the 
kinking plane (small 
bending). 


Fig. 13—X-ray Laue bock-reflection photographs of the location shown in Fig. 12a. 
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[110] [100] 


Fig. 14—Dependence of kink band formation on initial grain orien- 
tation. The stereographic projection shows orientation of various 
grains from various specimens where kink bands were observed in 
relation to the specimen axis (axis of tension). Numbers are speci- 
men numbers, G and S are used when two different grains presented 
kink bands. 

O—Slip bands along a (111) system. 

*—Slip bands along o (100) system. 

A—Grain too small for accurate determination of the slip system. 


12b. Two different sizes of subgrains can be ob- 
served on each side of the original boundary. The 
smaller subgrain size on the right side of the kink 
band boundary is due to a greater bending.” This 
result points out, once more, how inhomogeneous 
the deformation can be in different parts of a grain. 

Finally, the orientations of all the grains which 
had shown distinct kink bands were plotted and are 
shown in Fig. 14. Data on these specimens are given 
in Table I. No clear result was brought out by this 
diagram. However, it seems reasonable to believe 
that a certain crystallographic orientation of a 
grain with respect to the axis of the specimen is re- 
quired since kinking occurred only in a few grains 
of the specimen tested. Furthermore, only well- 
determined planes are kinking planes. At room 
temperature too, a marked spreading of the results 
in the fundamental triangle was reported." 


Summary 


1—A mode of formation of kink bands was de- 
scribed indicating the need of a bending moment 
during the deformation in tension of a specimen. 

2—The kinking plane bisects the angle between 
the slip planes on the two sides of the kink bound- 
ary. The line of intersection between the kink plane 
and both sets of slip planes is perpendicular to both 
slip directions. The regions located between the 
slip bands within the kink band rotated progres- 


Table |. Data From the Specimens Which Showed Kink Bands 


Specimen Rotation 
Total at the 
Initital Elenga- Kink Band 


Tempera- 
Stress, Pst tien, Pet Boundaries 


Speci- 
ture, °F 


men No. 


10° (grain 14G) 
6° (grain 16G) 


1492—JOURNAL OF METALS, NOVEMBER 1953 


sively about axes defined by the intersection of the 
kinking plane with the slip planes. Two different 
slip systems were observed: (111) and (100). 

In contrast to the usual case, kink bands were ob- 
served to form in regions not previously crossed by 
a slip system. Kink bands occurred under the in- 
fluence of a bending moment, and slip took place 
simultaneously. 

3—-The kink bands were observed to keep the 
same width during the deformation process for 
moderate deformations. 

4—In addition to the sharp bending about the 
kinking planes, a smooth bending was observed in 
the bands themselves and also in regions outside 
them. 
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The Properties of Sand Cast Mg-Th-Zn-Zr Alloys 


by K. E. Nelson 


The effect of thorium and zinc variations on the strength and 


100-hr creep characteristics of Mg-Th-Zn-Zr alloys was investigated. 
Optimum resistance to creep at 650° and 700°F are attainable 
within a certain range of thorium and zinc contents. This range 


APID advances have been made during the last 
few years in the development of magnesium 
alloys for elevated temperature applications de- 
manding high resistance to creep. The beneficial 
effect of rare-earth metals on the creep resistance 
of magnesium alloys has been emphasized by a 
number of publications” and such alloys are now 
in commercial production. 

The use of thorium as an alloying ingredient in 
magnesium was mentioned by McDonald“ ” and 
also in two Alien Property Custodian patent appli- 
cations.” " The initial observation of Sauerwald” 
that thorium contributes still higher creep resist- 
ance to magnesium than is attainable with rare- 
earth metals has recently been substantiated.” 
In fact, it has been demonstrated that the useful 
temperature range of magnesium alloys is appreci- 
ably extended by the use of thorium. In all cases, 
it was observed that zirconium must be included 
in the alloys in order to render them fine grained 
and more readily castable. Several recent publi- 
cations” “ indicate that a still further improvement 
in creep resistance and a further extension of the 
useful temperature range can be realized by the 
addition of zinc to Mg-Th-Zr alloys. 

The primary purpose of this paper is to present 
the results of a comprehensive study of the effect 
of zinc on the strength and creep characteristics of 
Mg-Th-Zr alloys. Compositions covering the range 
of thorium content from '% to 6 pct and zinc content 
from 0 to 5 pet have been investigated. The creep 
characteristics at 650° and 700°F reported in this 
paper are based on results of tests of 100-hr du- 
ration. It is appreciated that creep tests of 100-hr 
duration might not yield adequate data for design 
purposes for parts with much longer expected life. 
However, for the purposes of the present discussion, 
it is felt that the combination of stresses and tem- 
peratures used in the 100-hr creep tests have 
yielded a clear representation of the compositional 
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Magnesium Dept., The Dow Chemical Co., Midland, Mich. 
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Meeting, October 1953. 
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does not conform °o that which develops maximum tensile properties. 


variation of creep resistance at the temperatures 
investigated. Creep tests of 1000-hr duration are 
now in progress on a few of the most promising 
alloys. 

Preparation and Testing of Alloys 

The alloys studied in this intensive investigation 
were prepared in 25 lb capacity mild steel crucibles. 
The thorium, zinc, and zirconium were alloyed and 
poured as described in earlier publications.“ ” The 
thorium was introduced into the melt in the form 
of a Mg-Th hardener,” the zinc added in the metal- 
lic form, and the zirconium alloyed in the form of 
the commercial hardener containing magnesium 
and 30 to 50 pet Zr.” ” Fluxing practices for melt- 
ing and refining were the same as for magnesium- 
rare-earth metal-zirconium alloys.” “ 

The melts were sampled for analytical deter- 
minations and poured into separately cast % in. 
diameter standard tensile bars. The test bars were 
given a precipitation treatment of 16 hr at 600°F 
in laboratory furnaces. It has been shown by 
other tests that a high temperature solution treat- 
ment followed by an aging treatment is unnecessary 
for the development of optimum properties in Mg- 
Th-Zn-Zr alloys. The selection of 600°F as the aging 
temperature was based on an attempt to achieve 
metallurgical stability without coalescence of the 
undissolved phases and the attendant loss in strength. 

The thorium, zinc, and zirconium contents of each 
melt were determined chemically. The zirconium 
contents are reported in two parts, “soluble” and 
“insoluble,” referring, respectively, to the portions 
present in the alloy which are soluble and insoluble 
in dilute HCl] acid. Distinction is being made be- 
tween these two components of the zirconium 
content in the alloys because it has been found that 
only that portion of the zirconium content which is 
soluble in dilute inorganic acids affects the struc- 
ture and properties of the alloys. The usual im- 
purities consisting of copper, iron, manganese, and 
nickel were determined spectroscopically. The 
analysis for each melt is listed in Table I. 

A description of the methods of tension and 
creep testing has been detailed in earlier papers.” ” 
The tests were performed with the cast skin re- 
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maining on the bars. Two parameters are used to 
describe the creep characteristics of each alloy as 
obtained by interpolation of log stress vs log- 
extension plots of the original data. These para- 
meters are: 1—creep limit based on 0.2 pct total 
extension in 100 hr, and 2—creep limit based on 
0.5 pet total extension in 100 hr. The creep exten- 
sion as well as the initial extension resulting from 
application of the load are combined to give the 
total extension values. 

Grain size determinations were obtained on 
samples from the reduced section of the test bars 
using the comparison method reported by George.” 


Tensile and Creep Properties 


The room and elevated temperature tensile pro- 
perties are shown in Table II. The values for the 
ternary Mg-Th-Zr alloys are the optimum values 
obtainable and are in the solution-treated and aged 
condition. These were obtained from earlier publi- 
cations.” * The maximum room temperature results 
are developed by the 5 pct Zn-1 pct Th, 5 pct Zn- 
2 pet Th, and 5 pct Zn-3 pct Th alloys. In general, 
the higher thorium-higher zinc alloys have lower 
elongation values at room temperature than do the 
other compositions. In the zinc-containing quater- 
nary alloys, for a given thorium content through 
4 pet, the room temperature yield and tensile 
strengths increase with increasing zinc contents. 

The best combination of tensile properties at 
650° and 700°F are obtained with the magnesium 
plus 3.56 pet Th plus 0.72 pct Zr and magnesium 
plus 6.05 pct Th plus 0.97 pct Zr alloys. No one com- 
position in the Mg-Th-Zn-Zr group of alloys can 
be pointed out as superior to others although the 
higher thorium-higher zinc alloys appear somewhat 
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better, though in no case equivalent to the zinc- 
free alloys. 

Average grain size determinations made on the 
compositions tested are recorded in Table I. Within 
the grain size range exhibited by these alloys (0.001 
to 0.0035 in.), there appears to be no correlation be- 
tween grain size and the strength properties or 
ductilities listed in Table II. This grain refinement 
was effected by the addition of zirconium as indi- 
cated earlier. The amount of zirconium that can 
be introduced into the magnesium and retained in 
an “acid-soluble” form appears to increase both 
with the zinc and thorium contents of the alloy. 

A graphical presentation showing the 100-hr 
creep limits obtained at 650° and 700°F for the 
various Th-Zn combinations are shown in Figs. 1 
through 4 where the two parameters of creep are 
plotted. Iso-strength lines have been drawn to 
define more clearly the differences in creep strength 
existing among the alloys. 

As shown in Figs. 1 and 2 there appears to be a 
ridge indicating compositions of optimum creep 
resistance starting with the 0.5 pct Th-0.5 pct Zn 
composition and extending through 3 pct Th-2.5 
pet Zn, 4.5 pet Th-2.5 pet Zn, and on up to the 
6 pet Th-3 pct Zn alloy. The optimum composition 
is around 5 pet Th-3 pct Zn. Although alloys con- 
taining more than 6 pct Th have not been studied, 
the results indicate that the creep resistance may 
be reaching its maximum at this level of thorium 
content. Many interesting phenomena can be seen 


Table I1. Room and Elevated Temperature Tensile Properties of 
Sand Cast Mg-Th-Zn-Zr Alloys. Separately Cast Test Bars* 
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+t Results are averages of 2 test bars. 
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TYS = Tensile yield streneth, 1000 psi. 
TS = Tensile strength, 1000 pai. 
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Fig. 1—Stress in 1000 psi necessary to give 0.2 pct total extension 
in 100 hr at 650°F. Mg-Th-Zn-Zr alloys. 


in these figures. Particular attention is called to the 
very narrow ridge and the steepness of it, specifi- 
cally with small increases or decreases in zinc con- 
tent. The values for the ternary Mg-Th-Zr alloys 
are the mean values of a range in creep resistance 
obtained on bars sectioned from castings as re- 
ported earlier.” Experience has shown that the 
mean value obtained from a number of creep tests 
performed on such bars falls reasonably close to 
results obtained on separately cast test bars. The 
good creep resistance retained by the low thorium- 
low zine alloys is very interesting and warrants 
further investigation both as to sand cast and 
wrought alloys. Possibly more effort should be 
expended to investigate magnesium “metallurgy 
behind the decimal point.” 

The composition of the ridge depicting maximum 
creep resistance follows quite closely the range in 
composition covered by a recent patent.” The supe- 
riority of the commercial alloy 3 pct Th-2.5 pct Zn- 


Fig. 2—Stress in 1000 psi necessary to give 0.5 pct total extension 
in 100 hr at 650°F. Mg-Th-Zn-Zr alloys. 


0.7 pet Zr, designated as HZ32XA or ZT1,”™ over 
the 3 pct Th-0.7 pct Zr alloy, designated as HK31XA, 
as shown in these 100-hr creep comparisons has 
been substantiated on 1000-hr tests at temper- 
atures of 550°, 600°, and 662°F.” It was also shown” 
that at 400°F the ternary alloy is superior in creep 
resistance to the quaternary Mg-Th-Zn-Zr alloy 
for testing times through 1000 hr, whereas at 500°F, 
the superiority of the ternary alloy decreases with 
increasing testing time up to 1000 hr. It is expected 
that the differences in creep resistance seen in the 
100-hr tests on the Mg-Th-Zn-Zr alloys at 650° 
and 700°F will prevail after 1000 hr testing at 600° 
and 650°F, respectively. 

Figs. 3 and 4 show that at 700°F there is an indi- 
cation of a ridge following similar Th-Zn compo- 
sitions as observed in the 650°F data. The form 
appears to be much flatter at 700°F, however, and 
the crest of the hill is in the range of 5.5 pct Th- 
4 pet Zn. Thorium levels about 6 pct again have 


Fig. 3—Stress in 1000 psi necessary to give 0.2 pct total extension 
in 100 hr ct 700°F. Mg-Th-Zn-Zr alloys. 
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Fig. 4—Stress in 1000 psi necessary to give 0.5 pct total extension 
in 100 hr at 700°F. Mg-Th-Zn-Zr alloys. 
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Fig. 5—Structure of sand cast Mg-Th-Zn-Zr alloys falling to the 
left of the crest of creep resistant alloys shown in Figs. | through 
4. X500. Area reduced approximately 40 pct for reproduction. 


not been explored, and therefore, the iso-strength 
lines are not connected. The good creep resistance 
observed on the low thorium-low zinc alloys at 
650°F does not hold at 700°F. It is interesting to 
observe that at 650°F creep resistance on the 1 pct 
Zn alloy decreases when the thorium content is 
increased from 0.5 to 6 pet, while at 700°F increas- 
ing thorium tends to increase the resistance of the 
alloy to creep. The fact that the decrease in creep 
resistance of the 6 pet Th-4 pct Zn alloy with in- 
creasing temperature (650° to 700°F) is so little 
might indicate that this or a similar composition 
will prove to be superior to the other compositions 
after long exposure times. For some reason the 
0.2 pet extension value for the 5 pct Th-4 pet Zn 
alloy at 650° is lower than at 700°F. 


Microstructure 
Microstructural differences can be seen within 
the group of alloys studied. Figs. 5 through 7 


a (left)h—Mg + 0.50 
pet Th + 0.55 pct Zn 
+ 0.58 pet Zr. Electro- 
lytic polish. 10 pct HCI 
in methyl! cellosolve. 


c (left}h—Mg + 4.00 
pet Th + 1.99 pet Zn 
+ 0.74 pet Zr. Electro- 
lytic polish. 10 pet HCI 
in methyl cellosolve. 


pct for reproduction. 
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depict some of the types of structure observed. 
These structures might be listed as follows: 

1—Magnesium solid solution matrix with an 
intermetallic compound resulting from divorce- 
ment of the eutectic similar to that observed in 
ternary Mg-Th-Zr alloys” (Figs. 5a, 7a and b). 
In some alloys partial divorcement of the eutectic 
resulted in structures consisting of Mg,., inter- 
metallic compound, and patches of eutectic (Fig. 7d). 

2—Magnesium solid solution matrix with two 
phases having irregular jagged plate-like shapes 
at the grain boundaries (Fig. 6). 

No identification of the composition of these 
phases has been made to date. 

The structure described in item 2, above, and 
particularly exemplified in Fig. 6b, c, and d by the 
3 pet Th-2 pct Zn, 4 pet Th-2 pct Zn, and the 6 pct 
Th-4 pct Zn alloys appears to correlate with maxi- 
mum creep resistance. The compounds in the 0.5 
pet Th-0.5 pct Zn alloy (Fig.6a) exhibit the same 
tendency to form a jagged structure but, of course, 
are present in much smaller amounts because of 
the low alloy content. In spite of the low alloy 
content this composition still exhibits good creep 
resistance as might be expected if this property is 
a result of this type of structure. 

Alloys whose structures are shown in Figs. 5 and 
7 exhibit lower resistance to creep than the opti- 
mum attainable in this alloy system. Figs. 5a, 7b 
and d show structures as described in item 1, above. 
Figs. 5b and 7a are similar with an indication of the 
presence of two phases at the grain boundaries. 
Fig. 7c also is representative of an alloy having two 
phases at the grain boundaries. One of the com- 
pounds has a thin needle-like appearance and is 
quite irregular in the direction in which it lies at 
the grain boundaries. In general, alloys having a 
high Zn-Th ratio such as those whose structures 
are shown in Fig. 7a and c when etched more dras- 
tically reveal also copious precipitation within the 
solid solution matrix as often found in magnesium 


b (right)—Mg + 3.01 
pet Th + 1.99 pct Zn 
+ 0.78 pet Zr. Electro- 
lytic polish. 10 pet HCI 
in methyl! cellosolve. 


d (righth—Mg + 6.12 
pet Th + 4.02 pct Zn 
+ 0.84 pet Zr. Electro- 
lytic polish. 10 pet HCI 
in methyl! cellosolve. 


Fig. 6—Structure of sand cast Mg-Th-Zn-Zr alloys tollowing the crest of creep 
resistant alloys shown in Figs. | through 4. X500. Area reduced approximately 40 
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a (left)h—Mg + 0.53 
pet Th + 1.52 pet Zn 
+ 0.67 pet Zr. Glycol. 


c (left)\—Mg + 1.02 
pet Th + 4.93 pct Zn % 
+ 0.72 pet Zr. Glycol 


Fig. 7—Structure of sand cast Mg-Th-Zn-Zr alloys falling to the right of the 
crest of creep resistant alloys shown in Figs. 1 through 4. X500. Area reduced 
approximately 40 pct for reproduction. 


alloys containing zirconium. However, this feature 
is not shown in the micrographs included herein 
because such etching would obscure the character- 
istic compound formations. The alloys exhibiting 
these structural phenomena are usually associated 
with the lowest creep resistance in the system. 


Summary 

The results of this comprehensive investigation 
on the effect of varying thorium and zinc contents 
on the strength and 100-hr creep characteristics of 
Mg-Th-Zn-Zr alloys may be summarized as follows: 

1—Good combinations of strength and ductility 
at room and elevated temperatures may be devel- 
oped over a wide range of thorium and zinc contents. 

2—Exceptionally high creep resistance at 650° 
and 700°F can be developed within a certain range 
of thorium and zinc contents which conforms to 
neither the range giving maximum room temper- 
ature strength nor that exhibiting optimum static 
properties at the elevated temperatures. 

3—The commercial alloy containing magnesium 
plus 3 pet Th plus 2.5 pet Zn plus 0.7 pet Zr is a 
good overall choice for elevated temperature appli- 
cations based upon its combination of tensile and 
creep properties as well as conservation of costly 
and critical materials. However, for specific appli- 
cations there are alloys in the Mg-Th-Zn-Zr system 
having better creep resistance. 

4—Alloys of magnesium plus zirconium contain- 
ing as little as 0.5 pet Th and 0.5 pet Zn may have 
useful applications in stressed parts operating as 
high as 650°F. 

5—High creep resistance in this alloy system is 
generally associated with a microstructure in which 
the intermetallic constituent has a jagged plate- 
like shape. 
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+ 0.68 pet Zr. Glycol. 
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+ 0.88 pet Zr. Glycol. 
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Titanium-Rich Regions of the Ti-C-N, Ti-C-O, 
And Ti-N-O Phase Diagrams 


by L. Stone and H. Margolin 


The Ti-C-N and Ti-C-O systems were investigated in the tem- 


perature range from 500° to 1400°C and in the composition range 


up to 2 pct 


and 5 pct N or O. Characteristic isothermal sections 


at 800°, 900°, 1000°, and 1300°C are presented. The Ti-N-O sys- 
tem was studied in the temperature range from 900° to 1400°C 
with alloys containing up to 6 pct total alloying content. Charac- 
teristic isothermal sections at 1000° and 1400°C are presented. 


HIS paper reports on one of a series of investi- 

gations which have been conducted on the phase 
diagrams resulting from interstitial alloying with 
iodide titanium. The other investigations involved 
delineation of the binary systems with carbon,’ 
nitrogen and boron," and oxygen.’ The Ti-O binary 
system has also been investigated by Bumps et al.‘ 
In varying degrees, each of these interstitial ele- 
ments has been shown to stabilize the low tempera- 
ture a modification of titanium'* and each forms a 
face-centered cubic TiX compound (henceforth des- 
ignated 4). In addition, the Ti-N and Ti-O systems 
reveal a low temperature tetragonal phase (e«) 
formed by a peritectoid reaction between a and 
y 


Experimental Procedure 

The development of experimental techniques for 
the study of titanium alloy systems has, to a large 
extent, become standardized. In this investigation, 
the equipment and procedures described in detail 
by Cadoff and Nielsen’ have been used. 

Arc Melting: In general, binary alloys with car- 
bon, nitrogen, and oxygen, prepared in the composi- 
tion range of interest in this investigation, show 
negligible composition changes during arc melting.” 
However, the possibility of the formation of some 
gaseous combination of alloying elements such as 
CO, CN, or NO during the preparation of these ter- 
nary alloys was considered. Calculations showed 
that the evolution of only 0.05 gram of such a gas 
would be detectable as a pressure change in the 
closed system used during preparation of these 
alloys. Such pressure changes were not observed. 
Consequently, nominal compositions have been used 
in plotting the data. 

The compositions of the materials used in the 
preparation of the alloys are shown in Table I. 
After melting for 3 to 5 min at 275 to 350 amp, the 
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Melting-point data for all three systems are also included. 


Table |. Composition of Materials Used in Preparation 
of the Alloys 
Material Purity Seurce 
Titanium (lodide) 99.96 pct New Jersey Zinc Co. 
Carbon Spectroscopic grade National Carbon Co. 


Baker Chemical Co. 
Watertown Arsenal 
Laboratory 


Oxygen (as TiO») 99.98 pct 
Nitrogen (as TiN) 97 to 99 pct 


alloys were checked for homogeneity by microstruc- 
tural examination. Alloys containing up to 1 pct C 
were homogeneous in the presence of less than 3 pct 
N or O. At higher alloying contents, some inhomo- 
geneities in the carbon distribution became evident. 
Alteration of the melting procedure toward longer 
times and higher currents did not improve the 
homogeneity of these alloys. Ti-N-O alloys were 
homogeneous in the range to about 3 or 4 pct total 
alloying addition. Beyond this, almost all of the 
specimens showed as-cast microstructures consist- 
ing only of the a phase. Consequently, inhomogene- 
ities could not be detected by examination of micro- 
structures. 

Ten alloys from each of the systems were ana- 
lyzed for two of the elements present (oxygen being 
omitted in all cases and titanium being omitted in 
the Ti-C-N alloys). In all cases the analyses were 
found not to be sufficiently precise to serve as 
criteria for the total composition of these alloys. On 
the basis of phase distribution in heat-treated alloys, 
however, it appears that carbon is distributed 
throughout the alloys most uniformly, with oxygen 
and nitrogen following in that order. 

Heat Treatment: Specimens for heat treatment 
were wrapped in titanium sheet before sealing in 
the argon-filled quartz capsules. Heat-treatment 
times varied from 100 hr at 800°C to 0.5 hr at 
1400°C. After heat treatment the specimens were 
quenched by breaking the capsule in water. With 
the exception of alloys in the low composition re- 
gion, heat treatment did not have an appreriable 
effect on the as-cast microstructures. 

Metallography: Following heat treatment, the 
specimens were prepared for metallographic ex- 
amination by grinding on emery paper and electro- 
lytic polishing. For the majority of the specimens a 
10-sec etch with Remington “A” agent (25 pct 
HNO,, 25 pet HF, and 50 pct glycerin) adequately 
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Fig. 1—Isothermal section at 800°C in the Ti-C-N system. 
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Fig. 3—Isothermal section at 1000°C in the Ti-C-N system. 


revealed the microstructure. This reagent does not, 
however, differentiate between a and carbide in 
microstructures where one or both constituents are 
present in small amounts. In this case, the use of an 
electrolytic 10 pet NaCN etch* produced excellent 
results by staining the carbides orange and the a 
blue. 

Precision: In general, the phase diagrams have 
been delineated on the basis of microstructural ex- 
amination of heat-treated specimens. 

Table II is included to indicate the estimated 
order of precision which the authors feel may be 
attributed to the phase boundaries of the isothermal 
sections. The column entitled “Precision” is to be 
interpreted as the width of the lines which have 
been drawn as phase boundaries. On this basis the 
Ti-C-O system is probably delineated with the 
greatest precision, with the Ti-C-N and the Ti-N-O 
systems following in that order. 


Ti-C-N System 
Isothermal sections were delineated in the tem- 
perature range from 500° to 1400°C at 100° inter- 
vals and in the composition range up to 2 pct C and 
5 pet N.’ The sections at 800°, 900°, 1000°, and 
1300°C are shown in Figs. 1 to 4. 


Estimated Order of Precision of Phase Boundaries 
of Isothermal Sections 


Table Il. 


Precision of Delineation 
Precision 


Carbon 0 to 0.5 pct C 0.05 pet 
0.6 to 1.0 pet C 0.10 pet 
1.1 to 2.0 pet C 0.20 pet 

Oxygen 0 to 2.0 pct O 0.2 pet 
2to3pctO 0.3 pet 
More than 3 pet O 0.4 pet 

Nitrogen 0 to 1.5 pet N 0.25 pet 
1.5 to 3 pet N 0.35 pet 
More than 3 pet N 0.5 pet 
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Nitrogen, Weight 
Fig. 2—Isothermal section at 900°C in the Ti-C-N system. 
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Fig. 4—Isothermal section at 1300°C in the Ti-C-N system. 


In addition, the following melting-point results 
were obtained: 

1—The addition of nitrogen to alloys containing 
2.0 pet C results in a rise in the liquidus tempera- 
ture from 1935°C at 0 pct N** to approximately 
2510°C at 3.0 pct N, and a rise in the temperature of 
the solidus surface* to approximately 2070°C at 2.5 
pet N. 


tinguish between the solidus surfaces of primary and secondary 
separation. 

2—The addition of from 1 to 2.5 pet N to alloys 
containing 0.5 pct C has little effect on the incipient 
melting temperature, which is approximately 
1735°C. Beyond this point the solidus temperature 
rises with increasing nitrogen content. 

On the basis of the incipient melting points and 
the presence of peritectically formed a in as-cast 
microstructures (see Fig. 5), it would seem reason- 


Fig. 5—2.0 pet C, 3.0 pct N, as-cast struc- 
ture. Carbide containing precipitated a, 
surrounded by peritectically formed a, in a 
transformed § matrix. Remington “A” etch. 
X700. Area reduced approximately 30 pct 
for reproduction. 
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Fig. 6—Isothermal section at 800°C in the Ti-C-O system. 
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Fig. 8—Isothermal section at 1000°C in the Ti-C-O system. 


able to postulate that the reaction L + a = B + 6 
occurs in this system near 1735°C. The three-phase 
fields, a + 8 + L and a + 8 + L, which exist above 
the ternary peritectic temperature, are generated 
respectively by the reactions L + a = 8 and L + 
8 = a in the binary Ti-N system. Below the ternary 
peritectic temperature the three-phase fields which 
exist are 8 + L + Sanda + 8 + 4, which disappear, 
respectively, into the binary Ti-C peritectic, L + 6 
= £, and peritectoid, 8 + 5 = a, reactions. 

This development requires complete solid solu- 
bility between TiC and TiN. Excellent evidence for 
such solubility has been obtained by Beattie and 
Ver Snyder,” who have reported lattice parameters 
for Ti(C,N) microconstituents containing varying 
amounts of carbon and nitrogen. In addition, it is 
necessary that the temperature of the ternary re- 
action be above the carbon peritectic reaction tem- 
perature (1750° + 20°C). While the ternary re- 
action temperature observed is at 1735°C, the dis- 
crepancy is of the order of the precision of the 
apparatus. 


Ti-C-O System 
Isothermal sections were delineated in the tem- 
perature range from 500° to 1400°C at 100° intervals 
and in the composition range up to 2 pct C and 
5 pet O.’ The sections at 800°, 900°, 1000°, and 
1300°C are shown in Figs. 6 to 9. 
In addition, the following melting-point data were 
obtained: 
1—Alloys containing 0.5 pect C and from 1 to 3 
pet O all melted at approximately 1690°C. In the 
absence of microstructural evidence of eutectic 
solidification, it was concluded that measurements 
were being made along the 8/8 + L surface of pri- 
mary separation. The temperature of 1690°C is 
within experimental error of the 1700°C melting 
point reported for titanium by Adenstedt et al.” and 
probably reflects the small increase in melting point 
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Fig. 7—Isothermal section at 900°C in the Ti-C-O system. 


20 25 30 38 40 45 $0 35 
Oxygen, Weight % 
Fig. 9—Isothermal section at 1300°C in the Ti-C-O system. 
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due to oxygen addition. 

2—Alloys containing 0.5 pct C with from 3.5 to 
5.0 pct O, and 2 pct C with from 0.5 to 2.5 pct O, 
showed incipient melting at 1770°C. 

Since the only primary dendrites observed in the 
as-cast structures were carbides and since, in the 
high alloy region, a formed as a peritectic wall 
around the carbides, it would appear reasonable to 
postulate a development in this system paralleling 
that described in the Ti-C-N system. This identifies 
the constant incipient melting range at 1770°C as 
a ternary peritectic reaction a + L = £ + 6 and 
imposes the following restrictions on the binary 
diagrams: the oxygen binary reaction involving L, 
a, and 8 and the reaction involving a, L, and 6 must 
occur at temperatures higher than 1770°C; also the 
binary carbon peritectic must occur lower than 
1770°C. These relative values for the binary re- 
action temperatures all agree, within experimental 
error, with values obtained by Bumps et al.‘ and 
New York University.” 

For the reaction a + L = B 4+ 8, the phases TiC 
and TiO must be isomorphous. The isothermal sec- 
tion at 1300°C (Fig. 9) suggests that oxygen and 
carbon are interchangeable in TiC, since the § corner 
of the three-phase field (a + 8 + &) extends into 
the ternary section. 


Ti-N-O System 

On the basis of microstructural examination of 
heat-treated alloys, isothermal sections have been 
drawn in the temperature range from 900° to 1400°C," 
and sections at 1000° and 1400°C are shown in Figs. 
10 and 11. 

The simplicity of the phase relations in this system 
is apparent from the isothermal sections. It has been 
observed’ that as the 8 and a + 8 fields expand with 
increasing temperature, the rate of expansion de- 
creases. This is characteristic of both the Ti-N and 
Ti-O binary systems. 
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Fig. 10—Isothermal section at 1000°C in the Ti-N-O system. 


Very little information on the liquidus region 
could be obtained from microstructural examina- 
tion of the as-cast alloys. Only £, a + 8, and a@ struc- 
tures were observed. Coring in the a was not 
marked, which would indicate the absence of any 
extensive liquid-plus-solid regions in the composi- 
tion range investigated. 

Data obtained with the melting-point apparatus 
indicated that nitrogen generally raises the tem- 
perature for incipient and complete melting consid- 
erably more rapidly than oxygen, in agreement with 
the binary diagrams. The effect of oxygen additions 
to low nitrogen alloys was so slight as to be ap- 
proximately on the order of the precision of the 
apparatus. A similar effect was noted with the addi- 
tion of oxygen to low carbon alloys. No clear indi- 
cations were obtained of any ternary reactions in 
the range investigated. 


Microstructures 

In general, the a, 8, a + B, and a + & microstruc- 
tures observed were identical to those which have 
been noted in the binary systems containing carbon, 
nitrogen, and oxygen. In addition, microstructures 
for the Ti-C-N and Ti-C-O systems were quite sim- 
ilar and consequently, except as specifically noted, 
no attempt will be made to differentiate between 
these two systems in discussing microstructures. 


Fig. 13—2.0 pet C, 


1000°C, water-quenched. 


15 pet O, 24 hr at 
Isovhermal a  1100°C, water-quenched. Dendritic car- 


es 


Nitrogen, Weeght 
Fig. 11—Isothermal section at 1400°C in the Ti-N-O system. 


Two types of three-phase (a + 8 + carbide) micro- 
structures were observed. The first is shown in Fig. 
12 and is typical of three-phase alloys with low 
alloying content. In the higher alloy region the 
as-cast dendritic distribution of the carbides is not 
removed by heat treatment, and a typical three- 
phase structure appears as shown in Fig. 13. Here 
the a which solidified adjacent to the carbide is 
richer in oxygen than that which solidified last. 
Consequently, on quenching, the transformation of 
a to B occurs earliest in the regions not immediately 
adjacent to the carbides. 

A structure quite similar to the a + 6 structures 
seen in the Ti-N and Ti-O systems was encountered 
in Ti-C-N and Ti-C-O alloys. In Ti-C-N alloys the 
structure is common to all alloys containing at least 
0.5 pet C and 1.5 pet or more N. For Ti-C-O alloys, 
higher contents of carbon and oxygen are required. 
A typical structure is shown in Fig. 5 for the as-cast 
condition, and in Fig. 14 for a heat-treated speci- 
men. Heat treatment has coarsened the line struc- 
ture and it can be seen that the precipitate is a, since 
it is continuous with the a matrix. 

X-Ray Diffraction 
To check the metallographic observation that the 


line structure in Figs. 5 and 14 was a, X-ray diffrac- 
tion patterns were obtained for the 2.0 pct C, 3.0 pct 


Fig. 14—2.0 pct C, 3.0 pet O, 24 hr at 
1100°C, water-quenched. Carbide with pre- 


(dark) and carbide (white) in a trans- bide and « plus transformed §. Rem-_ cipitated a, a matrix out of focus. Reming- 
formed 8 matrix. Remington “A” etch and ington “A” etch. X200. Area reduced ap- ton “A” etch. X1000. Area reduced ap- 


NoCN electrolytic etch. X300. Area re- proximately 30 pct for reproduction. 


duced approximately 30 pct for reproduction. 
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N specimen in both the as-cast state and after heat 
treatment at 1400°C. In both cases two sets of a 
lines, corresponding to the different composition of 
a and transformed £, in addition to carbide lines, 
were observed. Indications of other phases were 
absent. 

When a Ti-C-N alloy showing the line structure 
of Fig. 5 was heated at 800°C for 100 hr, a weak 
diffraction pattern of the nitrogen tetragonal phase, 
«, was obtained. The reaction to form « must occur 
by the reaction a + 6 = « (in agreement with re- 
sults obtained in the investigations of the binary 
systems)** and consequently occurs at a-8 interfaces, 
see for example, Fig. 9 in ref. 2. 

If it is considered that the interfaces available for 
this reaction exist only at the junction of carbide 
and peritectoidally formed a (see Fig. 5), then be- 
cause of the sluggishness of formation, a detectable 
amount of « would not form. If the precipitate in 
the carbide is a, then a sufficient interfacial area 
would be available to form appreciable amounts of «. 
This is indirect proof that the precipitate within the 
carbide is a. 

The « phase is not indicated in any of the iso- 
thermal sections because no information was avail- 
able on the composition of this phase and the com- 
position of a and & which react to form it. The « 
phase was not observed in the diffraction patterns 
of Ti-C-O alloys. 

Discussion 

As has been indicated,” * the presence of small 
amounts of oxygen in sponge may be responsible 
for the shift of the a-transus in Ti-N alloys to higher 
nitrogen contents. This shift may be explained by 
reference to Figs. 10 and 11. The trace of the a/a 
+ B phase surface in this isothermal section is seen 
to move to higher nitrogen contents with additions 
of oxygen. In a vertical section parallel to the Ti-N 
binary diagram this movement would appear as a 
shift of the a-transus to higher nitrogen contents. 

A similar shift in the a/a + 8 phase surface for 
Ti-N alloys on addition of carbon is also observed, 
see for example Fig. 2. The addition of carbon and 
oxygen to alloys containing nitrogen thus appears 
to reduce the effectiveness of nitrogen as an a 
stabilizer. 

The fact that small amounts of oxygen may mark- 
edly affect the Ti-N diagram suggests that Ehrlich’s” 
reported solubility for carbon in a titanium may be 
due to incidental pickup of oxygen and nitrogen. 
Ehrlich obtained his alloys by sintering at 1800°C in 
a vacuum and furnace cooling. He estimated that 
the resulting structures were characteristic of heat 
treatment at 700° and 800°C, and determined solu- 
bility by measurement of lattice parameters. The 
values obtained by Ehrlich for the maximum solu- 
bility of carbon in a titanium compare as follows 
with recently reported results: Ehrlich’s value for 
TiC was 1.96 wt pct, while Cadoff and Nielsen’ found 
the value of 0.48 wt pct. 

In the Ti-C-N and Ti-C-O systems, it can be seen 
that the addition of nitrogen or oxygen to carbon- 
containing alloys increases the solubility of carbon 
in a titanium. The addition, for example, of 3.5 pct 
O to titanium at 1400°C raises the solubility of 
carbon in a titanium to 1.5 pect C’ and would indi- 
cate: 1—that total nitrogen and oxygen contamina- 
tion of the order of 3 or 4 wt pct was present in 
Ehrlich’s alloys, and 2—-that the alloys were repre- 
sentative of specimens which had been heat-treated 
above 1400°C. 
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Finally, in reference to the increase of carbon 
solubility in a titanium by additions of nitrogen and 
oxygen, it can be seen from Figs. 1, 4, 6, and 9 that 
oxygen is more effective in increasing carbon solu- 
bility than is nitrogen. 


Summary 

l1—In overall characteristics, the Ti-C-N and 
Ti-C-O phase diagrams are very similar, with a 
ternary a + 8 + carbide phase field dominating the 
diagram in the temperature interval from 1000° to 
1400°C. 

2—The Ti-N-O system is characterized by a, a + 
8, and B phase fields, all of which expand to higher 
alloying contents with increasing temperature. 

3—Indications were obtained that the Ti-C-N and 
Ti-C-O systems contain a ternary peritectic reaction 
at approximately 1735° and 1770°C, respectively. 

4—The addition of carbon or oxygen to Ti-N 
alloys reduces the effectiveness of nitrogen as an a 
stabilizer. 

5—Nitrogen and oxygen increase the solubility of 
carbon in a titanium, with oxygen as the more effec- 
tive of the two. 
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On the Theory of the Formation of Martensite 


by M. S. Wechsler, D. S. Lieberman, and T. A. Read 


A theoretical analysis of the austenite-martensite transformation 


is presented which predicts the habit plane, orientation relation- 
ships, and macroscopic distortions from a knowledge only of the 


HIS paper presents a new theory of the forma- 
tion of martensite. This theory makes possible 
the calculation of the austenite planes on which the 
martensite plates form, the orientation relationship 
between the austenite and martensite crystal axes, 
and the macroscopic distortions which are observed. 
The only input data needed are the crystal struc- 
tures and lattice parameters of the austenite and 
martensite. 

Considerable effort has been devoted over the past 
thirty years to the development of an understand- 
ing of the crystallographic features of martensite 
reactions. Much of this work has been done on steels 
and iron-nickel alloys, for which a great deal of 
data has been accumulated concerning the shape 
and orientation of the martensite plates, the rela- 
tive orientations of the austenite and martensite 
crystal axes, and the observable distortions which 
result from transformation. These observations are 
reviewed in refs. 1, 2, and 3. 

The first major step toward an understanding of 
these phenomena was made in 1924 by Bain,‘ who 
showed that the a body-centered cubic structure 
can be produced from the y face-centered cubic 
structure by a contraction of about 17 pct in the 
direction of one of the austenite cube axes and an 
expansion of 12 pct in all directions perpendicular 
to it. Since that time, most of the efforts at further 
interpretation have been made by investigators who 
have worked from the phenomenological data, in- 
corporating some of the information from the lattice 
properties, and have sought an analysis into likely 
deformations which would produce the observed 
results.”” All but the three most recent papers on 
the subject have already been reviewed in some 
detail." Machlin and Cohen” measured the compo- 
nents of the distortion matrix and verified that the 
habit plane is a plane of zero distortion and rotation 
for the (259) case. They showed that the measured 
distortion matrix, when applied to the parent lat- 
tice, does not yield the product lattice and hence 
some inhomogeneous distortion must occur. Frank,” 
working from the lattice properties and taking some 
clues from the observations, considered the corres- 
pondence of close-packed rows and planes in the 
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crystal structures of the initial and final phases. 


austenite and martensite. He predicted substantially 
the observed lattice relationship and habit plane for 
certain steels which have a (225) habit. Geisler” 
suggested that there is a natural tendency for the 
habit plane to be a (111) and postulated certain slip 
processes to account for the fact that the experi- 
mentally observed habit plane is irrational and de- 
viates from the assumed one. 

The present work differs from previous treat- 
ments of martensite formation in that it permits 
calculation of all the major manifestations of the 
process. Habit plane indices, orientation relation- 
ships, and observable distortions are all calculated 
from a knowledge of the crystal structures of the 
initial and final phases alone. The calculations con- 
tain no adjustable parameters. The agreement found 
between calculated results and the observations re- 
ported in the literature constitutes powerful evi- 
dence in favor of the mechanism of martensite for- 
mation proposed. The theory is applicable to sys- 
tems other than steel (as is discussed later in this 
paper) which exhibit a diffusionless phase change 
but because of the wide-spread interest in the aus- 
tenite-martensite transformation, particular atten- 
tion will be given to the iron-base alloys. For other 
systems which undergo a similar face-centered cubic 
to face-centered tetragonal transformation, the 
mathematical treatment is identical with that pre- 
sented here. Hence the theory successfully describes 
the transformation in the indium-thallium alloy.” 


Homogeneous Transformation to Martensite 


The distortion which any homogeneously trans- 
forming volume of austenite undergoes in order to 
become martensite is shown in Fig. 1, as was first 
suggested by Bain.‘ (This distortion will hereafter 
be referred to as the “Bain distortion.) This speci- 
fication of a contraction along one cube axis com- 
bined with an expansion in all directions perpen- 
dicular to this axis describes what is properly called 
the “pure” distortion associated with this trans- 
formation. 

The distinction between a “pure” and an “impure” 
distortion plays an important part in the discussion 
which follows. A “pure” distortion is characterized 
by the existence of at least one set of orthogonal 
axes fixed in the body which are not rotated by the 
distortion. (These are called the “principai axes” of 
the distortion.) No such set of axes exists in the 
case of an “impure” distortion. On the other hand, 
an impure distortion can always be represented as 
the result of a pure distortion combined with the 
rotation of the specimen as a rigid body. For a given 
impure distortion the corresponding pure distortion 
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Fig. 1—(A) Body-centered tetragonal cell delineated in face-cen- 
tered cubic structure. The Bain distortion takes (B) into (C). 


and rigid body rotation are unique.” It is to be par- 


* More precisely, there are two combinations of pure distortion 
and rotation, one of which corresponds to a distortion followed by 
& rotation and the other to a rotation followed by a distortion. In 
this discussion it is simpler to use the formulation where the dis- 
tortion is considered to occur first. 


ticularly noted that these statements are not re- 
stricted in validity to the small distortions and rota- 
tions dealt with by elasticity theory. 

The distortion which occurs during the complete 
transformation of an austenite single crystal to mar- 
tensite is both impure and inhomogeneous. But if 
the transformation of sufficiently small volumes of 
austenite, still large compared with the unit cell, is 
considered, the distortion of these, while still im- 
pure, will be homogeneous (otherwise X-ray dif- 
fraction patterns could not reveal the martensite 
structure). The distortion specified by Bain gives 
this homogeneous pure distortion of a small volume 
of material, without saying anything about the rigid 
body rotation which accompanies it. 

It is particularly to be noted that while many dis- 
tortions will generate a body-centered cubic (or 
body-centered tetragonal) structure from a face- 
centered cubic one, the Bain distortion involves 
considerably less distortion than any of the others. 
Any distortion which converts a face-centered cubic 
lattice into a body-centered cubic one can be repre- 
sented as the Bain distortion followed by a distor- 
tion which carries the body-centered cubic lattice 
into another body-centered cubic lattice with the 
same lattice parameter. The smallest of these addi- 
tional distortions is the one involved in the familiar 
mechanical twinning of the body-centered cubic 
lattice. In this case, the maximum extension is in 
the direction of one of the cube axes of the body- 
centered cubic structure. If the cube axis which is 
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stretched is the one which had come from one of the 
original face-centered cubic cube axes, then the 
combination of Bain distortion followed by twin- 
ning simply gives the Bain distortion over again, 


with a different choice of axes. If, however, the 
body-centered cubic cube axis which is stretched 
during twinning is one which before transformation 
was a face-centered cubic face diagonal direction, 
then the total increase in length in this direction 
produced by the Bain distortion followed by twin- 
ning is 59 pct. This is to be compared with a max- 
imum extension of 12 pct which is produced by the 
Bain distortion alone. 

The discussion above brings out the fact that the 
Bain distortion produces a body-centered cubic 
structure from a face-centered cubic one by means 
of much less drastic changes in interatomic dis- 
tances than any other distortion which accomplishes 
the same change in structure. Another illuminating 
way of comparing alternate distortions is by con- 
sidering nearest neighbor relationships for the atoms 
in the two crystal structures. In the face-centered 
cubic structure each atom has twelve nearest neigh- 
bors, whereas in the body-centered cubic structure 
it has only eight. After the Bain distortion, each 
atom’s eight nearest neighbors are eight of the 
twelve it had previously had when the crystal struc- 
ture was face-centered cubic. In contrast with this, 
the next simplest distortion leads to the result that 
two of the nearest neighbors of each atom in the 
body-centered cubic crystal had been only next- 
nearest neighbors before transformation. There are, 
therefore, strong physical grounds for concluding 
that the Bain distortion is the pure distortion which 
describes what actually happens in any small region 
which transforms homogeneously from austenite to 
martensite. A complete description requires in addi- 
tion, of course, a specification of the rigid body rota- 
tion of the region. 


Mechanism of Martensite Formation 


Several investigators have shown that the distor- 
tion which occurs as martensite is formed is in- 
homogeneous even within a single martensite plate. 
The most complete study of this aspect of martensite 
formation was carried out by Machlin and Cohen,” 
who demonstrated this inhomogeneity in a convinc- 
ing manner. It is then clear that any proposed 
mechanism of martensite formation must provide 
for inhomogeneous distortion during transformation. 

In the present paper two particularly simple types 
of inhomogeneity will be considered. The striking 
result is obtained that the predicted habit planes 
and macroscopically observable distortions are the 
same for the two types of inhomogeneity. They 
differ only in that in the one case it is predicted 
that a single martensite plate is a single crystal and 
in the other case the single plate contains two twin- 
related martensite crystal orientations. It has been 
shown experimentally” “ for the cubic-tetragonal 
transformation of indium-thallium alloys, to which 
the present analysis also applies, that the immediate 
result of transformation is the twinned product. But 
it has not yet been determined experimentally which 
of these predictions is the correct one for martensite. 
Therefore in the present paper both types of in- 
homogeneity will be considered. 

Consider first the type of transformation inhomo- 
geneity which leads to the twinned product. In this 
case no atom acquires any new nearest neighbors as 
a result of transformation, or, in other words, no 
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slip occurs. The inhomogeneity simply involves the 
pure transformation distortion being different in 
adjacent parts of a martensite plate. The only dif- 
ference possible, in terms of Bain’s transformation 
distortion, is that different cube axes of the face- 
centered cubic structure become the principal dis- 
tortion axes along which contraction occurs. 

If this inhomogeneity of transformation occurred 
in a random way from one part of the martensite 
plate to another, very large misfit strains would be 
produced. There is, in fact, only one way in which 
this type of inhomogeneity can occur and still have 
the differently transforming regions fit together 
without difficulty. This pattern of inhomogeneity 
consists of the transformation of parallel-sided slabs 
of austenite crystal which differ in the cube axis 
which is compressed. The planes separating these 
regions are parallel to one of the two austenite face 
diagonal planes which bisect the angle between the 
two cube axes which are compressed. This type of 
inhomogeneous transformation yields an array of 
twin-related martensite single crystals. 

It will be shown below that if the ratio of the 
thicknesses of the twins has a certain critical value, 
then there exists a plane in the austenite which 
undergoes no net distortion as a result of the trans- 
formation. The physical significance of a pattern of 
inhomogeneity which results in a plane of zero net 
distortion is that it permits the strain energy of 
misfit between the martensite and austenite to be 
much smaller than in the case of homogeneous dis- 
tortion. By “net” distortion is meant here the dis- 
tortion averaged over many of the twins, which are 
presumed to be very thin. The indices of this plane 
of zero net distortion are irrational and depend upon 
the lattice parameters of the austenite and mar- 
tensite. 

The second type of transformation inhomogeneity 
considered can be described most simply as a homo- 
geneous Bain distortion occurring simultaneously 
with a certain amount of slip. The slip plane is one 
which is initially an austenite face-diagonal plane 
and becomes a martensite (112) plane. The slip 
direction is one which becomes a martensite [111] 
direction. The slip is presumed to be distributed in 
a uniform way throughout the martensite plate and 
hence appears macroscopically as a homogeneous 
shear. It will be shown that if the amount of slip 
has a certain critical value, then there also exists 
in this case a plane in the austenite which under- 
goes no net distortion as a result of transformation. 
(By “net” distortion is meant here the distortion 
averaged over a region that contains many planes 
on which slip has occurred.) Hence as in the case 
of twins, the misfit strain energy will be small for 
this pattern of inhomogeneity. 

The requirements that a plane of zero net distor- 
tion exist and that this plane must be the interface 
plane between the martensite and the as yet un- 
transformed austenite serve to define a mathematical 
problem which has a unique answer. In the next 
section of this paper the solution of this problem is 
obtained by the use of matrix algebra. This solution 
contains a specification of: 1—the direction cosines 
of the normal to the habit plane (i.e., the interface 
plane between the austenite and martensite) with 
respect to the austenite crystal axes; 2—the relative 
thicknesses of the twin-related martensite regions, 
or the amount of slip; 3—the observed distortions 
which accompany transformation; and 4—the rela- 
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tive orientations of the austenite and martensite 
crystal axes. 


Mathematical Theory of Austenite-Martensite 
Transformation 


Mathematical Preliminaries 

In the mathematical analysis of transformations 
in solids it is convenient to utilize the methods of 
matrix algebra, as was pointed out by Jaswon and 
Wheeler.’ Matrices are useful in this connection be- 
cause they can be employed to express concisely 
linear transformations in space. In this section, the 
notations to be used are given as well as some of 
the characteristics of the matrices to be employed. 
The reader who is unfamiliar with matrix methods 
and vector analysis is referred to standard texts on 
the subject.” ” 


In matrix notation M-r means that a vector 


(a vector may be written as a column matrix) when 
operated on by a matrix, 


My, Mis 
M Meg, Meg Moy 
May 


is transformed to the vector 


where 
Mr + My + Myz, etc. 


r denotes the vector, and r or |r| its scalar magni- 
tude. The matrices used here are of three types: 
rotation matrices, pure distortion matrices, and im- 
pure distortion matrices. A rotation matrix charac- 
terizes rigid body rotations (Greek letters will be 
used; # indicates the matrix and ¢ the angle of rota- 
tion) hence if #-r = r’, then 

le] = 


The distortion matrices do not, in general, leave the 
length of a vector unchanged, but rotate the vector 
and alter its magnitude. (Distortion matrices will 
be denoted by bold face upper case English letters, 
e.g., M.) If the components of a vector or a matrix 
are given with respect to an axis system (2, y, Z), 
it is frequently convenient to express the compo- 
nents with respect to another axis system (2x,, y., Z.). 
A subscript on the symbol for the vector or the ma- 
trix indicates the axis system to which the compo- 
nents are referred. If the two systems of axes are 
related by the rotation #, then 


and 
M, = [1] 


Eq. 1 expresses the similarity transformation of M 
to M, and 4*, the “conjugate of *,” is obtained by 
interchanging the rows and columns of *. Rotation 
matrices have the property that 


1 and det # 


A pure distortion matrix is symmetric (m,, 
m,,) and can be diagonalized, i.e., written in a form 
in which m,, 0 for i * j, by a similarity trans- 


formation so chosen that the new set of axes coin- 
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Fig. 2—Section through a martensite plate, showing the banded 
structure of relative amounts x of twin 2 and (1-x) of twin 1. The 
broken line OA'B'C’D'E’ . . . UV’ was the straight line OV on the 
original austenite single crystal. The principal axes of the Bain 
distortion after transformation are indicated for each twin. The 
plane of the paper is that containing the axis of compression for 
eoch twin. It is perpendicular to the twin plane. 


cides with the principal axes of distortion. An im- 
pure distortion is expressed by a nonsymmetric ma- 
trix. In general, a nonsymmetric matrix, M, can be 
decomposed into the product of a rotation matrix, 
¥, and a pure distortion (symmetric) matrix, M,. 
Then if the rotation matrix I in the similarity trans- 
formation which diagonalizes M, is used, M can be 


written as 
M = M, = 


a 
M, is of the form 0 A O |where the A’s are 
00 


the principal distortions. 


Transformation by Twin-Related Bain Distortions 


As mentioned above, the transformation is first 
considered to be one in which a single crystal of 
face-centered cubic austenite is transformed to a 
banded structure of twin-related body-centered 
cubic or face-centered tetragonal domains. It will 
be shown that if the ratio of the thicknesses of the 
twins has a certain critical value, then there exists 
a plane in the austenite such that no line in the 
plane changes in length when averaged over many 
bands of the martensite twins. This plane is then 
determined and postulated to be the habit plane. 
Then since this plane forms an interface between 
the austenite and martensite, the property that this 
plane does not rotate permits the determination of 
the total distortion. This means, in effect, that the 
net effect of the transformation is to produce a sim- 
ple shear on the habit plane plus an extension per- 
pendicular to the habit plane to account for the 
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change in volume. Once the total distortion is de- 
termined in this way, the magnitude and direction 
of the shear and the orientation relationships are 
determined. The concept that the interface between 
the two phases be one of zero average distortion 
over a twin-related banded martensite structure is 
the foundation upon which this analysis is based. 

A section through a martensite plate, Fig. 2, shows 
a volume of austenite that has transformed to a 
banded, twin-related structure of martensite of 
relative amounts, x of twin 2 and (1-x) of twin 1. 
A scratch r = OV that was originally a straight line 
in the austenite single crystal becomes the broken 
line OA’B’'C’D’ .. . U'V’. Initially, observable effects 
of the transformation are of interest and therefore 
the straight line vector sum, r' = OA’ + A’B’ + BC’ 
+... U'V’, is considered rather than the broken 
line segments. If M, and M, are the matrices which 
describe what happens to vectors in the two re- 
gions as a result of transformation, OV’ can be 
written as 


OV’ =r’ = (1l-r)M,-r + 2M,-r = 
[(i-a)M, + 2M,]-r. [2] 


Hence 
r = E-r [3] 
where 
E = (1-x)M, + xM,. [4] 


E will be referred to as the “total distortion matrix.” 
Eq. 3 states that if r is a vector in the austenite, 
then as a result of the transformation r goes to r’ 
= E-r where both r and r’ are expressed with re- 
spect to the cube edge directions in the as yet un- 
transformed austenite. 

The Bain distortions which produce the body- 
centered tetragonal domains are such that contrac- 
tion occurs along one of the austenite cube direc- 
tions for one of the twins and along another cube 
edge for the other twin (see Fig. 1). In what fol- 
lows, twins 1 and 2 are considered to be produced 
by contraction along the y and x axes respectivelyt 


t There are six choices of pairs of twins, each choice corre- 
sponding to a different but crystallographicaily equivalent solu- 
tion. Other choices similar to the choice of twins enter the 
analysis; these will be pointed out at appropriate points in the 
development. When all possibilities are considered, we are left 
with a multiplicity of 24, i.e., 24 solutions for the habit plane. 
This matter is considered in more detail in the section on mul- 

tiplicity of solutions. 


and isotropic expansion in the plane perpendicular 
to the contraction axis in each case. In Fig. 2 are 
drawn the principal axes of the Bain distortion after 
transformation (the principal axes rotate during the 
distortion) with the expansions and contractions in- 
dicated for each twin. The expansion perpendicular 
to the plane of the paper is the same for each twin. 

The Bain distortions for the two twins can be 
written as 


O O O 
T.=| 0 » andT.=/|0 » [5] 
0 


= C/a,. 


a, is the austenite cube edge and c and a are the 
martensite lattice parameters. In general, the prin- 
cipal axes of distortion in each region will rotate 
relative to the austenite axes during transformation. 
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| 
where 
Via 


Fig. 3—The principal Bain distortions in the two twins after 
transformation. For region 1, the principal distortions are 
and and for region 2, 
and N’M’= Since N’M’ and were parallel direc- 
tions before transformation, the relative rigid body rotation 
which has occurred during transformation to insure coherent 
twins is ¢. 


If the rotations for regions 1 and 2 are *%, and 
*, respectively, 
M, = ?, and M, = +, T, [6] 


and Eq. 4 becomes 
= (1-x) *,T, x?,T, . [7] 


From the development thus far, #, and *, cannot be 
determined, but their relative rigid body rotation 
can be obtained. The angle of rotation ¢ of one re- 
gion relative to the other is determined by the con- 
dition that regions 1 and 2 be coherent twins. From 
consideration of Fig. 3, the relative rotation matrix 
* is seen to be 


cosé@ —singd 0 
=| sind 0 [8] 
0 0 1 
2m 
where cos ¢ = sin 2a = _ =. 
+m 
sin ¢ = 
hm + "Ne 


Region 2 undergoes rotation * relative to region 1. 
But region 1 is rotated by *, relative to the austenite 
axis system. Therefore relative to the austenite 
axes, region 2 undergoes rotation ?, #. Thus 
= 
and Eq. 7 may be written as 
E = 4, [(1-x)T, + = %F [9] 


where 
= (l-x)T, + rT... 


From Eqs. 5 and 8 
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Eq. 10 shows that F is nonsymmetric and therefore 
represents an impure distortion. But F can be ex- 
pressed as the product of its rotation matrix ¥ and 
pure distortion matrix F,. Furthermore, by means 
of a similarity transformation on F, the rotation 
matrix [ can be found such that 


F, = 


where F, is diagonal, i.e., 


» 0 0 
F.= |0 a 0 [12] 
Thereby 
F= vF, 
= [13] 
and 
E = [14] 


The form of F in Eq. 10 shows that the rotations ¥ 
and Ir are about the z axis and hence F can be written 


—siny 0 cosy —siny 0 
F= sin cosy 0 
| 0 0 1 
2 cosy siny 0 
0 | — = 0 [15] 
| 1 


where the A’s are the principal distortions. 

By inspection of the form of F in Eq. 10 and the 
component matrices of F in Eq. 15, it is seen imme- 
diately that A. = »,. Another relation for the \’s in 
terms of », and », is obtained by a consideration of 
the volume ratio, V, of the transformed and original 
volumes. In general the volume ratio for any dis- 
tortion is given by the determinant of the distortion 
matrix. Therefore the volume ratio for region 1 is 


V; > det M, = det => det %, det 


But the determinant of a rotation matrix is unity 
since a rigid body rotation involves no change in 
volume. From Eq. 5 then 


V, = det = ™ 


In a similar way V, is also found to be equal to »,"», 
It follows then that the volume ratio brought about 


by the total distortion E must also be 7,» Hence 
from Eq. 14, 
det E = 
det F, = ™' Ne 
whereby, since A, = », 
= [16] 


Further evaluation of the principal distortions de- 
pends on the criterion for the habit plane. This is 
described in the next section. 

Derivation of the Direction of the Habit Plane 
Normal: The derivation of the indices of the habit 
plane depends upon the following important the- 
orem for which the proof is here presented: The 
necessary and sufficient condition that a plane of 
zero distortion exist is that one of the principal dis- 
tortions be unity, i.e., one of the principal strains 
vanish. First consider all vectors r such that 


r = = |E-r!’ 


All vectors r which satisfy Eq. 17 suffer no change 


[17] 
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No; 
ee 
\ 
\ 
2 
F= ( ) [10] 
x Ne 1+ zx 0 


in length during transformation. From Eq. 9 


r*-F* ¢,* F-r = |F-r|* [18] 
since *, is a rotation matrix. 


From Eq. 17 then, 
=r. 


From Eq. 13 and the fact that lr is the rotation be- 
tween the (2, y, z) and Ys, systems: 


F = ¥rF,r* 


[19] 


and 
r= 
Then 
[F-r]’ (vr F,-r.]° 


Also the magnitude of a vector is independent of 
the reference system to which it is referred, so that 
r’ = r,’. Therefore Eq. 19 becomes 


(F.-r.)’ = [20] 
From Eq. 12: 


+ + = Ys’ + ze 
— + i + A’ 1)z,’ = 0. [21] 


x,’, y., and z,’ are always positive; therefore a suf- 
ficient condition for Eq. 21 to be satisfied is that one 
of the A’s be unity, say A, 1, since Eq. 21 is sat- 
isfied with 

1 


which is the equation for a plane. 

To prove the necessary condition of the theorem, 
consider the intersection of the surface, Eq. 21, with 
the planes x, — 0, y, = 0, z, = 0 in turn. This shows 
that each (A,° — 1) must differ in sign from each of 
the others. This is impossible unless one of the 
(A," — 1) equals zero. Therefore it is necessary that 
one of the A’s be unity for a plane of zero distortion 
to exist. Hence the theorem is proved. 

In the previous section it was found that 


A= ™ 
and 
AAs = - 
If we set 
A. = 1 


(if A, = 1 is chosen a crystallographically equivalent 
habit plane is obtained), it follows that 


Ay — Ay = Whe, As = } 
and Eq. 12 becomes 
mm 0 
0 O » 


[22] 


From Eq. 21 then, vectors (24, Ys, 214) which satisfy 


[23] 
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determine the plane of zero distortion, i.e., the habit 
plane. (The negative square root in Eq. 23 has been 
chosen arbitrarily; the positive square root yields a 
crystallographically equivalent habit plane.) Two 
vectors in the habit plane are then (z,, 0, —Kz,) 
and —Kzx,) and their vector cross-product 
gives the direction of the normal to the habit plane. 
In this way it is seen that in a system of axes (24, Yu, 
z,) aligned along the principal directions of the dis- 
tortion, the habit plane normal is given by 


1 K 


24 
VY1+K 


and since If is the rotation which transforms aus- 
tenite axes to (2X,, Ys, 24) 
n=I-n, [25] 
where n is the normal to the habit plane in the aus- 
tenite system. Therefore the rotation matrix f must 
first be determined in order to express the habit 
plane normal with respect to the austenite axes. 

In order to determine lr, however, an expression 
for the line of intersection of the twin and habit 
planes will first be derived. From the nature of the 
distortions to which regions 1 and 2 are subjected 
and the requirement that coherent twins be formed 
as a result of transformation, it follows that vectors 
which lie in the (110) plane in the austenite must 
lie in the twin plane after transformation. In par- 
ticular this is true for vectors which are to lie in the 
intersection of the twin and habit planes. Therefore 
a vector along this line of intersection as a result of 
the transformation must have had the direction of d 
in the austenite, where 


b 
d= [> | + = 1. 
a 


[The (110) plane could equally well have been 
chosen as the plane in the austenite which becomes 
the twin plane after transformation. In this case 
the vector d would have components (b, b, a). This 
choice gives a crystallographically equivalent solu- 
tion.] Now a point on the twin plane can be asso- 
ciated either with region 1 or region 2 and there- 
fore the vector d goes into the same vector d’ as a 
result of distortion M, applied to region 1 or dis- 
tortion M, applied to region 2. This fact and the re- 
quirement that d shall lie in the habit plane allows 
a and b to be evaluated since the vector d must re- 
main unchanged in magnitude when subjected to 
either of the distortions M, or M,. The distortion 
applied to region 1 is M, = %,T,. Therefore 


d’ = M,-d *,T,-d 
and 


(T,-d) = (T,-d)’*. 


(T,-d)* »,* 


Now 


Therefore 
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| 
» 9 
T, = 0 Ne 0 
whare 
» —1 


da” = + + ma’. 
Then, since d’ lies in the habit plane, 
= a’ 
+ b* + = 2b° + a’. 
This equation and the normalization condition a’ + 
2b* = 1 determine a and b to be 


and thus the intersection of the twin and habit 
planes is given by 


ne 
—% 
Since this vector lies in the habit plane, it must 


remain unchanged in magnitude as a result of the 
total distortion E, i.e., 


26 
[26] 


== a’ 
where 
d’ = E-d. 
From Eq. 14 
E = 


and 
(E-d)*? -d)*= d* -d 
= d* -rF/r*-d. 


Therefore 


d* -rF,1*-d = 
and substitution from Eqs. 22 and 26 yields 


o'— cosy —siny 0 mn 0 0 
i siny cosy 0 0 10 
Ne 
{= o 1 0 0»: 


cosy siny 0 
— 


[2 — — 


This equation yields the result that 


—siny cosy 0 


2siny cosy = A [27] 


(n* —1) (1 — 
mn 


[28] 


where A = 
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1 
cos*y = (1 + A’) [29] 
1 
sin'y = (1— — 4’). [30] 
The habit plane normal is then given by 
cosy —siny 0 K 
n=I-n,= | siny 0 
|! 
Kcosy 
K 31 
V1 + [31] 


where 


\- 
m —1 


If h, k, are the direction cosines of 
the habit plane normal, then by substitution in Eq. 
31 the direction cosines relative to austenite axes 
are expressed explicitly in terms of », and »,. Then 


a = 

where 
1 + — —™ ) 

h= > (32) 
2m | ) 

2m | i-® 


Thus the criterion that the habit plane is a plane 
of zero net distortion in a banded twin-related mar- 
tensite structure has permitted the habit plane di- 
rection cosines to be expressed as an explicit func- 
tion of the austenite and martensite lattice para- 
meters. This treatment gives the result that the 
habit plane is irrational. 

Evaluation of the Relative Amounts of the Twins: 
In the previous section, the rotation matrix f which 
diagonalizes F, was determined as a function of », 
and »,. F, can now be determined. From Eqs. 11 
and 22 


F, = rF, 
cosy —siny 0 
0 


—siny cosy 0 
0 0 1 


—siny cosy(1—n.) 0 
mm sin*y+cos*y 0} [35] 
0 


COS*y + sin*y 
—siny 
0 


The rotation matrix ¥ was defined as one such that 
F= vF,. 
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and whereby 
h Me 
b 2 
— 
— 
1 | 
l [34] 
™ 1—» 
V2a c 
a, a, 
—1 
0 0 
1 0 
0 


where S is the projection of the displacement S” 
C (see Fig. 4) on the habit plane, and \,A, is the ratio of 
the volumes. The matrix E, is related to E by a sim- 
ilarity transformation. 

S is easily evaluated by consideration of Fig. 4 
which indicates the result of the transformation on 
a unit normal to the habit plane n,. From the figure, 


Fig. 4—Simple shear on the habit plane plus an extension, 
hLJcm@ 1 ny equal to the volume change, in the direction of 
the habit plane normal. ABCD is transformed to AB’C’D. 


Inspection of F (Eq. 10) and F, (Eq. 35) indicates 
that ¥ must be of the form 


—sinw O 
v¥=]| cosy 0 [37] 
0 0 1 


The substitution of Eqs. 10, 35, and 37 in Eq. 36 
yields four equations (not all independent) from 
which the angle of rotation ¥ and x may be evaluated. 
In this way it is found that 


) 
2 ne 


[38] 


1) (1 — 

1 ™ 
Eq. 38 shows that there are two solutions for the 
relative amounts of the two twins: one solution 
giving x of twin 1 and (1 —~2) of twin 2 and vice 
versa for the other solution. These two possibilities 
yield two crystallographically equivalent solutions. 
In what follows, let x take on the larger of the two 
values given by Eq. 38. This means (from Eq. 4) 
that the variant chosen specifies a larger amount of 
twin 2 than twin 1. 

Determination of Magnitude and Direction of the 
Average Shear: A fundamental point in this analy- 
sis is that as a result of the transformation, there is 
one plane (the habit plane) which has the property 
that, 1—it does not rotate, and 2—no line in the 
plane undergoes extension or contraction. This 
means that the habit plane is one on which simple 
shear occurs plus extension in a direction perpen- 
dicular to the habit plane to account for the ob- 
served increase in volume. Because of this exten- 
sion, the direction of motion is not in the undis- 
torted plane. 

It follows then that the total distortion matrix, 
expressed with respect to a system of axes, X., Yo, 
z,, with x, in the direction of shear and z, along the 
habit plane normal, will take the form 


1 0-S 
E, Rem 
0 O AA 


where A = 
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= + [39] 


where n,’ = E,-n,. The magnitude of a vector is the 

same no matter what system of axes it is referred 

to. Therefore 

= |E-n/". 

But from Eq. 14 
E-n = *,VrF,r*-n 


n*-I F,* v rF, r*-n 


=n*-rF,*F,r*-n 
= (f*-n)* F,* F, (T-n) 
=n,"-F,* Fy-n, 


= (F,-n,)’. 
Then 
= 


which gives (from Eqs. 22 and 24) 


= + K* A’) 


1 + K* 


1—,,’ 
where K = i 
—1 


Substitution in Eq. 39 yields 
S = VQ*—-1) (1-2). [40] 


The direction of s can be calculated by consider- 
ing the pure distortion, F,, and the habit plane nor- 
mal, n,, both expressed in the x,, y., 2, system (Eqs. 
22 and 24). The form of F, shows that a line in the 
y. direction remains undistorted as a result of this 
pure distortion and an inspection of n, indicates 
that the y, axis lies in the habit plane and is there- 
fore not rotated by the transformation. It follows 
then that the y, axis is perpendicular to the shear 
direction and that the shear direction in the x., y., 


z, system is given by 
1 
\V/1 + K* K 


With respect to the austenite axes, the shear direc- 
tion s is 


S =m X Ys = 


t 1 —cosy 
and the corresponding shear angle is given by 
tan é@= S. 


Also from Fig. 4 and Eqs. 40 and 41, 


S” = + — 1)? [42] 


[43] 


= = [Ss + (AA, — 1)n] 
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‘ 
” 
5 
/ 
| | 
| HABIT P 
! 
s 
i + ( 
1 + + 
siny = —— 
| 


which becomes when normalized, 


1 {—US—KQaa, — 1)] cosy 
— [S — K(,A,, — 1) ] siny 


N (A: — 1) + SK 
where 
(Ai— (A? — 
| 
A’ —1 
S = 
Also 
1—,,’ 
tan 6” = —— = vs ) [44] 


AiAs AAs 


Orientation Relationships: The orientation rela- 
tionships between the austenite and each of the 
martensite twins depend upon the distortions to 
which each twin region is subjected separately, i.e., 


M, = [45] 
and 
M, = =?,9T, . [46] 
The only matrix as yet undetermined here is *%,, and 
#, can be evaluated by applying the condition that 
a vector, v, in the habit plane remains unchanged 
as a result of the total distortion, E. For such vectors 
then 
E-v = #,F-v=v 
or 
F-v = %,*v. [47] 
Three vectors in the habit plane can easily be ob- 
tained by taking the cross-products of n and unit 
vectors along the x, y, and z axes. These become 


By substitution of v,, v., and v, in Eq. 47, nine equa- 
tions (only six of which are independent) are ob- 
tained for the nine elements of #,; however three 
additional relations are supplied by the normaliza- 
tion conditions, e.g., 


so that the nine elements of #, can be determined. 

The separate distortions M, and M, of twins 1 and 
2 can then be evaluated by substitution of %,, #, T,, 
and T, in Eqs. 45 and 46. The directions of the mar- 
tensite axes for each twin are determined by apply- 
ing M, and M, to the appropriate cube edge and face 
diagonal directions in the austenite. These six equa- 


tions are: 


* 
|Pon|s 
2 


TRANSACTIONS AIME 


Ay 
2 
0 
Yu. = M,: 2 
dy 
2 Bus 


where a’s and f’s are direction cosines. Thus, given 
a vector r, expressed with respect to austenite axes, 
this same vector expressed with respect to marten- 
site axes in the two twin regions is given by 


a Ay Ay 

= A-r, = Qn Ge 
Ay 
Bu Be Bu 

and = B-r,= Bu Bu Bex 
| Ba Bu | 


The matrices A and B then serve to define the orien- 
tation relationships. 

Multiplicity of the Solutions: This analysis yields 
24 crystallographically equivalent solutions for the 
direction of the habit plane normal relative to aus- 
tenite axes and for the orientation relationship be- 
tween the austenite axes and each of the twin mar- 
tensite axes. For the case under consideration, this 
is the number of crystallographically equivalent 
planes for a plane whose indices are unequal and 
non-zero. In terms of the above development the 
multiplicity of 24 can be seen in the following way: 
Assume at the outset that the two twin martensite 
regions are distinguished by specifying that a small- 
er amount of twin 1 be formed than twin 2. There 
are three ways of specifying the Bain distortion for 
twin 1, i.e., the contraction axis may be any one of 
the three austenite cube edge directions, which 
leaves either of two contraction axes for the Bain 
distortion of twin 2. Thus there are six choices of 
pairs of twins. For each of these cases, either of the 
two perpendicular face diagonal planes which bi- 
sect the two contraction axes [e.g., (110) or (110) 
for contraction axes x and y] can be chosen as the 
plane in the austenite which becomes the twin plane 
separating the martensite twins. There are thus 12 
choices. Another choice is between the two solu- 
tions of Eq. 21 (A, = 1) 


24 


= +K 


La 


which determine the habit plane. Each of the 
choices consicered above leads to a different habit 
plane and orientation relationship and thus the so- 
lution has a multiplicity of 24. 
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Fig. 5—View on the (101) martensite plane. Directions are 
with respect to martensite axes. x and y refer to the austen- 
ite axes from which the indicated directions are derived. 


In the detailed mathematical analysis, alternate 
forms of certain of the matrices may be used. (For ex- 
ample, Eq. 27 is equally well satisfied when the values 
of sin’y and cos’y in Eqs. 29 and 30 are interchanged. ) 
However this type of change yields the same solu- 
tion as one of those already considered. The par- 
ticular variant used in this development was chosen 
so that the orientation relationship between the 
austenite axes and martensite axes for one of the 
twins corresponds to that which has been most fre- 
quently treated in the literature.’ 

Existence of the Solutions: The proof of the exis- 
tence of a plane of zero average distortion in the 
martensite, for a critical value of relative twin 
thickness x, can now be stated simply. A solution 
of the sort that has been derived above will always 
exist providing », and »,, the components of the pure 
homogeneous transformation distortion matrix, have 
values such that the relative twin thickness x given 
by Eq. 38 has a real, positive value between zero and 
one. This requires that one of the »’s be less than 
unity and the other greater than unity, and that if 
» is greater than unity the sum of their squares be 
less than two (if », is less than unity, as in the case 
of indium-thallium, the sum of the squares of », and 
» must be greater than two). This condition is cer- 
tain to be satisfied by all iron-base alloys which 
undergo austenite-martensite reactions. 


Transformation by Single Bain Distortion 
Coupled with Slip 


In this section it will be demonstrated that, as far 
as macroscopic distortions are concerned, transfor- 
mation by twin-related Bain distortions is equiva- 
lent to transformation based upon a single Bain 
distortion coupled with slip. This equivalence can 
be seen qualitatively by a consideration of a fact 
mentioned earlier; namely, that a Bain distortion 
followed by the body-centered cubic or body-cen- 
tered tetragonal mechanical twinning shear (shear 
on a (121) plane in [111] direction) can give an- 
other Bain distortion with a different (twin-relat- 
ed) choice of axes. Imagine region 2 of the previous 
section to be subjected to two distortions which 
produce equal and opposite macroscopic changes in 
shape. The first of these is a “detwinning” shear on 
the (121) plane in the [111] direction which con- 
verts the martensite to a single crystal and the sec- 
ond is slip on the same plane, the macroscopic effect 
of which is to produce a shear with the same ele- 
ments but of opposite sign. In this way the system 
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of distortions in which regions 1 and 2 undergo 
twin-related Bain distortions may be replaced by 
one in which regions 1 and 2 are subjected to the 
same Bain distortion coupled with slip in region 2. 
In this case, it makes no macroscopic difference if 
only a fraction x of the material undergoes slip (in 
analogy to the analysis of the previous section) or 
if the slip is distributed over the whole marten- 
site region with a correspondingly larger average 
distance between slip lines. This latter alternative 
describes a transformation by a single Bain distor- 
tion coupled with slip and thus demonstrates the 
macroscopic equivalence stated above. 

A quantitative description of this equivalence is 
obtained from a consideration of the matrices which 
describe the slip-product distortion. Consider the 
austenite to undergo the Bain distortion 


m 0 O 
«8 [48] 
0 0 ™ 


and a slip shear G of amount g on the (121), plane 
in the [111], direction. It is seen from Fig. 5 that 
the matrix G with respect to austenite axes is 
given by 


1 0O 
G=0 0 1 0; a* 
0 0 1 
where 
cos@ sinw 
a= —sinw cosw 0 
0 0 1 
and cos w and sin 
This gives 
+ 
G = 2 Ne [49] 
g g 0 
+ 
0 0 


The quantity analogous to F of the previous sec- 
tion is 


Table |. Calculation of Habit Plane 


Direction 


v2a c of Habit 
ay ae Normal 


= 


RS 
= 


1.1372 


1.1084 0.8465 


1.00 1.05 1.1409 0.8067 


= 


1.1120 0.8492 


299 292 S299 S292 
3 
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hoi 
! 
! 
> 
Cosines 
2a*c 
r= Vv 
a 
1.00 1.03 1.1336 0.8016 
1.08 1.03 1.1049 0.8438 
1.00 1.04 0.8041 
108 104 
108 108 


F GT, 
which becomes upon substitution of Eqs. 48 and 49 


Ne 
5) 
m + + 
+ + Ne 
0 0 


Now for closer comparison with the previous an- 
alysis, g may be replaced by the parameter f where 


f [51] 


Eq. 50 then becomes 


Upon identifying f with the parameter x of the 
previous analysis, Eq. 52 is seen to be identical with 
Eq. 10. The total distortion is then given by *, F, 
where F is the same as in the twin-product analysis. 

From this equality it follows that the mathemati- 
cal problem in this case is identical with that of the 
twin-product analysis and that there is a marked 
parallelism in the physical interpretation of the 
results. In particular Eqs. 32, 33, and 34 give the 
direction cosines of the habit plane normal. It fol- 
lows from Eqs. 38 and 51 that the amount of slip 
shear g necessary for a plane of zero distortion is 
given by 


| 1 l (1 ) ) 
g= — + -A’ } [53] 
where 
1 — 


The expressions given in the section on determina- 
tion of magnitude and direction of the average shear 
are equally valid for this analysis. As regards the 
orientation relationship, for each of the 24 variants 
of the habit plane there are two possible orientation 
relationships between the austenite and the single 
crystal martensite. Since the slip distortion does 
not rotate crystallographic planes and directions, 
the orientation relationship is obtained by deter- 
mining the relation between the austenite axis di- 
rections and the directions to which these transform 
as a result of the distortion #,T,. By way of com- 
parison, it should be pointed out that the two orien- 
tation relationships for each habit plane are identi- 
cal with the orientation relationships which the two 
twin regions of the previous analysis bear to the 
parent austenite for the same habit plane. 


Comparison with Experimental Results 


In this section predictions of the proposed theory 
are compared with the experimental observations 
that have been made by other investigators.” The- 
oretical calculations of the habit plane were made 
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Fig. 6—Stereographic plot of the habit planes listed in Table 
1. Lines of constant volume ratio: A-1.03, B-1.04, C-1.05; 
lines of constant axial ratio: 1-1.00, 2-1.08. 


for a range of volume ratios, V, from 1.03 to 1.05 
and for a range of c/a ratios, r, from 1.00 to 1.08. 
This range of values includes those appropriate for 
all the iron-base nickel and carbon alloys that have 
been investigated in connection with the austenite- 
martensite transformation. It is seen that the habit 
plane is relatively insensitive to the particular 
values of V and r (and hence of the lattice para- 
meters) that are used. The habit planes listed in 
the last column of Table I are plotted on the stereo- 
graphic triangle of Fig. 6. The region in which the 
theoretically calculated habit planes fall is delin- 
eated by the grid of lines of constant volume ratio 
and c/a ratio. This grid is reproduced in Fig. 7 for 
comparison with the experimental results of Gren- 
inger and Troiano” on iron-nickel alloys with 32.5 
pet Ni. In this case the agreement between the cal- 
culated and observed habit plane orientations is ex- 
cellent. The scatter in the experimental data is in 
fact appreciably greater than the total range of cal- 
culated values for all the axial ratios and volume 
ratios considered, which cluster about the austenite 
plane (3, 10, 15). For some other alloys the ob- 
served habit planes correspond more nearly to the 


(3, 10,15) e 


Fig. 7—Stereographic plot of habit planes. Grid delineates 
planes predicted by the theory. Solid dots are the observed 
planes of Greninger and Troiano (Fe-Ni, 32.5 pct Ni, ref. 8). 
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Fig. 8—Stereographic plot of the calculated orientation rela- 
tionship. © martensite axes for twin 1, © martensite axes for 


twin 2, rs habit plane. Diagonal line is the trace of the twin 
plane. For the slip-product analysis, © and © are the two 
single crystal martensite orientations corresponding to the 
indicated habit plane. Plane of projection is the austenite 
(001). 


plane (259), which differs by almost 5° in orienta- 
tion from the (3, 10, 15). A possible reason for this 
discrepancy may lie in the fact that the actual mar- 
tensite plates are imbedded in the austenite crystal 
and therefore are subject to two constraints which 
have not been taken into account in these theoreti- 
cal calculations. These additional constraints are, 
1—the interference with the volume expansion of 
the martensite plate, which is about 5 pct less dense 
than austenite, and 2—the interference with the 
macroscopic average shear of the plate. Both of 
these are second-order effects compared with the 
effect which has been taken into account, which is 
the “fitting” of the martensite plate to the austenite 
at the interface parallel to the plane of the plate. 
To the approximation that the plate is negligibly 
thin compared with its lateral dimensions these two 
additional constraints vanish, whereas the one con- 
sidered does not. Nonetheless, since actual marten- 
site plates do have a finite thickness, it is not unex- 
pected that small systematic discrepancies between 
calculations and observations are found. An under- 
standing of why the discrepancies are larger for 
some steels than for others must await an analysis 
of the effects of these additional constraints. 

In some steels, notably the low alloy steels which 
contain less than 1.4 pet C, the martensite habit 
plane has been established experimentally as being 
approximately (225). In these cases it may be that 
the volume and shear restraints lead to a drastic 
change in the apparent habit because they favor the 
formation of martensite plates with a more complex 
structure than those considered above. Such struc- 
tures might consist, for example, of two or more of 
the 24 variants that have been calculated, which 
form in some interlocking manner and lead to an 
apparent habit plane which is some sort of an aver- 
age of those appropriate for the individual plates. 
Possibly the fact that the normal to the (225) plane 
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very nearly bisects the angle between the normals 
to the (259) and (529) planes is related to a phe- 
nomenon of this kind. 

A second important basis for comparison with 
experiment is the orientation relationship between 
axes in the austenite and martensite. Two orienta- 
tion relationships, the Kurdjumov-Sachs’® and the 
Nishiyama,” represent extremes of the relationships 
which have been observed. These can be described 
respectively by: 


(111), || (101). 
and 


[110], || [111], [121], || [101],. 


Greninger and Troiano’ made precision measure- 
ments on a Fe-Ni-C (22 pct Ni, 0.8 pct C) alloy in 
order to determine the habit plane, the orientation 
relationships, and the magnitude and direction of 
shear. A summary of their experimental results is 
found in Table II. The theoretical values listed in 
Table II were calculated using the values (a, = 
3.592A, a = 2.845A, c/a = 1.045) of the lattice para- 
meters given in Greninger and Troiano’s paper. 
The calculated orientation relationship is also 
presented in the stereographic plot of Fig. 8. It is 
found that the (101) martensite plane in both twins 
makes an angle of 15 minutes of are with (111),. 
Furthermore, the [111] direction in both twins is 3° 
from [110] in the austenite. Thus the orientation 
relationship between each of the martensite twin 
regions and the austenite may be said to be approx- 
imately that of Kurdjumov and Sachs. The com- 
parison in Table II between the theoretically deter- 
mined orientation relationship and that observed by 
Greningér and Troiano is seen to be quite good. 
The calculations yield a different sort of result for 
the Nishiyama relation. Here it is found that [101]~», 
is 7°37’ from [121] and [101]y, is 1°43’ from [211}«. 
Since here the orientation relationship involves two 
different austenite directions and since the sum of 
the angular discrepancies is somewhat larger in the 


(111). || (101). 


Table Il. of and Theoretical Results 


Experimental 


This 
Habit plane 10 0.5472 0.5691 
3 = ( 0.1642 ( 0.1783 
15 0.8208 0.8027 
Orientation || (101) y (1411), 15’ from 
relationship to within 1° (101) m,, My 
(110]4 2%* from {110) 3° from 
(111) (111 
Shear anglet 7 = 10.66° @” = 10.33° 
10.71° 
Shear direction? 0.7315 0.7660 
0.3828 ( 0.2400 
0.5642 0.5964 


* / 0.5691 10 
(0.1789 is 1°49’ from ( 3) 
0.8027 


+ In ref. 8, the average of 12 measurements of shear angle ‘each 
+2°) is given as y. = 10.75*. The angle 7, where tan y = 


Ye 
2 tan = (see Fig. 9, ref. 8), corresponds more closely to our 


angles @ or 6”. Both # and 4” are given above because, al- 
though the input data for the calculation of the shear angle in 
ref. 8 was the martensite relief which involves an expansion 
perpendicular to the plane of shear, this expansion was not in- 
cluded in the first shear in the analysis of experimental results. 


t The angle between the experimental and observed shear direc- 
tions is 8.6°. The accuracy of an individual measurement of 
shear direction is +10°, although the spread in observed direc- 
tions is about 30° (see ref. 8). 
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Nishiyama case, it seems advisable to use the Kurd- 
jumov-Sachs relation as a rational approximation to 
the actual irrational orientation relation. Further- 
more the Kurdjumov-Sachs relation has the proper 
multiplicity of 24, whereas the Nishiyama relation 
has a multiplicity of only 12. 

Table II also includes a comparison of the angles 
and directions of shear obtained experimentally* 
with those calculated from this analysis. Greninger 
and Troiano analyzed observed relief effects from 
the point of view of a two stage process, the first 
being a homogeneous shear on the habit plane and 
the second a macroscopically heterogeneous shear 
required to give the final structure. Their first shear 
does not quite correspond to our total distortion be- 
cause of the fact that, in computing the elements of 
their first shear, they did not include the expansion 
perpendicular to the habit plane that accounts for 
the change in volume. For this reason, both @ and @” 
(Fig. 4) are included in Table II. The effect of this 
expansion on the angle of shear is small and the 
agreement is seen to be excellent. The experimental 
direction of shear in Table II was computed from 
Fig. 6 of ref. 8, using a direction in the center of 
those indicated on the stereographic projection. Be- 
cause of the experimental difficulties involved in 
the measurement of shear direction, each measured 
shear is accurate to only +10° and there is consid- 
erable scatter in the observed directions. The direc- 
tion s (Fig. 4) is used for comparison with Greninger 
and Troiano’s direction of shear and the agreement 
is within experimental error. 

On the basis of the experimental information 
available at present, it is impossible to decide with 
certainty whether it is the twinned product or the 
slipped product that forms in the austenite-mar- 
tensite transformation of iron-base alloys. Desch” 
has made the observation that the fine lines which 
have appeared on high magnification micrographs 
of martensite plates may be evidence of twins. The 
possibility that martensite is twinned has also been 
suggested by Geisler.” However the final answer 
to this question awaits further metallographic and 
X-ray investigation of the martensite product. 


Application to Other Systems 

The ideas upon which this theory is based were 
first conceived during recent studies on the indium- 
thallium system, then developed for the gold- 
cadmium system and the austenite-martensite trans- 
formation. The theory successfully describes the 
face-centered cubic to twinned face-centered tetra- 
gonal transformation in the alloy indium-thallium 
(18 to 23 atomic pct Tl) in which the habit plane 
was found to be <1° from the observed (110).” The 
AuCd alloy (47% atomic pct Cd) undergoes a dif- 
fusionless phase change from body-centered cubic to 
twinned orthorhombic” ” and although the analysis 
is more complex, the theory adequately describes 
the mechanism. The calculated habit plane was found 
to be <1° from the observed (331) and well within 
experimental error.” 


Conclusions 

A theory of the formation of martensite is pro- 
posed which permits calculation of the observed 
crystallographic features of the transformation. The 
calculations are based on the knowledge that the 
transformation distortion is inhomogeneous and two 
types of inhomogeneity are considered. The habit 
plane, the orientation relationships, and the shear 
are derived as functions only of the lattice para- 
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meters of the two phases and calculated values 
agree well with the results of experiment. The pre- 
dicted habit plane and orientation relationship are 
both irrational as has been observed. 
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Diffusionless Phase Change in the Indium-Thallium System 


Burkart and T. A. Read 


The crystal geometry of the cubic-tetragonal interface after 
portial transformation of an indium-thallium alloy single crystal 
is described and a general theory is presented. The effects of ap- 
plied stresses on this transformation are interpreted and the latent 
heat of transformation is obtained from observations of transforma- 


tion under stress. 


DIFF USIONLESS phase transformation between 

face-centered cubic and face-centered tetragonal 
structures has been reported for the indium-thallium 
system by Bowles, Barrett, and Guttman.’ * The 
transformation takes place at approximately 105°C 
at 18 atomic pet Tl and 25°C at 23 pct Tl. In their 
study, Bowles, Barrett, and Guttman used poly- 
crystalline samples whereas in the present study 
single crystals were used to eliminate the trans- 
formation constraints imposed by adjoining grains. 
The use of single crystals made possible a compre- 
hensive study of the effect of stress on the trans- 
formation. In the course of the work, it was pos- 
sible to formulate a new method of analyzing dif- 
fusionless transformations (presented in this paper) 
which permits calculation of the geometry of the 
interphase interface from a knowledge of the crys- 
tal structures of the initial and final phases. 

The specimens were prepared from chemically 
pure thallium and 99.97 pct In which were weighed 
out to produce 3 to 4 grams of alloy of the desired 
concentration. The metal was placed in clean fused 
silica tubing, then melted, degassed and sealed under 
vacuum. (To obtain single crystals, it was found 
that both degassing and extreme cleanliness were 
essential.) Single-crystal specimens were grown by 
a modified Bridgman technique." Specimens were 
removed from the tube by dissolving the quartz in 
concentrated hydrofluoric acid which attacks the 
specimen very slowly. The specimen then was 
polished mechanically to produce four flat surfaces, 
electropolished, and annealed at 140°C for 48 hr. 
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The electropolishing solution used was that de- 
scribed by Bowles, Barrett, and Guttman and the 
polishing was carried out on both the high and low 
temperature phases of the alloy. The high tempera- 
ture polishing was done at 110°C with a stainless 
steel cathode. 


Visual Observation of the Transformation 
in Single Crystals 

A visual study of the transformation was made 
on specimens which had been electropolished in the 
high temperature phase. The specimens were sup- 
ported on the stage of a metallograph by an elec- 
trically heated holder which contained an opening 
for observing the specimen. Visual evidence of trans- 
formation was found in the presence of an interface 
which separated the two phases. The interface plane 
defines the boundary of the phase undergoing trans- 
formation and manifests itself by the sharp change 
in angle between the surface of the specimen and 
the incident light at the juncture of the two phases. 
On slow cooling, well-annealed specimens trans- 
formed from the face-centered cubic structure to 
the face-centered tetragonal structure by the motion 
of a single plane interface which traversed the 
specimen from one end to the other. Upon heating, 
the interface moved back in the reverse direction. 

The interface could be started, stopped, or re- 
versed at will. A temperature hysteresis of about 
342°C was observed in the reversal of the interface. 
Holding an interface stationary caused it to dis- 
appear completely in most cases, whereas in other 
instances the interface became less distinct depend- 
ing upon its orientation. The interface could be 
made to reappear by changing the temperature of 
the specimen. The low temperature tetragonal struc- 
ture exhibits only the fine markings or subbands 
reported by Bowles, Barrett, and Guttman and is 
illustrated in Fig. 1. These subbands are twin- 
related. Back-reflection Laue patterns show the 
breakup of the cubic spots into pairs of spots cor- 
responding to the twin orientations of the tetragonal 
phase. 
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Fig. 1—Twinned structure after single interface transformation of 
an In-TI alloy. X200. Area reduced approximately 50 pct for re- 


production. 


The plane of the interface was determined from 
its traces on two sides of the specimen and the speci- 
men’s orientation. In all cases the interface plane 
was approximately a {110} plane of the cubic phase; 
that is, the pole of the interface plane was within 
1° of the {110} pole. It was found that a specimen 
could transform by any one of the six different {110} 
interfaces. The selection of the interface is deter- 
mined by the temperature gradient and stress dis- 
tribution within the specimen. Once the specimen 
has transformed by a given interface it will tend 
to undergo all subsequent transformations by the 
same interface. A change from one interface to an- 
other could be achieved by heating the specimen 
in such a manner as to cause rapid and violent 
motion of the interface. In all cases back-reflection 
Laue patterns obtained at a 3 cm specimen to film 
distance showed the high temperature cubic phase 
to be a single crystal. 

The specimens were also observed to transform 
by the motion of two interfaces, usually intersecting 
in the form of an X as shown in Fig. 2. In the case 
of multiple interface transformation both interfaces 
cannot simultaneously represent a boundary be- 
tween the cubic and tetragonal phases. Portions of 
each interface may simultaneously define the bound- 
ary or only one of the interfaces may do so, while 
the other interface represents the boundary be- 
tween variously oriented tetragonal structures. 

The two interfaces may traverse the specimen 
with motions independent of each other. Trans- 
formation by crossed interfaces seems to occur when 
the specimen is bent, mishandled, or subjected to 
violent transformation upon heating. After the speci- 
men has transformed a few times by means of an X 
interface, it is somewhat difficult to make the trans- 
formation revert to the single interface type, al- 
though it is relatively easy to change the planes 
making up the crossed interface. As with the single 
interface, the specimen can transform on cooling 
from the face-centered cubic to the face-centered 
tetragonal structure by means of a given set of 
crossed interfaces; and then, on heating, transform 
back to the cubic by a crossed interface which may 
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contain none, one, or both of the interfaces observed 
on cooling. The specimen can also transform by 
a single interface in one direction and a double inter- 
face in the reverse direction. In all cases the planes 
defining the crossed interfaces are approximately of 
the form {110}. Furthermore, any combination of 
these planes can form an X interface, regardless of 
whether they were at 60° or 90° to each other. Back- 
reflection Laue patterns of the low temperature 
phase show that as a result of X transformation the 
pairs of spots characteristic of single interface trans- 
formation are broken up into clusters of spots de- 
noting a variety of orientations. After subsequent 
single interface transformation it was not possible 
to return to a diffraction pattern yielding spot pairs, 
although the number of spots in a cluster was re- 
duced. This could be achieved, however, by anneal- 
ing for a few hours at 130°C. 


Analysis of Transformation 

When a single crystal of the cubic phase was 
transformed by cooling without the application of 
stress, the low temperature tetragonal phase always 
consisted of a banded twin aggregate. This observa- 
tion can be rationalized on the basis of a considera- 
tion of the structural difference between the two 
phases. It is not possible to have a coherent inter- 
face between two single crystals of these phases 
without severe elastic strain over appreciable dis- 
tances from the interface between them. The misfit 
strain between the two phases can be minimized, 
however, if the tetragonal phase is twinned so that 
the sign of the strain changes from twin to twin. It 
will be shown that there exists a unique interface 
plane between the cubic crystal and the array of 
tetragonal twins such that, for an appropriate ratio 
of twin thicknesses, the average misfit strain is zero. 

An experiment was performed to determine 
whether the requirement of minimum interfacial 
strain was a necessary condition to be fulfilled by 
the resulting microstructure. A single crystal of the 
low temperature tetragonal phase was obtained by 
straining the specimen to eliminate one of the twin 
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Fig. 3—Structure after partly transforming tetragonal crystal to the 
cubic phase followed by cooling. X200. Area reduced approximately 
50 pct for reproduction. 


orientations. This was done by first annealing the 
specimen in the cubic phase to obliterate the pre- 
vious transformation history, and then cooling the 
specimen through the transformation under stress. 
After this treatment the specimen remains a low 
temperature phase single crystal even when the 
stress is removed. The crystal then was heated until 
it had partly transformed to the cubic structure and 
then was cooled back to the tetragonal. If the re- 
quirement of minimum interfacial strain was not 
necessary, no markings or twinning would be ex- 
pected in the single-crystal tetragonal region which 
had not undergone transformation. It was observed, 
however, that this region was no longer a single 
crystal but consisted of a banded twin structure. 
Fig. 3 illustrates the microstructure observed. The 
region to the left of the interface had been single- 
crystal tetragonal and the region to the right cubic 
before cooling. 

On the basis of the preceding observations, it is 
seen that the specimen transforms heterogeneously 
in order to minimize the strain at the interface be- 
tween the two phases. Each twin, however, repre- 
sents a region homogeneously transformed from the 
cubic phase. It has been found’* that after trans- 
formation one of the cube edges is increased in 
length by 2« and the other two decreased by «. Thus 
within each twin crystal the net effect of trans- 
formation is an increase in length along one of the 
crystallographic axes and a decrease in length along 
the other two. The maximum displacement of an 
atom relative to its nearest neighbor is approxi- 
mately 1 pct of the interatomic spacing. Thus 
throughout the twin crystal, nearest neighbor rela- 
tionships are maintained and there is a one-to-one 
correspondence between the positions of the atoms 
in the face-centered cubic and face-centered tetra- 
gonal lattices after transformation. There are then 
only three possible choices for the tetragonal axis 
depending upon which cube axis becomes a ¢ axis 
of the tetragonal structure. Within each twin, the 
transformation may then be described in terms of 
a pure distortion of the cubic structure. 

According to the analysis of transformation pre- 
sented in this paper, the habit plane is a plane of 
zero average strain. It should then be possible to 
calculate both the habit plane and the relative 
amounts of the variously oriented structures from 
the lattice parameters of the two phases. When the 
transformation occurs by the motion of a single 
interface separating the two phases, a single crystal 
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of the transformation product is never produced 
from a single crystal of the parent phase. In the 
case of indium-thallium a twinned tetragonal struc- 
ture is formed in which each tetragonal twin results 
from an extension of one of the cube axes by an 
amount 2« and a contraction of « along the other 
two. 

The transformation strain to produce one of the 
twins resulting from contractions along the x and y 
axes and expansion along the z axis, that is, 


= 2e, 


may be written in matrix notation as 


—« 00 
0—e 0 
0 O 2 


Similarly, the strain matrix representing transfor- 
mation to the other twinned orientation is 


0 2 
00 


The average strain for the transformation to the 
twinned structure is then 


0 
0 0—e 


00 
x 0 0 
0 O 2 


+ (1— 2) 


where zx is the volume fraction of one of the twin 
orientations. These expressions are only approxi- 
mate, since the relative rotation necessary to insure 
coherent twins has been neglected. The exact ex- 
pression is derived in ref. 4. In the indium-thallium 
case, the difference between the exact and approxi- 
mate treatments is negligible and hence the simpli- 
fied expression will be used. In order to find a plane 
of zero average strain one of the average principal 
strains must be made to vanish. This can be accom- 
plished by selecting the proper proportions of the 
two orientations. The average strain may be written 


—€ 0 0 
O 2e—3ex 0 
0 0 —e+ 3ex 


The value of the determinant of this matrix is equal 
to the product of its diagonal elements, which must 
be zero if one of the principal strains is zero. The 
values of x which will make the determinant zero 
are 1/3 and 2/3. Taking x = 1/3, the resulting 
average strain matrix is 


—e 
0 
0 


The plane of zero average strain would then be 
parallel to the z direction and bisect the angle be- 
tween the x and y axes. This is the (110) plane and 
is the habit plane for the transformation. The habit 
plane and resulting transformation products are 
shown in Fig. 4. The increase in length along a [110] 
diagonal in going from a cube to a tetragonal twin 
with a c-a diagonal is 2ae which is one-half the de- 
crease in length going to an a-a diagonal. The aver- 
age strain along the [110] direction can then be 
made equal to zero if there are twice as many c-a 
diagonals parallel to it as there are a-a diagonals. 
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Furthermore, with the particular twinning plane 
chosen, the average strain in the [001] direction 90° 
to the (110) is also zero since in this direction there 
are twice as many tetragonal axes parallel to it that 
have undergone a contraction of « as there are axes 
which have extended 2e. 

The structural arrangement presented above was 
verified dilatometrically. The change in length on 
transformation was measured using a dilatometer 
with the specimen loaded in tension. The effect of 
the tensile loading is to favor the orientation of the 
twins having their c axes most nearly parallel to the 
axis of tension, thus giving the maximum change in 
length of the specimen. The transformation strain 
in a specimen having a [100] direction 5° from the 
axis of tension was observed to be one-half that re- 
quired to extend one of the cube axes to a c axis. 
This is exactly the transformation strain expected 
on the basis of zero average strain at the interface 
such that the volume of twins with c axes parallel 
to the axis of tension is twice the volume with a 
axes parallel to it. 

As mentioned previously the strain matrices used 
were those to produce twins having parallel axes. 
The effect of including the small relative rotation 
of the twins would yield an irrational habit plane 
whose orientation is slightly different from the (110). 
This exact calculation, which has been published,‘ 
yields the following expressions for the habit plane 
indices (hkl): 


1 — — +9 — 2) 


h=— 


2m m —1 


2m: Ne 1 1 


1 i— 
m 


where 


m —1 


c 


and a, is the cubic lattice parameter and a and c are 
the tetragonal parameters. Values of these are given 
in ref. 1, which on substitution yield for the calcu- 
lated irrational habit plane indices (0.013, 0.993, 1). 
This plane differs from the reported (011) habit 
plane by 26 minutes of arc. 

After transformation from a single crystal of the 
high temperature phase in the indium-thallium and 
gold-cadmium systems, the polycrystalline product 
reverts to the single-crystal parent when the trans- 
formation is reversed. Those transformations re- 
sulting in a single crystal will be termed unique and 
those which may result in a polycrystalline structure 
non-unique. 

A reason for this behavior may be found in the 
consideration of the symmetry properties of the 
structures. If a crystal is transformed from one 
structure to another, the symmetry about any direc- 
tion in the structure may increase, decrease, or re- 
main unchanged. The symmetry about a direction 
may be determined by considering a row of atoms 
parallel to the direction in question. If, after trans- 
formation, the symmetry of lattice sites about the 
row of atoms is altered, the symmetry about this 
direction is changed. Thus in the austenite-mar- 
tensite reaction, for example, a cube edge of the 
austenite having four-fold symmetry becomes a 
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Fig. 4—Schematic representation of the structure at the interface 
between the high and low temperature phases. 


martensite face diagonal with two-fold symmetry 
and two austenite face diagonals of two-fold sym- 
metry become martensite cube edges having four- 
fold symmetry. If the symmetry decreases, more 
than one crystal may be produced, the maximum 
number dependent upon the loss of symmetry in- 
volved. If, however, the symmetry remains un- 
changed or is increased, no multiplicity of structures 
exists and a single-crystal transformation product 
will result. Thus in the indium-thallium alloys, for 
example, two of the cube axes having four-fold 
symmetry become, after transformation, tetragonal 
axes possessing two-fold symmetry. The third cube 
axis remains a four-fold axis of symmetry after 
transformation. As a result of the decrease in sym- 
metry, a multiplicity of tetragonal structures is pos- 
sible. If the transformation is reversed, the poly- 
crystalline tetragonal structure will revert to a single 
crystal. In this case there is no loss in symmetry 
and thus no multiplicity in the transformation. 

In the transformation concept presented thus far 
no indication has been given of the thickness of the 
tetragonal twins. For the total strain energy at the 
interface to be a minimum, the width of the twins 
would be expected to be of atomic dimensions. Ac- 
cording to Fig. 1, however, the lamellar spacing is 
approximately 5x10* cm. The observed spacing can 
be rationalized if the interfacial energy between the 
twins is taken into account. The total energy may 
then be written as the sum of the strain energy at 
the interface and the twin surface energy. If the 
depth of the strained area on each side of the inter- 
face is considered equal to the thickness of the twins 
according to St. Venant’s principle, the energy at 
the interface is approximately 


W=€YhtIsing sine 


where t is the thickness of the lamellae, h their 
average height and I their average length. Further- 
more, ¢« is the strain, Y the modulus of elasticity, y 
the twin boundary surface energy, and @ the angle 
between the lamellae and the interface of length I. 
Taking the derivative of W with respect to t, the 
total energy will be a minimum when the strain 
energy is equal to the twin interface energy. Using 
a strain of 1x10° and a modulus of 1x10" dynes per 
sq cm the twin interface energy y = (t’eY)/l is 
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found to be 2.5 ergs per sq cm. This compares with 
a value of 24 ergs per sq cm reported for the co- 
herent twin boundaries in copper.* 


Effect of Stress 

As a result of their work, Bowles, Barrett, and 
Guttman’ * concluded that the phase change is of 
the second order. This was based on their finding 
that the deviation of the volume from additivity 
with the addition of thallium was a continuous func- 
tion, at room temperature, over the region in which 
the phase change occurred. The conclusion however 
is subject to doubt. There was considerable scatter 
in the points defining the volume additivity curve 
and the change in volume on transformation is less 
than 0.1 pet and probably less than 0.03 pct." * In 
addition, plots of the lattice parameter vs composi- 
tion and temperature revealed a discontinuity at 
the transformation. 

It was found that the transformation could be 
easily followed by dilatometric means. The speci- 
men was cemented to a quartz tube (A) in contact 
with a thermocouple contained therein. This was 
then inserted into another quartz tube (B) of the 
same length, one end of which was sealed off and 
the other end fastened to a brass plate. The other 
end of the tube (A), which was fastened to the 
specimen, was in contact with an indicating dial 
gage mounted on the brass plate. The dilatometer 
is shown in Fig. 5. A curve of length vs temperature 
typical of the transformation is shown in Fig. 6. 
According to the figure a discontinuity in the length 
of the specimen occurs at the transformation tem- 
perature. The elongation at this point is 0.37 pct 
and the hysteresis between the transformation tem- 
peratures on heating and cooling is 3.7°C for a 
specimen whose [100] direction is 5° from the 
specimen axis. 
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By definition, a first-order phase change is one in 
which a first derivative of the Gibbs free energy 
is discontinuous over the phase change. Since the 
specimen length may be written as 


u-(—-), 


where F is the load on the specimen,* the face-cen- 
* This is the uniaxial compression analog of the familiar thermo- 
, as discussed in ref. 6. 


dynamic relation V =| -——— 


tered cubic to face-centered tetragonal transforma- 
tion in the indium-thallium alloys conforms to the 
definition of a first-order phase change. In Fig. 6 it 
may be seen that when the specimen is made to trans- 
form under load the transformation temperature is 
increased both on heating and cooling. The specimens 
were transformed under compressive loading, the 
load being applied to the top of the shaft running 
through the dial indicator in contact with the quartz 
rod to which the specimen was cemented. The trans- 
formation was observed over a range of compressive 
loads and the transformation temperatures deter- 
mined. These results are plotted in Fig. 7 showing the 
effect of load on transformation temperature. The line 
on the right corresponds to the transformation tem- 
perature on heating and on the left to the transfor- 
mation on cooling. As can be seen, the relationship 
between transformation temperature and applied 
load is linear and furthermore, the lines are parallel. 
The two lines may be considered to bracket the 
equilibrium temperature of the transformation. 
Since they are parallel the effect of load upon the 
equilibrium temperature is assumed to be the same 
as on the transformation temperatures plotted. On 
this basis a latent heat of the transformation was 
calculated using the Clausius-Clapeyron e uation 


1 de 
A=-—T € 
dT 


where o is the applied stress, « the transformation 
strain, p the density of the alloy, and T the tempera- 
ture of transformation in °K. The value for the la- 
tent heat obtained by this method is 2.66x10~ cal 
per gram. 

The strain «, and the slope do/dT of the transfor- 
mation temperature vs stress curve are functions of 
the orientation of the specimen with respect to the 
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Fig. 6—Typical curve illustrating change in length during trans- 
formation. Composition of specimen 20.7 pct TI. 
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Fig. 7—Effect of compressive loading on transformation tempera- 
ture for both heating and cooling. Composition of specimen 20.7 
pet TI. 


applied load. In addition, according to the Clausius- 
Clapeyron equation it would not be expected that 
the slope would be the same in both compression 
and in tension since the strain should be different in 
the two cases. In tension the transformation should 
be such that the twin orientations having their c 
axes most nearly parallel to the axis of tension will 
be favored, whereas in compression the a axes 
would be favored. If this did not occur, an elonga- 
tion of the specimen would take place when trans- 
forming from the cubic to the tetragonal phase 
under compressive loading, which is contrary to 
observation. 

The transformations under load were repeated 
with a specimen of the same orientation held in ten- 
sion. Fig. 8 illustrates the effect of tensile loading 
upon transformation temperature. The slope do/dT 
was 323 gram per sq cm per °C in tension compared 
to 680 gram per sq cm per °C in compression. With- 
in the accuracy of measurement, the value of the 
latent heat was the same in both cases. 

Since the application of stress to the specimen is 
found to increase the transformation temperature it 
may be possible, according to Figs. 6 through 8, to 
increase the load sufficiently so that the transforma- 
tion temperature, on cooling of the stressed speci- 
men, is above that of the transformation tempera- 
ture on heating of the unstressed specimen. Accord- 
ingly then it should be possible to transform the 
specimen isothermally from the face-centered cubic 
to the face-centered tetragonal phase and back 
again merely by the application and removal of a 
sufficient load. This was found to be the case in the 
indium-thallium system as shown in the load- 
elongation curves of Fig. 9. The transformation be- 
gins at the deviation from linearity in the curves 
and was carried out at 73° + 0.2°C. That the trans- 
formation had gone to completion was determined 
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by transforming the specimen under full load from 
the high temperature phase to the low temperature 
phase. The load was then removed and the speci- 
men reverted to the high temperature phase. Fur- 
ther heating produced no additional transformation. 
The same result was obtained when the procedure 
was carried out in the opposite direction. Subse- 
quent to these findings Reynolds and Bever' pub- 
lished a paper reporting a similar experiment in 
which they were able to induce a partial martensitic 
transformation in either direction in a brass alloy 
by the isothermal application of stress. It is believed 
that the results reported herein, on indium-thallium, 
constitute the only case known where it has been 
possible to induce complete transformation in either 
direction by the application and release of stress. 


Rubber-Like Behavior 

The application of stress to the low temperature 
tetragonal phase of the indium-thallium alloys was 
also studied. When the specimen is pulled in tension 
clicks can be heard; it is also possible to hear the 
typical twinning cry on bending the specimen. Un- 
der favorable surface and orientation conditions at 
room temperature, an interface may be seen which 
traverses the specimen upon the application and re- 
versal of stress. Furthermore, the specimen yields 
readily when bent until a certain strain is reached 
at which it becomes rigid. With the aid of the mi- 
croscope the surface of the specimen is seen to con- 
sist of the twinned bands as shown in Fig. 1. If the 
specimen is stressed while under microscopic exam- 
ination, one of the twin orientations is seen to 
disappear at the expense of the other. This change 
is evidenced by the motion of the twin boundaries 
between the alternate light and dark bands. Thus, 
for example, when the specimen is bent in a given 
direction the light bands increase in width until the 
entire surface is uniformly light. Reversing the 
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Fig. 8—Effect of tensile loading on transformation temperature for 
both heating and cooling. Composition of specimen 20.7 pct TI. 
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Fig. 9—Diffusionless phase transformation produced by the ap- 
plication and release of stress at 73°C. Composition of specimen 
20.7 pet TI. 


bend causes the reappearance of the dark twins and 
further bending will result in a surface uniformly 
dark. Back-reflection Laue patterns taken from a 
specimen before and after the application of a ten- 
sile load are presented in Fig. 10 and show that the 
multiple spots corresponding to the twin orienta- 
tions become single spots when the specimen is 
stressed. 

When the specimen is dipped into a bath of dry 
ice and acetone it becomes rubber-like in behavior 
compared to its room temperature properties. After 
bending, it straightens itself immediately when re- 
leased; when pulled in tension and then released, it 


snaps back like a piece of rubber. As at room tem- 
perature, it can be bent easily only so far, at which 
point it becomes rigid. When allowed to heat to 
room temperature the specimen loses its rubbery 
behavior. Furthermore, if the specimen is bent 
within the rubbery range and this configuration 
forcibly maintained while the specimen is heated to 
room temperature, it will retain the new configura- 
tion even when cooled down again to the dry ice and 
acetone temperature. In fact if it is straightened at 
this temperature it will spring back to the bent 
configuration. Experiments were conducted over a 
range of compositions to determine whether there 
was any relationship between the temperature for 
the onset of rubber-like behavior and alloy composi- 
tion or transformation temperature. The onset of 
rubber-like behavior occurs between —5° and 
—10°C and no relationship could be found. 

From the various observations noted above it is 
possible to suggest a mechanism for the rubber-like 
behavior. From metallographic observation and X- 
ray diffraction study, it is seen that the effect of an 
applied stress at room temperature is to move the 
twin boundaries. Zener* has shown that a shear 
stress across a twin interface can induce movement 
of the twin boundary. The anelasticity resulting 
from such movement has been measured in copper- 
manganese alloys by Worrell.” It has been stated” 
that copper-manganese alloys undergo the same 
type of transformation studied in this paper; the 
quenched alloy is face-centered tetragonal and ex- 
hibits the same structure of main bands and sub- 
bands as polycrystalline indium-thallium. In both 
alloys the atomic displacements to produce a move- 
ment of the twin boundaries are very small, requir- 
ing a shear strain of only a few percent. Thus it 
should be relatively easy to strain the indium- 
thallium alloys in tension at room temperature 
thereby causing a displacement of the twin bound- 
aries until only one of the orientations remains. 
Resistance to additional strain would then be in- 
creased to a value consistent with the elastic modu- 
lus of the alloys. 

When the temperature of the specimen is lowered 
sufficiently the configuration of twin interfaces be- 
comes stabilized, and if this configuration is altered 
by means of an applied stress it will return to the 
stabilized one when the stress is removed. Similarly 
if a new configuration is given the sample in the 
rubber-like region and forcibly retained while heat- 
ing to room temperature, it will become the sta- 
bilized form at low temperatures. Two of the pos- 


Fig. 10—Application of tensile stress to specimen having Laue pattern at left yields single 


crystal pattern at right. 
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Fig. 11—Effect of interrupting the transformation and holding the specimen at constant tempera- 


ture for six hours. The dashed curves show the transformation behavior with constant heating and 
cooling rates. In all cases the subsequent transformation behavior is affected if the specimen 
temperature is held constant at temperature indicated. 


sible methods by which stabilization could be 
achieved will be mentioned. 

The stabilization of the twin boundaries may be 
achieved by relaxation processes occurring at the 
twin interfaces. Thus at room temperature, relaxa- 
tion proceeds at such a rate that the twin boundaries 
displaced by the applied stress are immediately 
stabilized and the new configuration retained. At 
lower temperatures, however, where relaxation is 
much slower or does not occur at all, another con- 
figuration of twin interfaces would become unstable 
relative to the unstrained state where relaxation had 
taken place. The specimen would then be expected 
to exhibit rubber-like properties at these tempera- 
tures. 

Rubber-like behavior might also be expected if 
there existed a preferential distribution of inter- 
stitially dissolved impurities in the tetragonal lat- 
tice. Upon displacement of the twin boundary those 
interstitial atoms swept over by the moving bound- 
ary would be located in unfavorable positions. At 
high enough temperatures the atoms can diffuse to 
the new preferred sites whereas at temperatures 
limiting diffusion, the interfaces would be unstable 
relative to their original configuration. 

Rubber-like behavior has been observed in only 
one other alloy system," namely in the gold-cad- 
mium alloys between 47 and 50 atomic pct Cd. The 
suggested mechanism predicts, however, that it 
should also be present in those alloys producing 
twinned structures, analogous to the indium- 
thallium alloys, as a result of diffusionless trans- 
formation. Thus at small ratios of c/a and at favor- 
able temperatures the rubber-like behavior might 
be found in the copper-manganese,’ chromium- 
manganese,” and indium-cadmium” alloys and in 
barium titanate." 


Relaxation Effects 
The presence of relaxation processes other than 
that associated with the rubber-like behavior of the 
alloys, as mentioned above, is indicated by the dis- 
appearance of the interfaces upon holding and the 
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tendency of the crystal to undergo succeeding trans- 
formations by the same interface. Also if the speci- 
men is partly transformed and then held at constant 
temperature for a short period of time the interface 
becomes stabilized. In the case of gold-cadmium” 
alloys the specimen must be heated an additional 
1° to 3°C in order to make the interface move fur- 
ther. Measurements on indium-thallium indicate 
that a change in temperature of a degree or less is 
required. If after the holding and subsequent com- 
pletion of the reaction, the transformation is imme- 
diately reversed, the specimen will “remember” the 
position at which the interface was held and it will 
resist further motion until sufficient change in tem- 
perature is achieved. Furthermore, a short distance 
before the interface reaches the position of previous 
holding an increase in velocity is observed. These 
observations, readily obtained with gold-cadmium 
but barely perceptible in indium-thallium alloys, 
indicate the existence of a relaxation process whose 
effects are retained through subsequent transforma- 
tion. 

The effect of holding on the indium-thallium 
transformation as determined dilatometrically is 
shown in Fig. 11. In all cases the specimen was held 
at temperature for 6 hr within + 0.2°C. The sta- 
bilizing effect of holding is clearly seen although it 
is not possible to determine from these results 
whether the transformation temperature has actual- 
ly been shifted. 

An experiment was conducted to investigate fur- 
ther the relaxation properties of the alloy. In this 
instance the specimen was annealed for 12 hr at 
120°C to remove any effects of previous history and 
then cooled slowly through the transformation un- 
der tensile loading. It was next held in tension for 
48 hr just below the transformation temperature. 
An X-ray diffraction pattern obtained from the 
cooled specimen after the load had been removed 
showed it to be a single crystal. The crystal was 
ther dipped into a water bath 2°C above the trans- 
formation temperature for periods as short as 3 sec, 
and then cooled. In no instance did this procedure 
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yield a single crystal after complete transformation. 

The relaxation which took place during the 48-hr 
hold was incapable of stabilizing the single-crystal 
configuration through a subsequent transformation 
cycle. The experiment was repeated with a gold- 
cadmium alloy whose interfacial relaxation time for 
rubber-like behavior was long compared to the time 
of the no-load transformation cycle. It was also 
impossible to get a single crystal in this alloy. How- 
ever, when an indium-thallium single crystal of the 
low temperature tetragonal phase was partly trans- 
formed to cubic and then cooled, a single crystal of 
the tetragonal structure was obtained in one case 
but the result was not reproducible. 

Discussion 

The experiments and observations that have been 
described provide ample support for the mechanism 
of the diffusionless phase transformation as pre- 
sented in this paper. This mechanism differs from 
that of a previous study,'* of the indium-thallium 
transformation, where it was concluded that the 
transformation occurred by a double shear. Other 
investigators have used shear mechanisms to de- 
scribe diffusionless phase transformations in general. 
The double shear mechanism has been resorted to in 
order to explain the observed relief effects on the 
specimen after transformation. In the case of the 
indium-thallium alloys the observed {110} habit 
plane was interpreted as the plane of first shear. A 
second shear on another {110} plane 60° to the plane 
of the first shear had to be postulated in order to 
produce the observed tetragonal structure. Actually 
the resulting structure was triclinic and could be 
made tetragonal after slight adjustments of the 
atom positions. 

If, instead of occurring on {110} planes, the two 
shears were to take place on irrational planes with- 
in 1° of the {110}, as determined by an exact calcu- 
lation of the type presented in this paper, a tetrag- 
onal structure would result. Both mechanisms 
would describe the change in atomic configuration. 
The first shear of the double shear mechanism is 
then equivalent to the average strain obtained by 
the present treatment. The heterogeneous second 
shears produce no macroscopic distortion of the 
habit plane. 

Although a second heterogeneous shear is neces- 
sary to produce the final structure, its use implies 
the presence of an intermediate structure before the 
second shear occurs. In addition, the failure of the 
rational shear planes to produce a tetragonal struc- 
ture for the indium-thallium alloys calls attention 
to the fact that the transformation geometry must 
first be determined by observation in order to form- 
ulate a double shear mechanism. But using the 
criterion of zero average strain, it is possible to cal- 
culate the habit plane, the orientation relationship, 
and the relative amounts of the variously oriented 
transformation products solely from the lattice 
parameters of the two phases. The transformation 
geometry is uniquely determined, independent of 
any observation of the phase change. There is then 
no need to postulate a double shear mechanism. 

Similarly, the change in axial ratio with tempera- 
ture has been expressed as an anisotropic thermal 
expansion or contraction and in terms of a double 
shear. In the former the change in axial ratio can 
be described in terms of pure strains and rigid body 
rotations. In comparison, there appears to be little 
merit in expressing this change in terms of addi- 
tional shears in the polycrystalline aggregate. 
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The nature of the transformation mechanism in- 
volved in X-interface motion, as shown in Fig. 2, has 
not as yet been established in detail. A possible 
explanation is that the portions of the interfaces 
leading their point of intersection each represent a 
transformation producing a set of twins. The seg- 
ments of the interfaces behind the point of inter- 
section may then be considered as an extension of 
the leading segments which removes one of the 
twinned orientations. Thus those portions of the 
interfaces would represent moving twin boundaries. 
In order to gain further understanding of the mech- 
anism it is necessary to obtain the orientation rela- 
tionships of the material on each side of the point 
of intersection between the interfaces and of the 
structures on each side of the interface. In the case 
of indium-thallium this has not been possible be- 
cause the crossed interfaces disappear on holding. 
However, the orientation relationships can be ob- 
tained in the gold-cadmium system, and an analysis 
thereof may prove fruitful. 


Summary 

An analysis of the diffusionless transformation 
has been presented in terms of a concept of zero 
average strain at the interface between the phases. 
This analysis permits the complete determination 
of the transformation geometry from a knowledge 
of the lattice parameters of the phases involved. 
The application of stress to the specimen raised the 
transformation temperature on both heating and 
cooling. Using sufficient stress it was possible to in- 
duce complete transformation in either direction at 
constant temperature by the application and release 
of load. With the aid of dilatometer measurements 
the phase change was found to be of the first order, 
having a latent heat of transformation of 0.0025 cal 
per gram. Rubber-like behavior was found in the 
alloy system and is believed to result from the 
stress-induced displacement of twin boundaries and 
their stabilization at low temperatures. 
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Some Observations on the Work Hardening of Metals 


by E. H. Edwards, Jack Washburn, and Earl R. Parker 


The mechanism of strain hardening was discussed in connection 
with some recent observations on the stress-induced motion of dis- 


location boundaries and on the simple shear deformation of zinc, 


cadmium, and copper crystals. 


HE nature of work hardening accompanying 
plastic deformation of metals has long been the 
subject of speculation. As early as 1925, Becker’ sug- 
gested a thermodynamic process to explain slip 
based on the statistical probability for the occur- 
rence of local glide steps. The theory that plastic 
glide was due to the presence of lattice defects 
known as dislocations was first introduced in 1934 
by Taylor,’ and Orowan,’ and Polanyi.‘ Taylor pre- 
sented a rather complete analysis of the behavior 
and interaction of dislocations. He assumed a cer- 
tain type of stress field to be associated with a single 
dislocation, and postulated that work hardening 
would result from plastic flow in two ways. First, 
dislocations following one another across a slip 
plane might encounter a barrier which would im- 
pede their movement, thereby gradually diminishing 
and eventually stopping plastic flow on that plane. 
The second mechanism involved the concept of 
dislocations traveling in opposite directions on near- 
by planes attracting one another to form a meta- 
stable lattice. The interaction of dislocations in such 
an array was shown to be large enough to require 
an increase in stress before plastic flow would con- 
tinue. 

Kochendérfer” * extended the concept of work 
hardening involving a back stress due to an accumu- 
lation of like dislocations on a slip plane. He sug- 
gested that the formation of a new dislocation is 
hindered by those dislocations already present. The 
hardening resulting from the interaction of newly 
forming dislocations with bound dislocations was 
designated as “formative hardening,” and _ indi- 
cated to be the only type of hardening necessarily 
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connected with the slip process. In another detailed 
picture of work hardening, Mott and Nabarro’ 
assumed that sufficient dislocations are primarily 
present in the crystal as a consequence of growth 
irregularities (mosaic structure) to initiate slip. 
Work hardening resulted from the interaction of 
migrating dislocations with localized internal 
stresses produced during deformation. More re- 
cently, however, Mott® has modified his treatment to 
include the generation of dislocations at Frank- 
Read sources and he accounts for the hardening by 
the formation of sessile dislocations. 

It has been widely accepted that metals of hexa- 
gonal structure, usually possessing only one set of 
glide planes, exhibit mechanical behavior markedly 
different from those having cubic structures. How- 
ever, the differences in behavior of the two classes 
may be less fundamental than suggested. Rohm and 
Kochendorfer® have shown that a single crystal of 
aluminum subjected to approximately simple shear 
gives the type of stress-strain curve associated with 
the hexagonal metals. Similar behavior has been 
demonstrated for gold and silver crystals by 
Andrade and Henderson.” Thus when glide in cubic 
metals is restricted to one plane, the strain harden- 
ing characteristics closely resemble those of the hex- 
agonal metals. It would appear, therefore, that an 
investigation of some of the strain hardening prop- 
erties of single crystals sheared in simple glide 
might provide a more complete understanding of the 
phenomenon of work hardening. This report relates 
a number of recent observations made on single 
crystals of copper, zinc, and cadmium tested in 
simple shear. In addition, pertinent observations of 
effects accompanying stress-induced movement of 
dislocation boundaries are reported. 


Experimental Procedure and Results 
Details of the production and advantages of the 
type of single-crystal shear specimen employed for 
the following tests have been presented in a pre- 
vious publication." The method of testing makes 


NOVEMBER 1953, JOURNAL OF METALS—1525 


SHEAR STRESS - PSI 


| 


ow ors o20 
SHEAR STRAIN ~ IN 


Fig. 1—Effect of reversing the strain direction during testing on the 
stress-strain curve in simple shear for a zinc crystal. Test tem- 
perature was —196°C. Dashed line shows normal course of curve 
hod strain been continued in the original direction. 


possible the application of a shear stress accurately 
aligned with a crystallographic slip plane and direc- 
tion and results in an unusually uniform shear 
strain. Spherical crystals were grown in a helium 
atmosphere by a modified Bridgeman technique and 
acid-machined to final specimen contour. The gage 
section of the crystals used in these experiments was 
a cylinder % in. high and having a cross-sectional 
area of approximately 1/3 sq in. 

Stress-induced motion of small angle boundaries 
represents one of the simplest kinds of plastic de- 
formation. The techniques previously described for 
forming and moving the boundaries in zinc crystals 
were utilized.” Whereas the dynamic behavior of 
single dislocations may never be observed directly, 
these small angle boundaries apparently consist of an 
array of edge dislocations of like sign whose move- 
ment through a crystal may be observed and con- 
trolled. The experimental observations of this 
localized plastic deformation so far have been con- 
sistent with the plastic behavior of crystals de- 
formed in simple shear. For example, the shear 
stress necessary to cause boundary motion is the 
same as the yield stress in single crystals, Results 
of other boundary motion experiments will be com- 
pared with results obtained from simple shear 
deformations. 

Strain hardening in simple shear is directional. 
Fig. 1 represents the strain hardening curve for a 
zine crystal of 99.99 pct purity sheared in simple 
glide at —196°C. At a strain of 0.08, the direction of 
straining was reversed. Two effects on the path of 
the curve may be discerned. First, plastic flow be- 
gins at a stress much lower than that accompanying 
the onset of slip in the original direction. Second, 
although the crystal was held continuously at a 
temperature of —196°C, the level of the stress-strain 
curve was appreciably lowered by the strain rever- 
sal (“strain softening’). The identical behavior 
demonstrated by a high purity cadmium crystal 
under the same experimental conditions is shown in 
Fig. 2. A similar situation was encountered when 
the direction of the stress-induced movement of a 
dislocation boundary was reversed. Fig. 3 shows a 
load-displacement curve for a boundary of this 
type in a zine crystal. In both directions of move- 
ment, the rate of motion was held approximately 
constant. The critical load for a constant rate of 
movement was decreased when the direction of 
movement was reversed. 
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Fig. 2—Effect of reversing the strain direction during testing in 
simple shear on the stress-strain curve of a cadmium crystal. Test 
temperature was —196°C. Dashed line shows normal course of 
curve had strain been continued in the original direction. 


Macroscopic substructure in a crystal has a 
marked effect on plastic properties.” Fig. 4 shows 
stress-strain curves for a crystal with and with- 
out such a network of small angle boundaries. The 
presence of these subboundaries affects the stress- 
strain curve in two ways. First, the sharp break in 
the curve at the yield point characteristic of the 
nearly perfect crystal is replaced by a more gradual 
bending over of the curve. Second, the stress level 
of the curve is raised noticeably. At larger strains, 
the rates of strain hardening for the two cases are 
almost identical. 

Simultaneous slip in two directions on the same 
plane (Fig. 4) results in a much higher rate of 
strain hardening. The yield point was about the same 
as for a crystal sheared along a single slip direc- 
tion. In agreement with this result is the observa- 
tion that hardening in a latent slip system may ex- 
ceed that in the active system. Fig. 5 shows the 
effects on the stress-strain curve of a zine crystal 
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Fig. 3—Load-displacement curve for a moving dislocation 
boundary showing decrease in load when direction of motion 
was reversed. Rate of boundary motion held approximately 
constant. Temperature, 25°C. 
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Fig. 4—Stress-strain curves for zinc crystals showing that the 
shape of the strain hardening curve for simple shear is influ- 
enced by substructure and by the number of slip systems 
operating. Test temperature was 25°C. 


tested in simple shear of shifting to a new slip 
direction 60° from the first after a strain of 0.044 in 
the original direction. The stress required to cause 
slip to occur in the new direction was sharply in- 
creased relative to that which would have been 
required to continue slip in the original direction. 
The test was performed at —196°C to avoid the 
complication of recovery during the test. This be- 
havior for zinc was in contradiction to the finding 
of Kochendorfer® on aluminum deformed in simple 
shear. He found that hardening in the active sys- 
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Fig. 5—Stress-strain curve for a zinc crystal showing effect 
of shifting the strain direction during testing to a new direc- 
tion 60° from the or‘ginal direction of slip. Test temperature 
was —196°C. 
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tem exceeded hardening in all latent systems. How- 
ever, his experimental techniques were much more 
complex than those employed for zinc. 

The presence of subboundaries in copper crystals 
tested in simple shear alters the strain hardening 
characteristics in a manner consistent with that 
observed for zinc crystals. Stress-strain curves for 
copper crystals with varying degrees of internal 
perfection are presented in Fig. 6. The subbound- 
aries of the extensively polygonized crystal were 
formed by subjecting the crystal to a_ bending 
moment and subsequently annealing at 900°C. 
That polygonization had occurred was verified by the 
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Fig. 6—Stress-strain curves for copper specimens tested in simple 

shear. The stress at which yielding occurs is influenced by the 

presence of mosaic boundaries. The rate of strain hardening in sin- 

gle crystals subjected to simple shear is substantially independent 

of substructure except in the small strain range. 
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splitting of reflection spots in back-reflection Laue 
photographs. The stress-strain curves for the three 
crystals form a homologous series, with the level of 
the curves rising as the extent of the internal 
boundaries increase. The results of a shear test of a 
polycrystalline copper specimen are presented for 
purposes of comparison. 


Discussion of Results 

Work hardening of zinc crystals subjected to 
simple shear on a single glide system can be com- 
pletely removed upon annealing." An additional 
feature of easy glide is that it does not involve local 
distortions of a type which give rise to asterism. A 
theory proposed by Seitz’ advances the possibility 
that hardening may be caused by production of large 
numbers of lattice vacancies by moving dislocations, 
thus impeding the further motion of dislocations. 
All current theories require the trapping of dislo- 
cations within the crystal in one way or another 
during plastic flow. 

Direct experimental support for the concept that 
dislocations are obstructed in their movement 
across a slip plane is provided by observations ac- 
companying the stress-induced movement of a dis- 
location boundary through a zine crystal at room 
temperature. Careful measurement of the magnitude 
of the boundary angle shows that there is a sig- 
nificant decrease in the angle as the boundary 
moves through the crystal. The implication is that 
some of the edge dislocations of which the boundary 
is composed are trapped locally by internal imper- 
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Fig. 7—Curve showing that the minimum stress required to 
move a dislocation boundary increases with increasing bound- 
ary angle. Temperature, 25°C. 


fections and prevented from continuing freely with 
the boundary. 

Further experimental evidence for the idea that 
some of the dislocations moving through a crystal 
during slip become piled up against barriers is af- 
forded by the tests in which strain direction was 
reversed. Dislocations piled up against a barrier 
produce a back stress which is proportional to the 
number of piled up dislocations. The externally ap- 
plied stress necessary to start slip in the reverse 
direction should be reduced in proportion to the 
magnitude of the back stress. 

Thcre seems to be good evidence for the trapping 
of dislocations at internal barriers during plastic 
straining of a crystal, and for the existence of back 
stresses associated with such bound dislocations. 
However, the view of Kochendorfer that this back 
stress is the primary cause of strain hardening may 
not be justified, particularly in view of the fact that 
latent slip directions are hardened more than the 
active system in zinc. 

Any discussion of strain hardening is incomplete 
which ignores the lamellar nature of slip. The mac- 
roscopic strain hardening measured when a test 
section of ordinary size is employed must be inter- 
preted to mean that formation of each elementary 
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Fig. 8—Load-displacement curve showing that when two 
boundaries unite the load required for continued movement is 
increased. Rate of motion held approximately constant. Tem- 
perature, 25°C. 
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slip line across the crystal makes growth of the 
next line a little more difficult. Ruling out the pos- 
sibility of exhaustion hardening, this implies that 
the stress concentrations produced by pile-up of 
dislocations at barriers are sufficiently long range 
to account for hardening when the spacing of slip 
lines is many thousands of interatomic distances. 
For this to be possible the slip lines must contain 
clusters of dislocations of like sign. Such clusters 
would tend to align themselves to form dislocation 
boundaries. 

The scale of the clustering is probably influenced 
by the conditions of deformation. For simple shear 
strain in hexagonal metals the clustering must be 
on a small scale because of the lack of asterism. 
With less uniform strain large scale dislocation 
boundaries may build up during the strain as a 
result of macroscopic or microscopic inhomogeneities 
in applied stress.” In these cases strain hardening is 
more rapid than during simple glide due to an in- 
crease in the number and effectiveness of barriers. 

Recently, Kellar, Hirsch, and Thorpe” have found 
that cold working of polycrystalline metals resulted 
directly in the formation of subboundaries with- 
in the grains. These subboundaries apparently re- 
sult from the tendency of edge dislocations to align 
themselves in stable arrays. Since it was indicated 
by these investigators that the average size of the 
subgrains decreased as work hardening increased, 
the progressive nature of work hardening seems to 
be due to the more effective trapping of moving dis- 
locations by the progressively developing sub- 
boundaries. 

The stress-induced movement of dislocation 
boundaries may provide an additional mechanism 
for increasing the effectiveness of barriers during 
straining. From Fig. 7, it may be seen that the 
critical stress required to move a dislocation bound- 
ary at a constant rate through a zinc crystal in- 
creases as the magnitude of the boundary angle 
increases. Furthermore, when two such moving 
boundaries unite, the load required to move the 
newly formed boundary is sharply increased, Fig. 8. 
Thus the stress-induced merger of subboundaries, 
creating boundaries of larger angular magnitude, 
increases the effectiveness of the barriers in block- 
ing dislocation movement. 


Conclusions 

A study of single metal crystals tested in simple 
shear and of stress-induced movement of disloca- 
tion boundaries, has lead to the following conclu- 
sions on the nature of work hardening: 

1—The movement of dislocations through a crys- 
tal is impeded by internal barriers, even during 
simple shear. 

2—Duplex slip in single crystals and the more 
complex deformation in polycrystalline specimens 
are accompanied by a progressive formation of dis- 
location boundaries. These subboundaries act as 
barriers in the path of moving dislocations. 

3—Stress-induced movement of _ dislocation 
boundaries leads to union of adjacent boundaries 
and increased effectiveness in blocking movement 
of active dislocations. 
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Technical Note 


HE application of the integrated intensity X-ray 
diffraction method to the measurement of re- 
tained austenite concentrations in hardened steels 
has been fully described.’* In developing this par- 
ticular method, the assumption was made that the 
samples used would have flat surfaces which were 
free from voids and in which austenite was homo- 
geneously distributed. The original calculation pro- 
cedure’ was modified to include the constant factor 
G which relates the intensity of a given diffraction 
line to the concentration of the component giving 
rise to that line. In order to include A(@) in the 
constant factor G, it was further assumed that the 
geometrical conditions relating the X-ray beam, 
camera cylinder, and sample surface were precisely 
met.’ It has been demonstrated that these geomet- 
rical conditions can be met experimentally without 
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Effects of Sample Surface and X-Ray Diffraction Camera Geometry 
On the Determination of Retained Austenite in Hardened Steels 


by Karl E. Beu and Donald P. Koistinen 


difficulty in many cases;® however, for those samples 
which have irregular surfaces or where it is impos- 
sible to locate the sample in the proper position with 
respect to the X-ray beam and film cylinder, it is 
desirable to evaluate experimentally what effect 
these nonideal conditions have on the reliability of 
the austenite determination. This note decribes the 
results of such experiments. 

SAE 1095 bar stock was used throughout and all 
samples were heat-treated as follows: 1600°F for 
1 hr in a neutral atmosphere, brine quench, and 
300°F temper for 30 min. To control heat-treatment 
conditions as closely as possible, all samples were 
plated with 0.002 in. copper to protect the immediate 
surface from the heat-treating atmosphere. After 
heat treating, the samples were deplated electroly- 
tically so that only the copper was removed. The 
heat-treated surfaces thus obtained were nearly as 
bright and polished as the original surfaces hefore 
copper plating although no mechanical work was 
done on the samples after heat treating. 
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FILM CYLINDER 


CENTER OF FILM CYLINDER 
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/ 


/ _ SAMPLE DISPLACED IN 
THIS DIRECTION 
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Fig. 1—Geometrical relationship of sample surface, X-ray beam, 
and film cylinder. 


Before carrying out the sample surface and cam- 
era geometry experiments, it seemed worth-while to 
determine the reproducibility of the heat-treatment 
procedure with respect to the retained austenite 
content. To accomplish this, a series of six disks 
each 4.8 mm thick, were metallographically pol- 
ished, copper plated, simultaneously heat treated, 
and deplated. The retained austenite contents of 
these six samples are given in Table I. The best 
estimate" of the standard deviation for the austenite 
content of these six samples is +0.6 pct of the total 
sample. This deviation is a measure of the repro- 
ducibility of the determination of the austenite con- 
tent which includes both the errors inherent in the 
X-ray determination and in the simultaneous heat 
treatment of a given set of samples. Any consistently 
greater deviation than this can be ascribed to the 
variable being studied,* providing the austenite is 


* This applies only to a given set of samples heat-treated simul- 


taneously. Because of the slight variations in the heat treatment 
from one set to the next, the average austenite content may vary 
slightly from set to set. This, however, causes no difficulty in in- 
terpretation since a flat, polished sample is included as a standard 
for each set 

homogeneously distributed throughout the sample 
surface. 

The homogeneity of the austenite content of the 
disk-shaped samples used for this was tested by 
examining areas varying from 0.4x7.0 mm to 4.1x7.0 
mm on one sample (M-276). It was found that vari- 
ations in the austenite measurement for the several 
areas examined on this one sample were all within 
the standard deviation of +0.6 pct; hence, the sur- 
face inhomogeneities are apparently less than the 
experimental errors involved in making the meas- 
urements. 


Table |. Reproducibility of Austenite Content Obtainable in Heat 
Treating Identical Samples Simultaneously 


Sample 
Ne. Sample Description 


M-276 48 mm thick disk of 1095 plated with 
0.002 in. acid copper, austenitized 1 hr 
at 1600°F in neutral gas atmosphere, 
brine quenched, tempered 30 min at 
300°F, deplated 

Prepared identically and heat-treated 
simultaneously with M-276 

Prepared identically and heat-treated 
simultaneously with M-276 

Prepared identically and 
simultaneously with M-276 

Prepared identically and heat-treated 
simultaneously with M-276 

Prepared identically and heat-treated 
simultaneously with M-276. 

Average percent austenite for six samples 

Best estimate* of standard deviation, ¢ 


M-277 
M-278 
M-279 
M-280 
M-281 


heat-treated 


13.8 pet 
+0.6 pet 
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The types of sample surfaces studied included, 
1—flat, smooth surfaces (as standards of compari- 
son), 2—flat surfaces with various degrees of rough- 
ness, 3—concave cylindrical surfaces, and 4—convex 
cylindrical surfaces with various radii of curvature. 
The effect of a given variable such as roughness 
could be studied by preparing a series of samples of 
various degrees of roughness (plus a standard flat 
and polished sample) and heat treating such a set 
simultaneously as described above. The geometrical 
conditions studied included, 1—varying ¢, the angle 
the X-ray beam makes with the sample surface (see 
Fig. 1) in the range of 40° to 70° where ¢ = 60° is 
the angle normally used,** and 2—varying the 
sample surface position along the X-ray beam axis 
for a constant value of ¢ = 60°. 

Using four sets of samples with four or five 
samples per set it was found that the following vari- 
ations in sample surface and camera geometry had 
no significant effectt on the retained austenite de- 


tAll austenite results for a given set of samples fell within a 
range of three times the absolute value of the standard deviation ¢, 
while all except one set fell within a range of less than 2¢. On 
these experiments, ¢ 06 pet, 20 = 12 pet, and 3¢ = 1.8 pct 
(see Table I). If it is remembered that, for the Gaussian error 
function, ¢ means that 68 pct of the results of an infinite number 
of samples fall within a range of +o, that 95 pct fall within +2<,. 
and that 99.7 pct fall within +30, the meaning of the words “no 
significant effect” becomes clear. 


termination: 1—varying the surface roughness in 
the range of 3 to 250 microinches,’ 2—varying the 
surface curvature from 21.0 mm convex radius 
through infinite radius to 6.4 mm concave radius, 
3—varying the angle ¢ in the range of 40° to 70°, 
and 4— displacing the sample along the X-ray beam 
axis up to 2.9 mm from the center of a 45 mm radius 
camera (see Fig. 1). Further experimental details 
are available upon request. 

In conclusion it can be said that the reliability of 
the austenite determination as described previ- 
ously** does not depend rigorously on sample surface 
and camera geometry conditions. In fact, the aus- 
tenite determination has been found to be reliable 
within the reproducibility limitations of the method 
itself over the wide range of experimental conditions 
indicated. 
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Analysis of Molten-Zone Refining 
by Norman W. Lord 


The process of molten-zone refining is analyzed for long ingots 
and many zone passages. Formulas are derived which give the re- 


sultant impurity distribution in terms of finite series. A comparison 


T= physical principles and applications of an 
extremely efficient form of metallurgical refine- 
ment has been described by Pfann.’ The purpose of 
the present paper is to describe a method of analyz- 
ing exactly the particular program used which en- 
ables the segregation effect to be predicted for any 
number of molten-zone passages in a long ingot. 
The method is applied to the particular case of re- 
finement of an ingot whose impurity initially is uni- 
formly distributed throughout its length. A num- 
ber of molten zones of equal length are passed 
through the ingot effecting a radical redistribution 
of impurity. Pfann has indicated an approximate 
method, due to R. W. Hamming, of calculating the 
resultant concentration after each successive zone 
pass for a particular value of the segregation con- 
stant defined in his paper. Here a solution will be 
presented in terms of the number of zone passes and 
the segregation constant. The expression, though 
cumbersome, is exact and susceptible to ordinary 
numerical computation procedures. The results of 
a similar computation using the procedure of Ham- 
ming are presented in a table together with the ex- 
act results of the present method. The discrepancy 
in terms of absolute concentrations is tabulated for 
the first eight zone-lengths. 

To establish the notation (which follows that of 
Pfann’' as closely as possible) and physical basis of 
the analytical equations, the physical model and 
principal assumptions may be reviewed. An alloy 
of two elements, where there is formed a continuous 
range of solid solutions, usually does not melt as a 
simple compound. Rather, a temperature is reached 
where the solid solution is in heterogeneous phase 
equilibrium with a liquid solution of different com- 
position. The temperature dependence of these 
equilibrium compositions forms part of the phase 
diagram. For very small concentrations of a solute 
B in a solvent A, this usually takes the form of Fig. 
1. Sometimes the solidus and liquidus slope up- 
ward. This corresponds to a segregation constant 
(defined below) which is greater than unity. The 
segregation constant is now defined as 


k = C,(x) / Cu.(x) [1] 


where C,(x) is the impurity concentration in the 
solid ingot at distance x during the nth passing of a 
molten zone and C,,(x) is the impurity concentra- 
tion of the liquid zone from which the solid at dis- 
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with the approximate procedure of Hamming is given. 


tance x is formed (see Fig. 4 of ref. 1.) C,(x) re- 
mains the same after passage of the zone. The con- 
stant k may be either greater or less than unity in 
general. Purification in the former case is effected 
only in a finite ingot and in the portion that is 
melted last. For k less than unity purification is 
effected even in an infinite ingot. The method which 
follows gives, in the former case, the successive in- 
creases in impurity concentration and, in the latter 
case, the successive decreases in concentration. The 
general case of impurity redistribution will be con- 
sidered first, and purification will be discussed later 
on. The analysis rests on the following assumption: 

The movement of the zone is too rapid to allow 
appreciable atomic rearrangement in the solid sec- 
tions and too slow to disturb the uniform impurity 
distribution in the liquid zone characteristic of 
equilibrium. 

Hence, the composition in the solid at the left 
solidifying interface will be determined by Eq. 1 
while the impurity concentration of the liquid zone 
will be uniform throughout its length. The reason- 
ing which follows closely parallels that of Appendix 
II in Pfann’s paper. It is reviewed here for the case 
of the nth zone pass in order to make clear the 
meaning of an operator essential to the present 
method. Fig. 4 of ref. 1 shows the movement of a 
molten zone of length | in an ingot of total length d. 

Each C,(2) can be determined from the condition 
that the amount of solute added to the zone during 
an incremental advance, dx, is due to the melting in 
of a solid portion C, ,(2)dx and the freezing out of 
kC,,,(x), that is 


cu (xpd + 1) — (x) 
or, in terms of C,(x) 
> cuz) (x+1). [2] 
dx l l 


This, of course, is derived from the main assump- 
tion, the fact that l is constant, and that the total 
impurity content previously present up to x + l is 
constant . A correction has to be made for the region 
(d—nl) <xa<d. This is due to the zone length 
changing during the passage of the solidifying in- 
terface beyond x d — l. Since the general solu- 
tion would be too complicated otherwise, only the 
region 0<2<d—vnl is considered. The general 
solution of Eq. 2 is 


C.(z) = [J To (x + 1) dx + constant | 
e [3] 
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Fig. 1—Typical phase diagram of a dilute solution in the 
neighborhood of the melting point of the solvent. 


The constant is determined by the condition, at the 
starting zone, that total impurity content is constant. 


C,(0)/k = Cu (0) = dz. 


This condition, substituted into Eq. 3, yields the 
particular solution 


k 
C.(2) f + dx + 


S |, [4] 


It is convenient to change the variable zx to a, the 
displacement measured in zone-lengths, under the 
relation x = al. Eq. 4 then becomes 


C,(a) = ke™ + 1) eda + 


[4a] 


Eq. 4a, clearly, is the analytic form for an opera- 
tion on any previously existing impurity concentra- 
tion. It corresponds to the passage of a molten zone 
of unit length (measured in units of a) and the re- 
sult is the concentration existing after the passage 
of the zone. In the following, such a single opera- 
tion is symbolized as @ in the equation equivalent 


to Eq. 4a: 
C,(a) = [5] 


and repeated operations as @” in 
C.(a) = C...(a@). [5a] 

In this form the meaning of @ is plainly mul- 
tiplication by 1. 

It is now easily shown that after n repeated pas- 
sages of a molten zone the concentration may be 
represented in terms of the repeated operation @ on 
the simple expression e“. This latter, 6’ e™, is 
then expressed as a finite sum of terms involving 
only a, k, and the index of the summation. To see 
this consider the effect of the first zone-pass on a 
uniform concentration, C,. 


C,(a) = 0C, = ke™ e“ da + Sc.aa| [6] 


= C, [1 — (1-k) e™“] = C, [1 — (1-k) 6” e**]. 
This leads with repeated operation @ to 
C.(a) = C,,.(a) — (1-k)C, [7] 
or, in terms of differences in concentration 
C,(a) —C,,.(a 
= 


Calculations of 6”e™* to n = 7, the results appear- 
ing in Table I, indicate the general relation 


eo” g™ ge g™ 
= e ke 


—k*” e™ 


[Es a’ (r + 1—ka) | [8] 


n-r-2 
n 


where: f,” = “tein 


This formula can be proved correct by inductive 
reasoning (see ref. 2.) With some algebraic manipu- 
lation, the following convenient relations are ob- 


tained: 


a” e*™ e*™ 


{ 1—3| a" r+ 1—kay [9] 


Table |. Calculated Results of the Iterated Operation # on the Quantity e“ 


(2-ka) + —— (3-ka) 
1! 


4 1 


1 
—— a (2-ka) + —— a? (3-ka) + —— | 
2! 314 


— kte-™ — (Il-ka) + — (2-ka) + 
6! 5! 4 


ete 


(3-ka) + -—— (4-ka) + —— at (5-ka) + — (6-ka) + 
m3! 3 


a’ a‘ 
(3-ka) + —— (4-ka) + -—— (5-ka) 
2! 3: 4:5 


6a" at‘ a’ 
(4-ka) + — (5-ka) + — (6-ka) 
2!3! 4! 516 


7 a* 


(1-ka) 
7 
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aa 
OF A 
T 
LIQUID 
(*) (x) 
Cay 
SOLID 
—— (]-ka) 
e* 
wie de a 
—-—- ke [ + — (2-ka) | 
e he eke 2 
Pete (3)! 1 a? 
— 
2! 
= — | —— (l-ka) + 
3! 
Pe he (5)* 
— = —— | (1l-ka) + —— @ (2-ka) 
4 3! 2! 
We Pe he (6)* (6)%a (6) 
= —— - (I-ka) + (2-ka) + —— (3-ka) + 
rT 


Ss 


i. NUMBER OF ZONE LENGTHS MEASURED ALONG INGOT 


Lo 2 4 6 8 


a 


Fig. 2—Residual impurity concentrations after molten zone passages 
for k = 0.25. 


For t21;0°e" 


C,(a) = c.f 1 — (1—k) e* 


a (r+ 1—ka)| [10] 


fel 


Using Eq. 10, the concentrations resulting after 
each of eight successive zone-passes are calculated 
for two cases (k = 0.25, 0.1), the results being 
shown in Figs. 2 and 3. This required only the terms 
already presented in Table I for 6” to 6. The total 
number of zone-lengths in the ingot is assumed 
greater than 16. These are practical values en- 
countered in zone-refining procedures at Raytheon. 
For ready comparison, the results of Hamming’s 
procedure for k = 0.1 are presented in Table II to- 
gether with similar results from Eq. 10. Plotted on 
a logarithmic scale as in Fig. 3, there is no appre- 
ciable difference. However, from the table it can 
be seen that the error involved in using Hamming’s 
procedure would increase with further zone pas- 
sages. The computational labor using discrete half- 
zone-length steps is comparable to that involved in 
Eq. 10. Moreover, the parallelism between the 


Table Ii. Comparison Between Hamming’s Procedure and the Exact 
Formula (Eq. 10) for the Seventh and Eighth Zone Passages 


with k = 0.1 
Cr (a) /Co Cs (a) /Co 
Hamming’s Differ- Hamming's Differ- 
Exact Pro- ence, Exact Preo- ence, 
a Method cedure Pet Method cedure Pet 
0 3.348x10“ 3.455x10-“ -—3.1 6.94x10-" 7.285x10-" —4.7 
1 1.179x10 1.200x10% 2.525x10 2.602x10~ —3.0 
2 2.980x10- 3.012x10“ -—1.1 6.602x10“ 6.737x10~ —2.0 
3 6.365x10“ 6400x10“ -—0.5 1.461x10“ 1.480x10~ —13 
4 1.218x10-* 1.200x10+ -—0.2 2.900x10~ 2.923x10~ —0.8 
5 2.151x10-+ 2.147x10- +02 5.314x10~ 5.336x10~ —0.4 
6 3.572x10- 3.559x10~ +04 9.149x10~ 9.159x10~ —0.1 
7 5.640x10~ 5.602x10-* +0.7 1.498x10- 1.495x10-+ +0.2 
8 8.545x10~ 8.486x10- +0.7 2.351x10+ 2.342x10-+ +04 


J 


Z 
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Fig. 3—Residual impurity concentrations after molten zone passages 
fork = 0.1. 


above procedure and that of Appendix II in ref. 1 
is exemplified in the formal similarity of Eq. 10 
and Eq. 2 of the former work. As it stands, Eq. 10 
is directly useful for cases where k is less than 
unity. For k greater than unity, it can be used in 
the form, 


C,(a) = C, {1 + (k—1) e™ 


n-1 
= e* : a’ (r+ 1—ka) | } [10a] 
to calculate the increase in impurity content for the 
ingot section 0<x2<d-—vnl. The resultant average 
purification in the remaining section follows arith- 
metically. 
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Calculation of Interdiffusion Coefficients When 
Volume Changes Occur 


by Morris Cohen, Carl Wagner, and J. E. Reynolds 


If the total volume of a diffusion couple changes during the 


diffusion, the measurement of distance becomes ambiguous. Use of 
distance parameters as suggested by Hartley and Crank is discussed. 
For small concentration differences, the standard form of Fick’s 
second law is retained with conventional length units and the in- 


terdiffusion coefficient D. It is shown how D can be calculated 
from experiments involving large concentration differences and 
analyzed in terms of distance parameters. The merits of incre- 
mental diffusion couples involving small concentration differences 


are emphasized. 


HE conventional form of Fick’s second law for 
one-dimensional diffusion of component B in a 
binary solution of A and B is 


OC» ~ OC, 


) [1] 


ot Ox Ox 
where c, is the concentration of component B; x, the 


distance; t, the time; and D, the interdiffusion co- 
efficient which may depend on C,. 

Hartley and Crank’ have pointed out that Eq. 1 
applies only if the total volume of the diffusion 
couple does not change during the diffusion process; 
otherwise, the definition of x becomes ambiguous. 
No change in total volume takes place if the specific 
volume of the solution is a linear function of the 
weight fraction W,, or if the molar volume is a 
linear function of the mol fraction N,. In some 
alloys, however, these relationships do not hold, and 
then it is necessary to introduce a modified measure 
of distance, &, in order to retain the general form of 
Eq. 1. The application of Hartley and Crank’s sug- 
gestions to diffusion in alloys has been discussed by 
Wagner.’ 


Relation Between Measure of Distance and Units of 
Concentration 
The definition of € depends on the choice of units 
for the concentration c, as follows: 
l1—If the concentration c, is measured as the 
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weight fraction W, (or weight percent), € = &» has 
to be defined so that equal increments of £y contain 
equal increments of mass m of the solution, e.g., 


dm = pSdx = Sdéy [2] 


where p is the local density of the solution, and S is 
the cross-sectional area in sq cm which is taken to 
be constant in this problem of one-dimensional dif- 
fusion.* 

*da Silva and ‘Mehr have demonstrated the constancy of the 
cross-sectional area in the usual type of diffusion couple. However, 
experiments involving diffusion into thin wirest.© may exhibit 


changes in cross-sectional area, and therefore are excluded from 
the present treatment. 


Thus 


déy = pdx [3] 


and the unit of €) is gram per sq cm instead of cm. 

2-—If the concentration c, is the mol fraction N,, 
€ = &,» must be defined so that equal increments of 
éy contain equal numbers of mols of solution, e.g., 


dn = (S/V)dx = Sdé,y [4] 


where V is the local molar volume of the solution. 
Thus 


dféy = dx/V [5] 


and the unit of é, is mols per sq cm. 

3—If, as may be advisable in the case of inter- 
stitial solutions, the concentration c, is measured in 
terms of the molar ratio of components B and A 
(Cy Y, = n,/n,, where n, and n, are numbers of 
mols of B and A), é = &é; has to be defined so that 
equal increments of é; contain equal numbers of 
mols of A, e.g., 


dn, = (N,S/V)dx = Sdé, [6] 
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z 


where N, is the local mol fraction of A in the solu- 
tion. Thus 


= (N,/V)dx [7] 


and the unit of €; is mols of A per sq cm. It may be 
noted that V/N, is simply the volume of solution 
containing one gram-atom of A. 

4—Concentrations in terms of mols (or grams) of 
B per unit volume of solution are not recommended 
in these considerations because the volume of solu- 
tion is not conserved, and undue complications re- 
sult. 

In the following, a diffusion couple with uniform 
initial concentrations, N,, and Nz., on the left-hand 


side and the right-hand side of the welding plane 
is considered. In view of the subsequent use of the 
Boltzmann-Matano analysis,” * the excess of B in 
the region x < 0 compared to the initial state must 
be equal to the deficit of B in the region x > 0 com- 
pared to the initial state. Thus, 


as follows from Eq. 14. 


Eq. 8 defines the plane x = 0. Analogous equa- 
tions may be formulated for concentrations in terms 
of weight fraction or molar ratio, but the same loca- 
tion of the plane x 0 is obtained. 

The value of € is expressed by the corresponding 
integral of Eqs. 3, 5, or 7, with x 0 as one limit 
of integration. For example, Eq. 5 gives 


J. [9] 


Definitions of € in Eqs. 3, 5, and 7 may be modified 
by using the density or the molar volume of a ref- 
erence alloy as a constant factor or divisor on the 
right-hand side of these equations in order to obtain 
the distance parameter é in cm, as has been sug- 
gested by Fartley and Crank’ and Wagner.’ It can 
be showr, iowever, that in the final calculation of 


the diffusion coefficient D, the values of such con- 
stant factors drop out, and, therefore, their intro- 
duction is not recommended. 


Application of the Boltzmann-Matano Analysis 
With mol fraction N, as a measure of concentra- 
tion and é, as a measure of distance, Fick’s second 


law becomes 

ON, re) ON, 

[10] 
ct 


where D,, is the diffusion coefficient corresponding 
to the above measures of concentration and distance. 
The dimensions of D,, are sq mols per cm‘ sec in- 
stead of the more familiar sq cm per sec. 

For a diffusion couple with uniform initial con- 
centrations on the left-hand and the right-hand side 
of the welding plane, Boltzmann* and Matano’ have 
demonstrated that the concentration is a single- 
valued function of the auxiliary variable 


A= &,/t"® [11] 


provided that the plane x = 0 or é, = 0 is chosen 
so that” * 
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=0 [12] 


which is a necessary condition in order to conform 
with the given boundary conditions. 
Substitution of Eq. 11 in Eq. 10 gives 


— 2a (D— 13 

da da da ) 

Upon integrating Eq. 13 between A = —« and 
A +, noting that dN,/da 0 atA = +o and 


A = —o, and resubstituting A é,/t', Eq. 12 re- 
sults as a necessary condition for the supposition 
that N, is a single-valued function of A = &,/t"*. 
Integration of Eq. 12 by parts yields 


(Na — = ie N,)déy [14] 


from which Eq. 8 is obtained by using Eq. 5. 
Upon integrating Eq. 13 between A —% cor- 
responding to N, = N,, as the lower limit and an 


arbitrary upper limit, it follows that 


1 
f 
2(dN,/da) 


x 
By 


1 
-2t(dN,/dé,) ean, [15] 


and D,, can be evaluated as a function of concen- 


tration from a N, — &, curve. 

The foregoing procedure is completely consistent 
if there is a change in the overall volume of the 
sample due to a non-linear relation between molar 
volume and mol fraction. Since, however, data for 
most alloys are expressed in terms of the inter- 


diffusion coefficient D as used in Eq. 1, it seems de- 
sirable to reconvert values of D,, to D, the latter 
being in sq cm per sec. 


Relation Between the Modified Diffusion Coefficient D, 
and the Standard Diffusion Coefficient D 


Upon substituting dé, = V ‘dx from Eq. 5 in Eq. 


10, the latter becomes 


Since the diffusion coefficient D,, and the molar 


volume V depend on N, and hence on x, Eq. 16 may 
be rewritten as 


ON, ON, O ON, 
oN, * 2 
=¥(-— (es V+VD, >> 07] 


If the initial concentration difference in the dif- 
fusion couple is sufficiently small, (ON,/0x)* be- 
comes negligible compared to (0*N,/0x") and the 
first term on the right side of Eq. 17 may be neg- 
lected. Thus, the conventional form of Fick’s second 
law is obtained: 

ON» ON» ~ ON» 


= V’D,. —— = D——, if Nu, = Nz, 
ot [18] 
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where 


D (cm’/sec) = V* (cm*/mol") 

x D,, (mols’/em* sec) [19] 
Thus, according to Eq. 19, D can be calculated by 
multiplying each D,, value by the square of the 


molar volume at the corresponding concentration. 


D is not only in the standard units of sq cm per sec, 
but according to Eq. 18 ii is identical with the con- 
ventional interdiffusion coefficient obtained with in- 
cremental couples having small concentration dif- 
ferences. 

If W, is the measure of concentration and éy is 
the measure of distance, Fick’s second law may be 
written 


) [20] 


ot 


Similarly, when Y, and é, are the concentration 
and distance parameters, Fick’s second law becomes 


oY, oY, 
1 
(Dy [21] 


D,, and D,, defined by Eqs. 20 and 21 can be 


evaluated by using corresponding forms of Eq. 15. 
It can then be shown that 


D(cm*/sec) (1/p") (em"/gm*) 
x D,,(gm*/cm‘ sec) [22] 
and 
D(cm‘/sec) (V*/N*,) (cm*/mols of A ) 


————-2 
x D,, (mols of A /em‘ sec) [23] 
All three equations, 19, 22, and 23, lead to the 


same value of D, which is the desired result. 

It may be recalled that V and p are readily com- 
puted from the lattice parameters of the solution 
and the number of atoms per unit cell. For example, 
in a face-centered cubic substitutional solid solu- 
tion, V a’N,/4 and p 4(N,.M, + N,M,)/N.a’, 
where a is the lattice parameter in cm, N, is Avo- 
gadro’s number, and M, and M, are the atomic 
weights of A and B. 


Discussion 
Results obtained with diffusion couples consisting 
initially of pure metals A and B give, in principle, 


the interdiffusion coefficient D as a function of com- 
position from a single run. This procedure seems 
very attractive and is certainly valuable for survey 
information, but some limitations should be kept in 
mind. 

The foregoing treatment implies that a diffusion 
coefficient can be defined which depends only on 
temperature and concentration. In substitutional 
solid solutions, however, the concentration of va- 
cancies (or interstitial atoms) by which diffusion 
takes place may differ from the equilibrium value 
corresponding to the local composition, if the rate 
of formation or disappearance of vacancies (or inter- 
stitial atoms) is not sufficiently high in comparison 
with the transport rate of the diffusing atoms.” This 
may confine the validity of Fick’s second law to 
relatively low concentration gradients. Such devia- 
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tions can be minimized by employing incremental 
diffusion couples with small initial concentration 
differences. 

Further uncertainties are introduced by the forma- 
tion of voids due to differences in the intrinsic dif- 
fusion coefficients of the two components. These 
voids change the effective volume of the solution, 
and their influence cannot be taken into account 
rigorously without a complete knowledge of their 
distribution as a function of distance and time. In 
addition, it must be ascertained whether the voids 
act as “open circuits” which decrease the diffusion 
cross section or as “short circuits’ which accelerate 
diffusion by providing fast transport along internal 
surfaces or through the vapor phase. To reduce this 
source of error, it is desirable to use a series of in- 
cremental couples rather than overall couples com- 
prising large composition ranges. 

Moreover, the inherent accuracy of diffusion 
measurements is greater with incremental couples, 
e.g., involving concentration differences of about 10 
to 20 atomic pct, than with wide range couples. At 
the same time, potential volume changes in the dif- 
fusion zone are reduced by using couples with small 
initial differences in composition; and use of the 
modified distance parameter, as discussed in this 
paper, then becomes purely academic. 

Thus incremental couples are advantageous in 
many ways, and are to be recommended. 


Conclusions 

When a volume change occurs during diffusion, 
it is necessary to introduce a modified measure of 
distance in order for the diffusion equation to retain 
its usual form. Three cases are presented in which 
the concentration is given in terms of weight frac- 
tion, mol fraction, and molar ratio, respectively. It 
is shown that each case leads to the same values of 
the interdiffusion coefficient in sq cm per sec as a 
function of concentration, when the Boltzmann- 
Matano analysis is applied. 

The above treatment becomes unnecessary when 
incremental couples are employed with sufficiently 
small initial differences in concentration. This pro- 
cedure also minimizes possible errors due to the 
formation of voids and to deviations from the local 
equilibrium concentration of vacancies (or inter- 
stitial atoms). 
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HE pioneering work of Steinitz' and Steinitz, 
Binder, and Moskowitz’ has shown conclusively 
the existence at high temperature of two additional 
phases in the molybdenum-boron system and thus 
brings to a total of six the number of structures 
appearing in this system. To the structures Mo.B, 
MoB, and Mo.B, they have added Mo,B., a new 
B-MoB form, and have shown that MoB., which has 
the same range of composition as Mo.B,, is only a 
high temperature structure of the latter. This solid 
solution, interestingly enough, includes neither of 
the compositions corresponding to the stoichiomet- 
ric compounds, MoB, or Mo.B,, but rather at all 
temperatures has intermediate values of composition. 

These workers have also, in the course of their 
work, measured melting points, transition temper- 
atures, eutectic and peritectic points in the system 
and have shown that Mo,B., because of its dispro- 
portionation at low temperature to Mo.B and MoB, 
is stable only in a limited high temperature range. 

During the course of the present work on the 
vaporization properties of the molybdenum-boron 
compounds, a few transition temperatures were 
observed. When the report of the other workers 
appeared, it was decided to repeat, in part, their 
study of the system. As a result, considerable evi- 
dence has been obtained that substantiates the 
specific kinds of melting processes they report as 
well as the general features of their diagram. 

However, a marked difference was found between 
the temperatures they report and the ones observed 
in this study, with the latter being higher. The 
purposes of this paper are to present the evidence 
obtained in this laboratory that verifies their dia- 
gram of the system, to give some important tem- 
peratures in the system, to compare them with 
those previously published, and to seek an expla- 
nation of the difference. 


Samples 

The metal starting material was 400 mesh mo- 
lybdenum powder with a purity stated by the 
manufacturer to be 99.9 pct. The initial treatment, 
designed to remove volatile contamination, consisted 
of heating in a vacuum for 10 min to a temperature 
of from 800° to 1000°C during which a loss of 0.3 
to 0.4 pet occurred. An assay following this treat- 
ment showed it to be 99.4 pct pure, with the princi- 
pal impurity probably being oxygen. 

The boron starting material was obtained from 
the Cooper Metallurgical Laboratories and the Fair- 
mount Chemical Co. as 325 mesh powder with 
manufacturers’ analyses of 99 pct or better. Initial 
treatment consisted of heating in molybdenum in 
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The Molybdenum-Boron System 


by Paul W. Gilles and Bernard D. Pollock 


a vacuum at about 1700°C for 10 min. During this 
time a loss of 3.5 pet occurred. An assay following 
this treatment showed the different samples to have 
purities ranging from 95.5 to 99.0 pct with iron and 
carbon as the principal impurities. 

Following the initial treatment, the elements were 
combined to form stocks of Mo,.B and MoB by heat- 
ing pressed mixtures in a vacuum to 1100° to 
1200°C to accomplish reaction and to 1500° to 
1900°C for a few minutes to evaporate the more 
volatile impurities. Analysis of the two compounds 
for boron by a modification of the method of 
Blumenthal* and for molybdenum by the lead- 
molybdate method indicated them to have purities 
greater than 99 pct. 

The individual samples to be studied had compo- 
sitions in the Mo.B-MoB range and consisted of 
mixtures of the stock compounds. 


Procedure 

As is usually the case in high temperature work 
the selection of containers for the samples posed 
some problems. For vapor pressure studies tan- 
talum crucibles, allowing little contact with the 
pressed samples, were used and some of the obser- 
vations made during these experiments are perti- 
nent to the study of the phase diagram. Most of 
the experiments, however, were performed in 
graphite containers, as were those of the previous 
authors. 

Two kinds of spectroscopic grade graphite cruci- 
bles were used. One was a % in. cylinder, % in. 
high, containing seven 3/16 in. holes drilled % in. 
deep into which were packed samples of the differ- 
ent mixtures weighing 250 to 500 milligrams. The 
other, consisting of separate crucibles, was prepared 
by drilling 3/16 in. holes, 4% in. deep into % in. 
graphite rods % in. long. The % in. cylinder was 
heated directly by induction while the small cruci- 
bles were packed in a tantalum heating element 
for induction heating. 

All heating was done in a high vacuum system 
in which the pressure was generally less than 
1xl10°mm and never rose above 2x10°mm when 
the samples were hot. The general pattern of the 
heating in graphite was to heat rapidly to a tem- 
perature somewhat below the desired one, then to 
raise the temperature slowly. The samples were 
held for 2 to 5 min at the maximum temperature, 
which in all cases was far higher than that needed 
to produce reaction. The short time was employed 
to reduce possible contamination by the crucible 
material and to reduce composition changes that 
would occur because of vaporization. After exam- 
ination following the heating, the samples were 
reheated to a higher temperature. 

Temperatures were measured with a Leeds and 
Northrup disappearing filament optical pyrometer, 
certified by the National Bureau of Standards, by 
sighting through a window at the top of the vacuum 
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Fig. 1—Partial phase diagram of Mo-B. 


system into the central hole in experiments with 
the graphite cylinder; into one of the graphite 
crucibles in experiments with those in the tantalum 
heating element; and through a hole in the lid 
acting as an effusion orifice in experiments with 
the tantalum crucible. The reproducibility in the 
settings of the temperature was about + 5°. Numer- 
ous comparisons of pyrometer readings showing 
agreement among several workers in this labora- 
tory have been made in the past. To the observed 
reading the certification correction and the window 
correction have been applied in the usual way. The 
absolute uncertainty of the temperature measure- 
ments is of the order of 20°. 

After being heated and cooled the samples were 
examined visually for melting. Changes from a dull 
to a bright metallic surface, rounding of sharp 
edges, and partial or complete collapse of the 
sample were used to make rough estimates of the 
degree of melting. X-ray diffraction patterns 
showed that no reaction with graphite had occurred 
unless there had been extensive melting. Metallo- 
graphic examinations were not made. 


Results 

Several samples were heated in graphite at 2008°, 
2097°, 2142°, 2221°, and 2266°C. The results of the 
observations are shown in Fig. 1 in a manner similar 
to that of the previous authors in which the squares 
represent samples showing no melting, the triangles 
represent samples showing partial melting, and the 
circles represent samples showing extensive or 
complete melting. The four large circles containing 
squares or triangles indicate experiments carried 
out in tantalum crucibles. The triangle in the pa- 
rentheses indicates an observation made on an 
annular ring of boride acting as its own heating 
element in the induction field. This point masks 
one of the points obtained in graphite at 2266°C. 

The four points from observations in tantalum 
crucibles appear to lie on two diagonal lines sloping 


Table |. Temperatures (°C) in the Molybdenum-Boron System 


Previous 
Substance Phase Change Work: 


Mo,B Incongruent melting 2000° 
Complete melting 2060° 


2097°-2142° 
<2142° 


MosB, Incongruent melting 2070° 2221°-2266° 
1 P - 


Disproportionation 850 - 


MoB Melting 2180° 2325°-2374° 
MoB, Melting 2100° 
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upward to the left. These points occur at different 
compositions because they were taken from experi- 
ments designed to measure evaporation processes 
and since boron is lost preferentially from these 
samples the composition of the residue changes 
during experiments sufficiently long to give ap- 
preciable vaporization. The compositions of these 
samples have been calculated from incomplete 
vaporization results. 

The three points at compositions of 10.1 pct B, 
corresponding to MOoB,,, resulted from separate 
experiments designed to establish the melting point 
of MoB. 

Except for the one point at about 8.3 pct B and 
2350°C, obtained from experiments in a tantalum 
crucible, all the data on the diagram are consistent 
with the general features of the system as proposed 
by the previous workers and as drawn here. This 
one discrepancy is not considered serious in view 
of the fact that the composition of this sample was 
not well known because of uncertainties in the 
initial composition and in the changes of compo- 
sition arising from vaporization. 

At the temperatures 2142° and 2221°C the ap- 
pearance of partially melted samples lying to the 
left of the Mo,B, composition and the appearance of 
unmelted samples lying to the right of this compo- 
sition clearly indicate the presence of the compound 
earlier reported. Rough estimates were made of the 
extent of melting of the different samples after the 
experiment at 2266°C and they showed for the 
points in the neighborhood of 7 pct B that the extent 
of melting decreased with increasing boron content, 
thus indicating that the proposed diagram is correct 
and excluding the possibility of a congruently 
melting compound at Mo,B,. There seems, then, to 
be little doubt concerning the general features of 
the diagram. 

It is apparent from Fig. 1 that the peritectic 
temperatures for Mo.B and Mo,B, and the melting 
point of MoB may be set within reasonably narrow 
limits. It is in these temperatures that the present 
work differs considerably from the previous work. 
The temperatures as reported by the earlier workers 
and as determined in this investigation are sum- 
marized in Table I. 

Table I shows that the temperatures observed in 
this study are some 100° to 200° higher than the 
ones previously reported. Generally speaking, in 
temperature measurements with an optical pyro- 
meter, errors other than those resulting from gross 
mismatching of brightnesses of the filament and 
the object tend to make the observed temperatures 
too low. Such is the case, for example, if the object 
is not a black body, if the pyrometer lenses are 
dirty, or if absorbing or scattering substances are 
in the light path. 

It is possible that if the temperatures recorded 
by the previous workers are low they may be 
so for the following reasons. First, sighting through 
a gas, as apparently the previous workers have 
done, leads to uncertainties if any convection 
currents in the gas exist or if any particles remain 
suspended in the gas. Convection currents may 
lead to refraction effects and particles screen out 
light, both tending to make the observed temper- 
ature too low. Second, although it would appear as 
if in the experiments of the previous workers that 
the bottom of their black body tube into which they 
sighted to get a temperature observation should be 
at the same temperature as that of their sample 
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resting in the crucible adjacent to it, some doubt 
is raised concerning the appropriateness of the 
observations because neither the sample itself nor 
a hole drilled in it was actually observed. 
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Technical Note 


N the measurement of retained austenite concen- 

trations in steels using the integrated intensity 
method,’ Averbach has pointed out* that the absorp- 
tion factor A(@) for a flat sample making a glancing 
angle ¢ with the incident X-ray beam can be com- 
bined with his constant factor R to obtain our con- 
stant factor’ G provided that “1—There is no pre- 
ferred orientation in the sample, and 2—The geo- 
metric requirements [for the sample, film, and X-ray 
beam] have been met precisely.” If A(@) can be 
combined with R to give G according to the equation 


G=R-: {1] 


then the possibility for making non-compensating 
errors in the austenite determination has been elim- 
inated. This has been described previously in a tech- 
nical note.” 

Because of the brevity of the previous note,’ it was 
impossible to emphasize the fact that the two con- 
ditions on preferred orientation and geometry can 
be easily met experimentally, contrary to Aver- 
bach’s statement that: “. . . the necessary conditions 
must be tested experimentally for each determina- 
tion, and this is done most easily by observing 
whether the apparent absorption has the form of Eq. 
2 [the theoretical equation for A(@) ].’” The way in 
which these two conditions can be met experiment- 
ally will be discussed briefly to help clear up this 
point. In addition to these two conditions, other fac- 
tors such as sample shape, homogeneity, and grain 
size which also affect A(@) will be included in this 
discussion. 

A(#@) depends on sample shape. The theoretical 
function for A(@) was derived originally for a flat 
surface.’ In general we have found that a flat sample 
surface is readily obtainable.* If such a surface can 


* The effect of surfaces which are not flat on the measurement 


is easily reproducible from sample to sample, 2— it 
is the form required for metallurgical examination 
—this type of examination being frequently desirable 
for this work, and 3—it is an efficient shape for dif- 
fraction purposes. Perhaps the most important of 
these features is that a flat sample surface is easily 
reproducible; hence, this requirement on the repro- 
ducibility of A(#@) from sample to sample is met for 
all such samples. 
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Notes on the Determination of Retained Austenite by X-Ray Methods 
by Karl E. Beu 


| 


Fig. 1—Schematic diagram of the quartz crystal monochromator 
diffraction unit. The centerline of the main beam is at 6° to the 
target face. The tangent to the crystal face is at 16.8° to the 
main beam. The centerline of the monochromatic beam is at 
33.6° to the main beam. The sample surface can be rotated in 
its own plane. The angle of the sample surface and the mono- 
chromatic beam can be adjusted by rotating about the vertical 
axis, B_ The film holder can also be rotated about B so that the 
film can be exposed over the desired angular range. For Fe 


Ka, 3. 1.932A. 1011 planes of quartz have d — 3.35A. 


A(#@) depends on homogeneity and grain size. If 
the sample is badly segregated or the grain size is 
large, the effect of micro-absorption and primary 
extinction” ‘ must be considered. It has been shown, 
however, that for most plain carbon or low alloy 
hardened steels, neither micro-absorption nor pri- 
mary extinction effects are present.’ 

A(@) depends on camera geometry. For a given 
angle #6, A(@) remains theoretically constant from a 
geometrical viewpoint only if the following factors 
are kept constant: 1—the angle of inclination ¢ of 
the sample to the X-ray beam, and 2—the centering 
of the sample with respect to the film cylinder. 
These are mechanical problems which can be solved 
readily if the facilities of a good machine shop are 
available. The arrangement used to insure that the 
angle # remains constant and the centering of the 
sample is reproducible is indicated schematically in 
Fig. 1. The sample is clamped against a thin plate 
with a hole in it by means of a spring-loaded pres- 
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of retained austenite will be discussed later. 
be obtained, it has the following advantages: 1— it 


sure plate. The focused monochromatic X-ray beam 
strikes the sample after passing through the hole in 
the thin plate without touching the edges of the hole. 
In this manner the sample surface can be precisely 
and reproducibly located with respect to the X-ray 
beam and film cylinder. The sample holder can ac- 
commodate samples of various shapes and sizes and 
the proper angular and centering relationships can 
be maintained as long as the surface to be examined 
is flat. 

A(@) is affected by preferred orientation. This 
effect can be minimized by rotating the flat sample 
surface in its own plane. This is accomplished by 
rotating the entire sample holder by means of small 
2 rpm motor as indicated in Fig. 1. Such rotation 
does not disturb the angular relationships of the 
sample, X-ray beam, and film, but it does minimize 
preferred orientation, as well as grain size, effects. 
This has been borne out by the fact that, of the ap- 
proximately 1500 austenite analyses made to date, 
no misleading results were obtained because of pre- 
ferred orientation or grain size. 

The factors discussed in the four preceding para- 
graphs are the significant factors which may affect 
the constancy of the A(é@) function from sample to 
sample for this problem. It has been demonstrated 
that either these factors have a negligible effect on 
A(@) or they can be controlled so that A(@) can be 
maintained constant from sample to sample. Hence, 
there are no valid reasons for excluding A(@) from 
the constant factor R to give the new constant factor 
G, according to Eq. 1. 

After having ascertained that the theoretical re- 
quirements on A(@) could be met experimentally, 
we were interested in determining to what extent it 
was possible to depart from these requirements and 
still not affect the reliability of the austenite deter- 
mination, We have investigated the effect of 1— 
sample surface roughness and curvature, 2—varying 
the angle 4 over a range of 30°, and 3—displacing 
the sample from the film cylinder axis in the direc- 
tion of the primary monochromatic X-ray beam. 
As a result of these investigations, it has been con- 
cluded that any or all of the factors can be varied 
over a wide range without affecting the austenite 
determination significantly; i.e., the results all fall 
within the range of the standard deviation of our 
measurements.t A conclusion that can be drawn 


' These results will be reported elsewhere in detail. 


from these observations is that it makes no signifi- 
cant difference in the final result of austenite per- 
centage whether or not the sample or geometry con- 
ditions are closely maintained and reproduced. Thus, 
Averbach’s statement that: “If these conditions are 
not met [precisely], the validity of the determina- 
tion is questionable’ is not borne out by experi- 
mental observations. 

Averbach also discusses the use of a Geiger 
counter diffraction technique for measuring austen- 
ite concentrations. He suggests the following pro- 
cedure: “A series of readings are taken in the vicin- 
ity of the diffraction peak. The highest reading in- 
cludes the diffraction peak plus background. The 
background is obtained from the average of several 
readings on each side of the peak.’” It is worth-while 
to point out that this technique is susceptible to two 
types of errors which can be serious especially for 
low austenite concentrations (less than 2 or 3 pct). 

The difficulty in making peak intensity measure- 
ments as just described is related to the fact that the 
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shapes of the austenite and martensite diffraction 
peaks are affected, among other things, by the 
nature of the microstresses in the austenite and 
martensite grains. We have found that peak height 
measurements are not a reliable criterion of the 
austenite content of a given sample and it is for this 
reason that we have continued to use integrated in- 
tensity measurements. A study was made on a group 
of 38 miscellaneous samples to see if peak height 
and integrated intensity measurements could be cor- 
related. It was found that errors as large as 75 pct of 
the amount of austenite present could be made if 
peak height measurements were used, Thus, inte- 
grated intensity measurements must be used where 
a high degree of accuracy is required. 

Even if there were no difficulties encountered in 
making peak intensity measurements, there would 
be the problem of determining where to measure the 
true background. Referring to Fig. 1 of a previous 
note,” it can be seen from the microphotometer rec- 
ord of this figure that there are relatively strong 
cementite peaks in the vicinity of the austenite 
(220) and (311) peaks. If background measure- 
ments were made on or near the cementite peaks in 
the vicinity of the austenite (220) or (311) peaks, 
the austenite results could be seriously in error if the 
cementite concentration is on the order of 5 to 10 pct. 
This amount of cementite is normal in many hard- 
enable steels including ball bearing and gage block 
steels. 

Another statement* which may lead to some 
confusion is: “The absorption correction [A(@)] in 
ref. 1 [the original reference by Averbach and 
Cohen' to A(@) is Z. Wilchinsky; Journal of Applied 
Physics. (1944) 15, p. 812] erroneously contained an 
extra sin ¢ in the numerator.”’ Whether or not this 
sin @ term appears in A(@) depends on the definition 
of the area term a used in A(@). Wilchinsky states 
that 

ay sin ¢ sin (20 — ¢) 


m sin (20— 4) + sind 


= 


where ay is the area of the sample illuminated by 
the X-ray beam. Another form of this equation is 
a, sin (20 — 4) 
sin (20— 4) + sind 
where a, is the cross-sectional area of the collimated 
X-ray beam.’ It should be noted that these equa- 
tions are related by the following equation: 
a, = ay sind. 

In his note,” Averbach let a, 1 so that his Eq. 2 
was written as 

1 sin (20 — 4) 

sin (20 — + sind 
The conclusion to be drawn from this discussion is 
that all three equations for A(@) are identical, the 


differences being due only to the way in which the 
area term a is defined. 


A(@) = 


= 
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The Partition of Some Alloying Elements 


Between Carbide and Ferrite in Steels 


by D. A. Scott and G. S. Farnham 


Partition of certain elements, particularly nickel, was determined 


for slowly cooled steels, the greater number containing from 0.30 
to 0.35 pct C. Approximately 3 pct of the nickel, 18 pct of the 
manganese, 33 pct of the molybdenum, and 35 pct of the chromium 
occur in the carbide phase. Partition of one element is not much 


HE object of this investigation was: 1—to de- 
termine the partition of nickel between cemen- 
tite and ferrite in a medium and high carbon series 
of annealed steels; 2—to evaluate the effect of 
chromium and/or molybdenum or both on the parti- 
tion of nickel in medium carbon annealed steels; 3— 
to determine the partition of chromium between 
ferrite and carbide in a series of medium carbon an- 
nealed steels; and 4—to study the chemistry of the 
carbides formed in an AISI 2330 steel during both 
isothermal transformation, and quench and draw 
experiments at 1150°F (620°C). 

The partition of alloying elements between ce- 
mentite and ferrite in annealed steels has been the 
subject of many investigations, a summary of which 
has been given by Austin’. However, there is no 
satisfactory data available concerning the partition 
of nickel. It has generally been assumed that virtu- 
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affected by the presence of another. 


Table |. Analyses of Steels 


Range of Composition, Pet 


Steel Type Cc Si Mn Ni Cr Mo 
Med. C, Ni 0.29-0.35 0.15-0.25 0.25-0.65 0.10-3.77 _ _ 
High C, Ni 0.82-0.85 0.23-0.28 0.27-0.29 0.10-3.35 
Chromium 0.34-0.35 0.16-0.18 0.24-0.31 0.45-1.42 _ 
Ni-Cr 0.31-0.33 0.26-0.32 0.35-0.39 0.73-3.30 0.80-0.83 
Ni-Mo 0.33-0.34 0.16-0.20 0.34-0.36 0.00-3.36 0.21-0.23 
Ni-Cr-Mo 0.31-0.34 0.16-0.22 0.30-0.35 0.00-3.43 0.83-0.88 0.22-0.25 


ally all of the nickel concentrates in the ferrite phase 
in annealed steels. Two investigators’* have report- 
ed the finding of nickel in extracted carbide residues. 
Recently, it has been shown‘ that nickel substitutes 
up to 40 pct for iron in the lattice of cementite pro- 
duced by the low temperature carburization of iron- 
nickel powders. In addition to the lack of data on 
nickel partition, the literature also fails to make ref- 
erence to the effect of other elements on the nickel 
content of the carbide in nickel-bearing steels. 
The partition of molybdenum between ferrite and 
carbide has been reported*’ for hypoeutectoid steels, 
isothermally transformed at 1300°F (705°C) and 
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Table ti. Composition of Steels 


Steel Analysis, Pet 


e 


Alley Ne. 


SS 


| 


| 


1200°F (650°C) and also quenched and drawn at 
these temperatures. As for the higher carbon steels, 
the data for molybdenum is somewhat complicated 
by the appearance of more than one carbide. For 
molybdenum contents below 0.5 pct in general, ce- 
mentite was found to be stable, while at higher 
molybdenum values (Fe,Mo),C, occurred. With 
cementite dominant, the weight percentage of 
molybdenum in the carbide was four times the 
weight percentage of molybdenum in the steel. With 
the compex carbide dominant this ratio varied from 
(4.5 to 7):1. There was also an indication that the 
concentration of molybdenum in the carbide was 
somewhat greater when the isothermal transforma- 


Table I1!. Partition Data for Annealed Steels 


Carbide Analysis, Pet 


Carbide,* 
Wt Pet c 


z 


Alley Ne. 


| 
| 


| 


= 
+ 


3528! 8486! 2888! | 
33258 


| |! 


PPP 


SPL 


* Calculated from carbon content of steel and theoretical carbon 
content of cementite. 
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tion temperature was raised from 1200°F (650°C) 
to 1300°F (705°C). 


Experimental Work 

Using a method proposed by R. W. Gurry, of the 
U.S. Steel Corp. Research Laboratory, Kearney, 
N. J., carbides were isolated electrolytically from 
the series of steels listed in Table I. 

Compositions of the individual steels used are 
given in Table II. All steels except steel N6, a com- 
mercial heat which was used for isothermal trans- 
formation and quench and draw studies, were melt- 
ed in a 50 lb induction furnace and cast in dry sand 
molds as 1 in. diameter bars weighing about 6 lb. 
All melts were deoxidized in the mold with ap- 
proximately 1.5 lb of aluminum per ton. The bars 
were homogenized in vacuo at 2500°F (1370°C) 
after which they were annealed 2 hr at 1550°F 
(840°C) and finally furnace-cooled at a rate of 
100°F per hr, measured at 1300°F (704°C). 

Carbides were separated from % in. diameter x 
3% in. long samples suspended vertically as the 
anode in an electrolytic cell, copper gauze forming 
the cathode. A solution containing 75 grams cad- 
mium bromide per 200 ml of water was used, cad- 


Table IV. Typical Partition Data for Annealed Steels 


Ferrite Analysis,* Pet Ferrite Analysis,t Pet 


Alley No. 


* From electrolyte analyses. 
t From carbide weights and compositions. 


mium being plated out at an anodic current density 
of about 0.08 amp per sq in. Carbides falling from 
the anode were caught in a paper extraction thimble. 
Nitrogen bubbling through the electrolyte prevented 
the oxidation of the iron and also acted as a stirring 
mechanism. 

After electrolysis the carbides were collected and 
then washed successively with water, alcohol, and 
ether, and then dried. This was followed by weigh- 
ing and chemical analyses. The electrolytes were 
analyzed for iron, and in some cases for the other 
elements, in order to check on the effectiveness of 
the carbide separation and the accuracy of the car- 
bide analyses. The fact that the carbon content of 
the carbides corresponds to that of cementite shows 
that the carbides did not break down on separation. 
The methods followed appeared to be quantitative, 
since the electrolyte analyses checked those calcu- 
lated from the compositions and amounts of carbides. 

The results of the carbide analyses and the weight 
percentage of the carbide are listed in Table III. 
There has been no adjustment made to bring the 
total carbide composition to 100 pct, figures listed 
being those actually obtained. Divergence from the 
100 pet figure, which is evenly divided on a plus and 
minus basis, indicates the inevitable minor analyses 
errors. Some corroborative ferrite compositions ob- 
tained from solution analyses are shown in Table IV, 
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N1 
4 N2 
N3 
NS 
N6 
N7 
NCl 
NC2 
NC3 
NC4 
NCS 
CRI 
CR2 
CR4 
NCRI1 
NCR2 
NCR3 
NCR4 
NM1 
NM2 
NM3 
NM4 
NM5 
NCRM1 
‘ NCRM2 
NCRM3 
NCRM4 
NCRM5 
0.000080 
; | Fe Ni Cr Mo Ni Cr Mo 
N3 98.3 1.60 1.59 
N7 95.8 3.80 3.85 
NCR4 95.1 3.40 0.52 3.37 0.53 
NM5 95.0 3.40 0.15 3.44 0.14 
NCRM5 95.6 3.50 0.60 0.15 3.52 0.58 0.15 
Nl 
N2 
N3 
NS 
N6 
N7 
NCI 
NC2 
NC3 
NC4 
CR2 
CR4 
NCRI . 
NCR2 
NCR3 
NCR4 
NM1 
NM2 
+ NM3 
NM4 
NM5 
NCRMI1 
NCRM2 
NCRM3 
NCRM4 
NCRM5 
¥ 


Table V. Partition of Individual Elements in Annealed Steels 


Total Alley Elements 
in Carbide, Pct 


Alley Ne. Mn Ni Cr Mo 


N2 17.0 2.40 _ _ 
N5 19.0 3.20 
N7 18.0 2.40 
NC2 35.0 8.00 
NC3 44.5 8.20 _ 
NCS 43.5 7.60 
CRI 23.0 33.0 
CR2 21.0 35.0 
CR4 17.0 — 33.0 _ 
NCRI 16.0 2.60 37.0 _ 
NCR2 17.5 3.40 38.5 -- 
NCR4 15.5 2.90 37.5 —_ 
NM2 20.0 2.90 - 33.0 
NM3 19.0 2.90 —_ 34.0 
NM5 18.5 3.00 — 35.0 
NCRM2 17.5 1.95 35.0 34.0 
NCRM3 16.5 2.20 35.0 34.0 
NCRM5 15.0 2.30 32.5 34.0 
*Average 18.3 2.70 35.0 33.4 


* For all medium carbon steels investigated. 


which also lists for comparison ferrite compositions 
calculated from carbide weights and analyses. The 
partition of various elements in the carbide are 
shown for selected steels in Table V. The average 
figure listed for each element is for all of the 
medium carbon steels investigated. The analyses of 
carbides separated from the commercial steel N6 
after both isothermal transformation and quenching 
and drawing are given in Table VI. 


Discussion 

The investigation shows that carbides of annealed 
nickel-bearing steel contain significant percentages 
of nickel, although the greater part of the nickel is 
contained in the ferrite phase; the weight percent- 
age of nickel in the carbide was found to be directly 
related to the weight percentage of nickel in the 
steel. Previous investigators had found this to be 
the case for manganese, chromium, and molybde- 
num. For a given nickel content, increasing the car- 
bon level did not affect the weight percentage of 
nickel in the carbide. It did, of course, by increasing 
the amount of carbide, increase the percentage of 
total nickel held by that phase, increasing this value 
from 2.8 pct for the medium carbon N series steel 
to 8.1 pct for the high carbon NC steel group. 

For the same nickel content there is apparently 
less nickel in the carbide of the triple alley NCRM 
series steel than in the carbide of the other nickel 
alloy steels tested. If this is a real effect, a possible 
explanation is that the increased total amount of 
carbide-forming elements present limits the amount 
of nickel that can be held by the carbide. However, 
the weight percentage of manganese, chromium, and 


Table Vi. Analysis of Carbides Separated from AISI 2330 Steel 


Oil Quenched from 1450°F 
Isothermally Transformed (790°C) and Drawn at 
at 1150°F 1150°F (620°C) 


Hrat C, Ni, Mn, Fe, Hrat c, Ni, Mn, Fe, 
1150°F Pet Pet Pet Pet 1150°F Pet Pet Pet Pet 


1 6.75 195 2.35 88.62 4 6.70 2 2.05 

2 6.73 185 2.45 88.75 7 668 202 226 88.81 
4 6.70 185 248 88.73 25 669 188 246 88.87 
8 669 180 253 88.61 50 669 1.79 266 88.78 
100 668 168 295 88.83 100 6.70 1.73 289 88.86 
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molybdenum in the carbide is relatively unaffected 
by the presence of other alloy elements. 

It is not suggested that the findings of this in- 
vestigation hold for steels of widely diverging com- 
positions and heat treatments, for it is probable that 
an increase of the total alloy content of the carbide 
will affect the amount of any given element that can 
be held by the carbide. However, this investigation 
does show that there was no such effect for manga- 
nese, chromium, and molybdenum over a wide range 
of nickel contents. 

Results reported in Table VI are for the analyses 
of carbides separated from ,the one steel examined 
that had been both isothermally transformed and 
drawn. They indicate that manganese gradually re- 
places nickel in carbide as the time of holding at 
subcritical temperatures is increased. This process 
apparently eventually slows down as the replace- 
ment at 100 hr was less than expected. 


Summary 

In variously alloyed annealed 0.30 to 0.35 pct 
carbon steels examined, the alloying element in the 
carbide as a percentage of the total amount of alloy- 
ing element was found to be approximately 2.7 pct 
for nickel, 18.3 pct for manganese, 35.0 pct for 
chromium, and 33.4 pet for molybdenum. Increasing 
the nickel content of the steels was not found to 
affect these percentage values for the other elements 
present, nor did the addition of chromium or molyb- 
denum affect the weight percentage of nickel in the 
carbide. However, the combined addition of these 
two elements lowered the nickel content of the 
carbide. 

The weight percentage of nickel is the same in 
0.30 to 0.35 pet carbon steels and 0.80 to 0.85 pct 
carbon steels having the same nickel content. How- 
ever, the percentage of the total available nickel that 
is present in the carbide increases from 2.8 to 8.1 pct. 

Increasing the holding time at 1150°F (621°C) of 
a 3.4 pet nickel steel, containing 0.65 pct manganese, 
led to a replacement of nickel in the carbide by 
manganese from the ferrite. 
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System Titanium-Chromium-Molybdenum 


by R. P. Elliott, B. W. Levinger, and W. Rostoker 


Phase equilibria in the Ti-Cr-Mo system have been investigated 
for alloys containing 100 to 40 pct Ti in the temperature range 
550° to 1300°C. Five experimental isothermal sections and a sur- 
face of incipient melting are presented in addition to a summary 
projection of the 8 space. Seven vertical sections have been con- 
structed from the isothermal sections. 


STUDY of the system Ti-Cr-Mo was undertaken 

as part of a program sponsored by Watertown 
Arsenal toward the development of titanium-base 
phase equilibrium diagrams of potential technical 
importance to alloy development. The scope of the 
investigation included the composition range con- 
tained by the titanium corner and the line of 64 pct 
Ti (all compositions are by weight) and the temper- 
ature range 550° to 1100°C. A surface of incipient 
melting was constructed from measurements on a 
large number of alloys. 

The system Ti-Cr has been established.’* The 
phase diagram is characterized by a wide miscibility 
field of the 8 solid solution at elevated temperatures 
and a eutectoid reaction of the type: 8 (15 pct Cr) 
~ a + TiCr, (685°C). The a solid solution has a 
very limited capacity for solution of chromium 
(< 0.5 pet Cr). The intermediate phase TiCr, has at 
best a very narrow composition range. It has been 
shown that two allotropic modifications of this phase 
exist.” However, this behavior does not appear to be 
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perceptibly reflected in the form of phase bound- 
aries of the type 8/8 + TiCr.. In the system Ti-Mo,*” 
the 8 phase is stabilized to successively lower tem- 
peratures with increasing molybdenum content. 
There are no known intermediate phases. The a 
solid solution is limited to less than 0.5 pct Mo. 

Because of the very extensive range of the 8 
phase, the ternary system was ideally suited to the 
determination of the phase boundaries by the para- 
metric method of Andersen and Jette." A parametric 
surface was constructed to provide the necessary 
basis for the application of this method. 


Preparation and Treatment of Alloys 

More than 60 alloy compositions were prepared 
for the study of this system. Alloy buttons of 10 
grams were arc-melted in a nonconsumable elec- 
trode furnace using inert atmosphere protection 
and a water-cooled copper crucible. The construc- 
tion and operation of this type of melting unit have 
been adequately described elsewhere.” To insure 
complete solution of alloy additions, the buttons were 
remelted alternately on top or bottom as many as 
five times. This was accomplished by a suitable 
mechanism for “flipping” over the ingots. 

Iodide titanium (99.97 pct Ti) was used as the 
alloy base. An especially high quality chromium 
(99.9 pct Cr) was obtained from the National Re- 
search Corp. Molybdenum sheet (0.005 in.) of 99.9 
pet purity was used. 
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Table |. Summary of Annealing Schedules for Attainment 
of Equilibrium 


Temperature, °C Time, Hr 
550 720 
650 260 
750 110 
850 56 
950 33 
1050 19 
1150 13 
1200 9 
1300 7 


Charges were weighed to the nearest milligram 
and the resultant ingot reweighed to the same ac- 
curacy. Average weight losses for iodide titanium 
melts were of the order of 0.02 gram. It was as- 
sumed that the weight losses, less the 0.02 gram for 
titanium, represented volatilized chromium. Nomi- 
nal compositions were corrected on this basis. The 
validity of this method of correction was checked 
frequently by chemical analysis. The alloy composi- 
tions in Fig. 1 are believed to be accurate to at least 
+ 1 pet. 

Specimens heat treated below 1100°C were en- 
closed in Vycor bulbs. For temperatures in excess of 
1100°C, quartz bulbs were used. Partial pressures of 
argon prevented collapse of the bulbs at tempera- 
tures above 950°C. Bulbs were simply evacuated at 
lower temperatures. Heat treatments were con- 
ducted in resistance element tube furnaces with 
temperature control of + 3°C. 

All as-melted alloys were given a preliminary 
homogenization anneal at 1000°C for 24 hr. Homo- 
genized buttons were broken or cut to provide suffi- 
cient specimens for subsequent equilibrium anneals. 
Time schedules for the equilibrium anneals are 
given in Table I. 


Examination of Alloys and Analysis of Data 

Lattice parameters of the 8 phase were obtained 
from back-reflection patterns using filtered Cu Ka 
radiation (Cu Ka, = 1.5374 kX units). Suitable pow- 
der specimens were prepared by filing or crushing an- 
nealed alloys and screening through 200 mesh. An- 
nealing was performed by sealing in small Vycor 
tubes and heat treating for about 10 min at the 
temperature at which the original specimen was an- 
nealed. The powder capsule was then vigorously 
quenched but not broken. It was found by experi- 
ment that this method of quenching was sufficiently 
rapid to prevent detectible anisothermal transfor- 
mation. 

In principle, the precision measurement of the 
lattice parameter of a phase may be used in conjunc- 
tion with the elementary rules governing the phase 
boundaries of isothermal sections to identify the 
composition of the saturated condition in two and 
three-phase fields. On any isothermal section, a 
two-phase field is made up of a family of tie-lines 
along which the compositions of the two phases are 
invariant but the proportions vary. Provided that, 
for any given isothermal section, the direction of the 
tie-line passing through a given alloy composition 
lying in the two-phase field is known, then the lat- 
tice parameters of the phases may be used to locate 
the extremities of the tie-lines. Obviously, the loci 
of such tie-line extremities are phase boundaries be- 
tween single and two-phase fields. A preliminary 
necessity, therefore, is a knowledge of the variation 
of the lattice parameters with composition. In a 
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three component system, this relationship is repre- 
sented by a parametric surface involving two inde- 
pendent composition coordinates and an independent - 
parameter coordinate. Since a _ three-dimensional 
surface is awkward to use, it is common practice to 
develop a two-dimensional plot of isoparametric 
contours on the composition triangle. The family of 
isoparametric contours for the § phase is shown in 
Fig. 2. 

The parametric method in three-component sys- 
tems is most easily applied when the miscibility 
range of one of the phases of a two-phase field is 
very small. Then, essentially, the tie-lines converge 
to a point (within the accuracy of experiment) and 
the direction of any tie-line is defined by the alloy 
composition and the common point of tie-line inter- 
sections. This is the condition both for the (a + B) 
and (8 + TiCr.) fields. 

The three-phase field (a + 8 + TiCr,) was also 
located with the aid of lattice parameters. In this 
instance, two corners of the triangular-shaped field 
are substantially fixed at the same positions for all 
isothermal sections. The single variable is the corner 
identifying the composition of the 8 phase. Since 


0000 0 


Fig. |—Compositions of alloys melted. 


Fig. 2—Isoparametric contours of the parametric surface. 
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Fig. 3—Isothermal section at 600°C. 


the composition of the 8 phase is invariant within 
the three-phase field, a number of alloys located 
within this field provide a best average value of the 
lattice parameter. Furthermore, since the three- 
phase field is the result of a eutectoid transforma- 
tion, there is no vital necessity to approach complete 
equilibrium but only to insure complete rejection of 
proeutectoid phases. This is a considerable advan- 
tage because of the difficulty of recognizing the 
occurrence of three phases metallographically and 
because of the great sluggishness of the eutectoid 
transformation. The 8 corner of the three-phase 
field on any isothermal section is given by the inter- 
section of the two boundaries 8/8 + TiCr, and B/a 
+ B with the isoparametric line dictated by the best 
average lattice parameter for 8 in the three-phase 
field. These intersections are illustrated on the 
isothermal sections presented in the paper. 

It is generally very difficult to measure the liquidus 
and solidus temperatures of refractory metal sys- 
tems by thermal arrest methods. An approximation 
of the solidus temperature is achieved by the use of 
incipient melting techniques. In principle, sharp 
corners of small specimens are observed to round 
or collapse on heating to a temperature above the 
solidus at which sufficient liquid has formed to de- 
stroy the ability of the specimen to retain its ex- 
ternal shape. When this observation is made with an 
optical pyrometer, the temperature at which incipi- 
ent melting occurs can be measured concurrently. 
Specimens are suspended on a tungsten wire in a 
high temperature vacuum induction furnace. The 
design and operation of this unit have been de- 
scribed.” The incipient melting procedure was cali- 
brated against a selection of pure metals with suffici- 
ently diverse melting points that the correction 
curve covered the whole range encountered in the 
alloys under study. Thus, all corrections were based 
on interpolations. 


Discussion of Phase Equilibria 
As might be expected, the main points of question 
on the ternary equilibria are the rate of depression 
of the eutectoid (8 ~ a + TiCr,) temperature and 
the extent of the (8 + TiCr,) field. 
Isothermal sections were constructed at 50°C 
intervals between 550° and 900°C, inclusive, and at 
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Fig. 4—Isothermal section at 650°C. 


Fig. 5—Isothermal section at 700°C. 


Fig. 6—Summary of § surface isotherms. 
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Fig. 9—Vertical section at 4 pct Mo. 
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Fig. 11—Vertical section at 4 pct Cr. 


100°C intervals between 900° and 1300°C, inclusive. 
Because of the insuppressible transformation 8 > a’ 
on quenching alloys of low chromium and molyb- 
denum content, it was necessary to determine 
B/a + B boundaries at 800° and 850°C by metallo- 
graphic means. Isothermal sections with the sup- 
porting data for the 600°, 650°, and 700°C levels 
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Fig. 10—Vertical section at 8 pct Mo. 
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Fig. 12—Vertical section at 8 pct Cr. 


are shown in Figs. 3, 4, and 5. Fig. 6 presents a con- 
tour plan of the B/a + 8 and f/f + TiCr, surfaces 
and a projection of the course of depression of the 
eutectoid composition. 

The (8 + TiCr,) field sweeps far into the compo- 
sition triangle at lower temperatures. A compressed 
scale contour plan of the 8/8 + TiCr, surface is 
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Fig. 14—Vertical section at 80 pct Ti. 
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Fig. 15—Vertical section at 70 pct Ti. 


given in Fig. 7. Data for the 800° and 1200°C 
boundaries are shown in Fig. 8. 

The isothermal sections have been used to con- 
struct vertical sections along selected directions in 
the composition triangle. Vertical sections at 4 pct 
Mo, 8 pet Mo, 4 pet Cr, 8 pet Cr, 90 pet Ti, 80 pct Ti, 
and 70 pct Ti are shown in Figs. 9 to 15, respectively. 
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Fig. 16—Surface of incipient melting. 


The incipient melting measurements for 23 alloys 
were used to construct the surface of incipient melt- 
ing shown in Fig. 16. The method used was essenti- 
ally the same as that used to construct a parameter 
surface. 


Summary 

1—The ternary equilibria of the Ti-Cr-Mo sys- 
tem has been investigated in the composition range 
100 to 40 pct Ti and over the temperature range 550° 
to 1300°C. 

2—The main features of the system are the de- 
pression of the binary eutectoid reaction (8 ~ a + 
TiCr.) and the extent of the (8 + TiCr.) space. 
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DISCUSSION, W. O. Philbrook and John Pollock 
presiding 


N. A. Gokeen (Michigan College of Mining and 
Technology, Houghton, Mich.)—The author should be 
congratulated for this and other careful investiga- 
tions’ * on the activity of sulphur in liquid iron alloys. 

The activity coefficient of sulphur, represented by 7’ 
for the system Fe-S, is very close to unity for the 
range of sulphur covered in this investigation. The 
overall coefficient y in Fe-S-C-Mn can be calculated 
from the data on simpler systems Fe-S-C and Fe-S- 
Mn by using the following relation:** 


Y = Yo° Yun 


where ye and yu» are the coefficients due to the effects 
of carbon and manganese in Fe-S-C and Fe-S-Mn, re- 
spectively. ye is given in the last column of Table I; 
yu»e is determined experimentally for test No. 134, and 
for the other tests, it can be calculated for a small 
variation of manganese from 1.8 to 2.8 pct by using 
either a straight line plot of log yu. vs pet Mn, or the 
equation yu. = 1 — 0.10 (Mn%/2), where —0.10 is the 
decrease in yu. from 1.00 to 0.90 for an increase of Mn 
from 0.0 to 2.0 pet. 

Table II gives the calculated values of yu. and ¥, 
and shows that the agreement between the calculated 
and reported values of y is very good. 

It is reported that manganese evaporates rapidly 
from the melt, though the data on the rate of vapor- 
ization is not given. Calculations from the available 
thermodynamic data® give a vapor pressure of 1.06x10" 
atm at 1600°C for manganese in iron at a concentra- 
tion of 2.0 pct if it is assumed, in view of the atomic 


Effect of Manganese on the Activity of Sulphur in Liquid Iron And 
lron-Carbon Alloys 


by J. P. Morris 


Table II. Calculated Values of yun and 7 


+ in Fe-8-C-Mn 


Test No. Calculated Reported 
134 1.00 0.90 0.90 0.90 
127 1.95 0.91 1.77 1.77 
126 3.71 0.86 3.20 3.32 
125 6.51 0.86 5.60 5.55 


similarities of these metals, that iron and manganese 
form an ideal solution. If the rate of bubbling helium 
was 1 liter per min, then the maximum rate of loss 
should be 0.31 pet Mn per hr from the melt. It would 
be interesting to know how this calculation compares 
with the author’s observations. 

J. P. Morris (author's reply)—In test 134, the rate 
of manganese loss from the melt by volatilization was 
0.20 grams per hr, as compared with the theoretical 
rate of 0.14 grams per hr, assuming ideal solution be- 
havior. The closeness of agreement between these two 
values suggests that the bubbling technique used in 
the experiments may be a very satisfactory method for 
determining vapor pressures and activities of certain 
alloying elements in liquid iron. 

It is also of interest to note that with melts contain- 
ing carbon, manganese was volatilized at a slower rate. 
At carbon saturation the rate was roughly one-third 
that for the carbon-free metal. 


eJ. ‘Chipman: Discussions of the Faraday Soc. (1948) No. /- p. 23. 
7™N. A. Gokcen and J. Chipman: Trans. AIME (1952) 194, p. 171; 
Journat or Metats (February 1952). 

* National Bureau of Standards, Circular 500 (1952). 
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DISCUSSION, G. Derge and D. J. Girardi presiding 

N. A. Gokcen (Michijzan College of Mining and 
Technology, Houghton, Mich.)—While the authors pre- 
sent very interesting results on the effect of sulphur 
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Liquidus Surface of the Fe-S-O System 


and Walter Crafts 


upon the solubility of oxygen, they have not estab- 
lished convincingly the lines of two-fold saturation 
(the valleys in Fig. 2) and the ternary eutectic point. 
Their contention that sample S-7, upon melting at 
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Fig. 7 (above)—Cooling curve, run A. Insert shows the crucible 
assembly. 


Fig. 8 (right)—Cooling curve, run B. 


925°C, contained only the ternary eutectic cannot be 
conclusive on the sole basis of microscopic examina- 
tion. Further evidence such as the cooling curves of 
various mixtures are necessary in order to establish 
the ternary eutectic point. 

The two runs, presented in this discussion, were 
made under the conditions outlined by the authors in 
order to obtain the cooling curves shown in Figs. 7 
and 8. Run A consisted of 25 grams of the initial 
charge analyzing as mixture S-7, but melted in a 
platinum crucible. The thermocouple protection tube, 
inserted in a tightly fitting platinum protection tube, 
was used to stir the charge. Platinum was slightly 
attacked by the molten charge. Fig. 7 shows that the 
mixture did not indicate the presence of a measurable 
amount of ternary eutectic which should freeze at a 
constant temperature. Run B, Fig. 8, analyzing the 
same as the eutectic point E (67.3 pct Fe, 23.7 pct S, 
and 9.0 pct O) also failed to establish the eutectic 
point. Thus it is questionable that the two-fold satu- 
ration lines, hence the eutectic point, presented in this 
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paper are an improvement over those of Vogel and 
Fulling.® 

D. C. Hilty and Walter Crafts (authors’ reply)—The 
authors appreciate Dr. Gokcen’s interest in this work. 
It is apparent, however, that taken at their face value 
his results are as inconsistent with those of Vogel and 
Fulling as with those of the present paper. Evaluation 
of Gokcen’s results without analyses, microstructures, 
and better description of his samples is rather difficult. 
When mixtures of iron oxide and iron sulphide are 
melted in the absence of a considerable excess of 
metallic iron, as, for example, in a platinum crucible, 
extensive oxidation of the sulphide occurs unless very 
high SO, pressures are maintained, so that the ulti- 
mate composition of the melt may be at rather wide 
variance with the starting composition. It seems prob- 
able, therefore, that Gokcen’s samples deviated sig- 
nificantly from compositions that would contain sub- 
stantial amounts of the ternary eutectic. It appears 
that additional work and review of Gokcen’s procedure 
are required before critical comment is possible. 


DISCUSSION, G. Derge presiding 


J. P. Morris (Pyrometallurgical Branch, U. S. Bureau 
of Mines, Pittsburgh)—The discussion in this paper 
calls attention to the effectiveness of the bubbling 
technique as a means of attaining the maximum rate 
of approach to equilibrium in studies of gas-metal re- 
actions. To anyone who may be interested in using 
this method, I would like to point out that only a very 
shallow immersion uf the tip of the bubbling tube is 
necessary. In our experiments, the depth of immer- 
sion was adjusted to the point where there was good 
agitation of the metal but little or no splashing. When 
immersion was too deep, violent splashing of the 
metal resulted. To use a deeper immersion, it would 
be necessary to cover the crucible and to maintain 
crucible, lid, and metal at a uniform temperature. 

W. O. Philbrook (Carnegie Institute of Technology, 
Pittsburgh)—Dr. Gokcen’s paper skt.ould be very help- 
ful in planning experiments to obtain equilibrium 
data for certain reactions in which one of the reactants 
is added or removed from the system continuously and 
where the rate of supply of this reagent effectively 
limits the overall process in the manner of a pseudo- 
first-order reaction. In oral discussion of the paper, 
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Attainment of Equilibrium in Gas-Metal Reactions 


by Nev A. Gokcen 


Dr. Gokcen stated that this was not a “kinetic” ap- 
proach but a “thermodynamic” one; a better word 
might have been “stoichiometric.” Regardless of the 
viewpoint, the treatment is based on the kinetic rela- 
tionships for first-order chemical reactions, and its use 
is therefore valid only for reactions which follow such 
behavior. The applications shown all involved gaseous 
reagents where presumably only one atom from a 
molecule of the gas participated in the reaction. For 
any new reaction, Dr. Gokcen’s equations should be 
used with caution, for qualitative predictions only, 
until their validity has been established for the par- 
ticular reaction in question. Subject to these precau- 
tions, Dr. Gokcen’s equations should be useful in esti- 
mating the time required to attain equilibrium or the 
possibility of shortening the time of experiment by 
changing some of the conditions. 

N. A. Gokcen (author’s reply)—The author is in- 
debted to the discussers for their valuable remarks. 

It will be reported in a forthcoming paper that, in 
complete agreement with Mr. Morris’ observations, 
the bubbling tube should be immersed approximately 
2 to 3 mm as measured indirectly with a manometer 
indicating the pressure of gas. 
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Professor Philbrook’s discussion, stressing the limit- 
ations of the derived equations, is very important in 
avoiding overdrawn conclusions regarding reaction 
rates at steelmaking temperatures. These limitations 
are the natural consequence of the fact that the cal- 
culated time is the minimum time, which appears to 
have been realized under certain conditions described 
in this paper. 


In order to calculate the minimum time, it is neces- 
sary to assume that the outlet gas reaches equilibrium 
with respect to concentration of dissolved element at 
any time. The treatment is therefore based upon 
thermodynamic and_ stoichiometric limitations ex- 
pressed in Eq. 6, and not on the order of reaction with 
respect to the gas phase or the dissolved elements in 
liquid iron. 


DISCUSSION, G. Derge presiding 


R. L. Bohon and Scott Anderson (The Anderson 
Physical Laboratory, Champaign, Ill.)—The thermal 
conductivity method of hydrogen analysis in metals 
has been used in this laboratory with excellent suc- 
cess for almost a year. The apparatus and procedure 
are based on the M.L.T. design, but a few modifications 
have been made which simplify construction and 
eliminate some of the disadvantages of a single-sta- 
tion thermal conductivity cell. 

A two station Pirani gage (type P G-1A, Distilla- 
tion Products, Inc.) was utilized for thermal conduc- 
tivity measurements. This unit consists of two identi- 
cal tubes, one under permanent high vacuum and the 
other attached to the system. The two tubes are 
mounted side by side to reduce the chance of tempera- 
ture differences. In operation one merely adjusts the 
voltage drop across the system tube to a constant value 
(3.0 v) and reads an ammeter which is calibrated di- 
rectly in units of air pressure. The gage must be cali- 
brated before analysis with pure N, and H, and the 
ammeter readings used merely as an index of gas 
thermal conductivity. 

This type of gage has the advantage of being inde- 
pendent of room temperature fluctuations and there- 
fore eliminates the necessity of using a constant tem- 
perature bath on the conductivity cell itself. This in 
turn eliminates the annoying mercury condensation 
mentioned by Shields et al. on the chilled walls of 
the cell and permits one to do away with the cold trap 
just preceding the cell. The difficulty of maintaining 
precisely constant volumes of the trap and cell at con- 
stant temperature throughout a day’s operation can be 
readily eliminated by this simple substitution of 
thermal conductivity measuring device. 

Another advantage of the Pirani gage is that sudden 
evacuation of the system does not cause great changes 
in filament temperature and there is little or no chance 
of overheating the wire such as is the case with the 
single filament gage described by Shields et al. Even 
a break in the system and consequent subjection to an 


Thermal Conductivity Method for Analysis of Hydrogen in Steel 


e M. Shields, John Chipman, and Nicholas J. Grant 


atmosphere of air can be tolerated for a short time 
without damaging the Pirani gage. 

When using a commercial Pirani gage one must take 
into account that the upper limit of the ammeter scale 
usually corresponds to about 0.25 mm hydrogen and 
therefore the McLeod gage must be capable of reading 
low pressures quite accurately. Our gage covers the 
range from 10° to 2.0 mm Hg in two stages (10° to 0.12 
mm and 0.12 to 2.0 mm). The volume of our system is 
somewhat larger than that of the M.I.T. apparatus to 
compensate for the lower maximum pressures which 
can be tolerated (V, = 1346 ml, V, 1701 ml). On the 
other hand this low pressure sensitivity is quite ad- 
vantageous when analyzing specimens of low hydro- 
gen content. 

A liquid nitrogen or dry ice-acetone trap has been 
added just prior to pump H, in order to freeze out any 
water vapor evolved during analyses. The trap is not 
cooled during the baking-out period, The use of this 
trap has materially reduced and stabilized blanks. 
Since it is not in the analytical portion of the system, 
its maintenance is not critical. 

B. M. Shields, J. Chipman, and N. J. Grant (authors’ 
reply)—Elwnination of the cold trap preceding the 
thermai conductivity gage and operation of the gage 
itself at room temperature instead of at 0°C are quite 
possibly worthwhile advantages. However, it would 
appear that restriction of the hydrogen pressure to 
values less than 0.25 mm of helium is rather disad- 
vantageous. At such low pressures, the thermal con- 
ductivity is extremely sensitive to pressure thus re- 
quiring extremely accurate pressure readings. We 
would prefer to work at considerably higher pressures, 
on the order of 1 to 2 mm of helium, and are rede- 
signing our equipment to work in this range. The ad- 
vantage of higher pressure operation is that less sensi- 
tive pressure readings are necessary due to the facts 
that pressure influences the thermal conductivity to a 
lesser extent and the difference between the thermal 
conductivity of hydrogen and nitrogen is substantially 
increased. 


DISCUSSION, H. P. Rassbach presiding 


J. F. Elliott (Inland Steel Co., East Chicago, Ind.j— 
The authors are to be commended on the work reported 
here. They have utilized oxygen in their production 
efforts in a very intelligent manner in order to solve 
their problem of a variable supply of hot metal. 

Fundamentally the addition of oxygen to the blast 
should have two major effects: 1—to increase the rate 
of oxidation because of the higher partial pressure of 
oxygen in the system, and 2—with a given system to 
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Use of Oxygen in the Bessemer Converter 


by W. T. Rogers and L. T. Sanchez 


increase the amount of heat available either to raise the 
temperature of the bath or to melt cold materials. 
This lacter effect results because proportionally less 
nitrogen passes through the vessel. It must be recog- 
nized, however, that in an operation of this type many 
1actors may come into play which tend to obscure the 
direct observation of these basic effects. 

It is of considerable interest to note that the time 
for the introduction of oxygen during the heat influ- 
ences the ability to melt scrap. Oxygen added early in 
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the blow when silicon is being removed is not as effi- 
cient as is the same addition when carbon is being 
removed. Can this be interpreted to mean that oxygen 
carried through the bath and into the atmosphere of 
the vessel oxidizes CO to CO, during the carbon blow 
and thereby develops more heat in the upper part of 
the vessel? 

There are some metallurgical questions which arise 
from the statistical treatment. The authors state “. 
the total heat produced is dependent on the composi- 


tion of the iron rather than on increased amount of - 


oxygen in the blast.” This is true but the factor of sig- 
nificance is the available heat for melting scrap which 
is both a function of metal composition and the actual 
amount of nitrogen passing through the vessel. Nitro- 
gen acts as a coolant and the amount is directly influ- 
enced by the oxygen concentration in the blast. Metal- 
lurgically one may expect the following factors to be 
interrelated: 1—metal composition; 2—concentration of 
oxygen in the blast, and actual total oxygen in the 
blast; 3—blowing time; 4—scrap melting ability; 5— 
tapping temperature; 6—charge weight; 7—vessel 
temperature; 8—metal temperature; and 9—miscel- 
laneous factors. For example statistically it has been 
shown that an increased scrap charge shortens blowing 
time. The effects are rather complex. With a fixed tap- 
ping weight and with an increased proportion of scrap 
added, there will be less metalloids to be oxidized. 
Thus scrap acts as a diluent. Greater additions of ox- 
ygen should decrease the time for the removal of a 
given amount of metalloids. A faster refining time will 
reduce proportionately the heat losses so that more 
scrap can be melted because of the greater amount of 
available heat. 

The point being made here is to repeat that old 
axiom that a statistical study of this type must be 
based on sound metallurgical principles and the results 


must be interpretable by reasonable metallurgical 
thinking. 

Do the authors have data on how this practice in- 
fluences the nitrogen level in the steel? 

This paper is of considerable interest and the au- 
thors are to be congratulated on making such a prac- 
tical application of this relatively new raw material, 
commercially pure oxygen. 

W. T. Rogers and L. T. Sanchez (authors’ reply)— 
We wish to thank Mr. Elliott for his interesting com- 
ment on our paper. In general, it can be stated that the 
object of the paper was to show what happens with 
respect to scrap melting capabilities of the process 
when oxygen is introduced into the bessemer blast 
rather than why it happens. The reactions of oxidation, 
reduction, heat transfer, and combustion zones within 
the vessel were recognized as being too complex to 
lend themselves to explanation by a production experi- 
ment such as the one presented. 

With respect to the efficiency of oxygen during the 
blow, it has been found on a previous experiment that 
the waste gases at the converter nose have a larger pro- 
portion of free oxygen present during the period of 
silicon removal than during the carbon removal period. 
It is therefore highly probable that CO is further 
oxidized to CO, in the vessel thus developing more 
heat during this phase of the process. 

The statement that “the total heat produced is de- 
pendent more on the composition of the iron than on 
increased amount of oxygen in the blast” was made as 
a generally accepted theory. In this discussion, how- 
ever, it may be interpreted as indicating that for a 
given practice with respect to oxygen and scrap 
charged the final teeming temperature is dependent on 
iron chemistry, particularly the silicon content. 

With respect to the nitrogen level in the steel, 
Table IV in the paper shows no significant difference 
between the regular practice and the oxygen practice 
at the oxygen level used. 


Evaluation of the pH and Conductivity Methods of Slag Control 


by P. D. S. St. Pierre 


DISCUSSION, C. M. Squarcy presiding 


C. E. A. Shanahan (British Iron and Steel Research 
Association, Sheffield, England)—In view of the gen- 
eral increased metallurgical load to basic open hearth 
furnaces it is now essential more than ever to perform 
the necessary refining operations in the bath with a 
minimum of slag bulk. Consequently, attention has 
been drawn to methods of slag control and thus the 
subject of the author’s paper is of great topical interest. 
The use of a pH or electrical conductivity measure- 
ment on the aqueous extract of a powdered slag sample 
as a measure of basicity is very attractive because its 
determination is rapid; it may be used to give data on 
the composition of slags before they have had time to 
change significantly in composition in the furnace. 
In this way a valuable guide is provided to further 
bath additions. The errors involved with this technique, 
such as those arising from the method of taking the 
slag sample, the compounds present, the specific sur- 
face area of the sample, time of extraction, etc., have 
often been superficially discussed but never examined 
in such detail as that given by the author. He shows 
that the equilibrium pH depends on the most easily 
hydrolyzable compound present, and is not a function 
of the amount. In this connection it is of interest to 
consider theoretically the equilibrium pH obtained 
from the presence of two pure oxides M,O and M,0O. 
The action of water is presumably to convert the ex- 
posed parts of these oxides to hydroxides; the hydroxyl 
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ion concentration (and hence the pH) is then con- 
trolled by the equilibria. 


M, (OH): = M,** + 
Mn (OH): = + 


If S, and S» are the solubility products of the two 


hydroxides 
[M.**}] [OH-]* = S. 
[M2**] [OH-|* = 


i.e., + = Ss + So {1] 


It is reasonable to assume that any dissolved hydroxide 
is completely dissociated. Thus any M,** or M»** ion 
will contribute 2[OH~], neglecting OH ions produced 
by H.O = H’* + OH’ the total OH concentration will 
be + [Mo**}} 


OH- 
Le., + = [= | 
Hence, Eq. 1 becomes 

[OH-]* = + Ss) 


[OH-] = 10™ (ionic product for water) 


Hence 


— = 2(S Ss 
+ Se) 
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= 


1 
giving pH = 14.1 + = logs (Sa + Ss) [2] 


If only one hydroxide (say, M,(OH),.) is present a 
similar treatment yields 


1 
pH = 14.1 + > Sa [3] 


Eqs. 3 and 2 show the effect on the pH value of in- 
creasing the number of hydroxides in the system from 
one to two. If S, is the greater solubility product (i.e., 
of the more soluble of the two hydroxides), then pro- 
viding S» is small by comparison, Si + Ss ~ S« and 
the pH of the two hydroxide solutions is equal to that 
with M,(OH). alone. The maximum divergence be- 
tween the pH values of the two solutions occurs when 
Ss approaches the value of S,. This corresponds to a 


difference of approximately 0.10 in pH value, i.e., the 
pH value of the aqueous extract from the two hy- 
droxides together is 0.10 higher than those of the sep- 
arate hydroxide solutions. In the case of three hy- 
droxides of approximately equal solubility products, the 
pH of the aqueous extract obtained from a mixture of 
the three hydroxides together is approximately 0.16 
greater than that from one of the hydroxides sep- 
arately, i.e., the difference in pH becomes larger as 
the number of hydroxide species is increased. Similar 
results can be obtained when hydroxides of metals of 
different valencies are considered. In general, of course, 
the solubility product of one of the hydroxide species 
will be greater than those of the others and any effects 
of the latter on the over-riding pH of the most soluble 
hydroxide will be well within experimental error, a 
conclusion compatible with the experimental findings. 


DISCUSSION, C. M. Squarcy presiding 


E. A. Loria (The Carborundum Co., Niagara Falls, 
N. Y.) and R. L. Keller (Vanadium-Alloys Steel Co., 
Detroit)—The author is to be congratulated for this 
outstanding paper which has been long awaited and 
which is a truly significant contribution to the subject. 
It is indeed difficult to find any real point of contention 
with the interpretation of the data. The only alterna- 
tive is to ask questions which will amplify the scope 
of the paper and thus obtain the benefit of the author's 
thoughts and experience. 

Mr. Marburg has described and shown that a major 
defect in killed steel ingots is center porosity re- 
vealed as a series of shrinkage voids at the axis of the 
ingot and extending from within a foot of the hot-top 
junction to within a foot of the bottom. Some investi- 
gators have called it a “chevron” or “herringbone” 
structure and believe that the series of V-shaped cavi- 
ties appear to indicate some periodicity in the freezing 
process. Fig. 27 is a severe case of this defect which 
occurs in ingots of intermediate size, 15 to 25 in. width. 

What practical suggestions can be offered to avoid 
axial porosity in the present, conventional ingot de- 
signs of this size? Would the author go along with the 
thinking that V segregate and axial porosity may be 
decreased to a minimum while keeping the transverse 
cooling rate the same by, 1—increasing the vertical 
cooling rate, 2—increasing mold wall taper, or 3— 
decreasing height of ingot with respect to width? The 
second and third factors would involve decreased ingot 
yield, greater mold costs per ton of ingots produced, 
and awkward ingot handling (soaking pit hogs) which 
would tend to discourage their consideration. The 
first factor would be produced by using water-cooled 
stools, better contact between mold and stool, increased 
stool size, and heavier bottoms on molds. 

The exaggerated axial porosity in the alloy steel 
(AISI 4340) ingot shown in Fig. 27 can be compared 
with the completely sound plain carbon steel (AISI 
1020) ingot shown in Fig. 9. Would the author attribute 
the difference to the effect of the alloy content in stiff- 
ening the dendrites or crystals which bridge across the 
unsolidified center portion of, and prevent the feeding 
of, hot-top metal into the interior of the ingot? In this 
regard, it would have been valuable to have had the 
complete longitudinal section for the 32 in. ingot of 
2.08 pet Ni steel for which the dumping tests were 
made. Also, would the author comment on the effect of 
undercooling for the formation of columnar crystals 
and the undercoolability of the steel itself on the inci- 
dence of axial porosity? 

By increasing the vertical freezing rate with respect 


Accelerated Solidification in Ingots: Its Influence on Ingot Soundness 


by Edgar Marburg 


to the transverse, one would expect to obtain better 
feed from the hot top and hence a sound center in the 
ingot. However, in cases where the center of the ingot 
is to be bored in a subsequent processing operation, 
it would be advantageous to concentrate the V segre- 
gate in that area. Shrinkage due to long feeding dis- 
tance and segregation is most pronounced in the long, 
narrow ingots shown in Fig. 22. In the more appropri- 
ate ingot sizes, 18 to 25 in. by 72 to 80 in. high, would 
not the pouring of cold metal from the furnace con- 
tribute to the formation of center porosity? Indeed, the 
author’s conclusion on the ineffectiveness of the mold- 
wall taper is somewhat surprising. Usually, the V seg- 
regate has been shown to be minimized by increasing 
the taper on the ingot body to allow better shrinkage 
conditions. In certain forging ingot designs, an increase 
in the taper from top to bottom of the mold from 0.3 to 
0.5 in. per ft has resulted in a considerable reduction in 
the frequency of occurrence and seriousness of center 
porosity. 

From Marburg’s calculations, it can be shown that 
complete solidification occurs vertically rather than 
transversely at a height of 65 in. for big-end-up ingots 
over 18 in. wide and in big-end-down ingots over 21 in. 
wide. The zone of negative segregation is believed 
to be the result of the vertical solidification of purer 
metal in the lower part of the vertical core. If the 
center of the ingot remains at nearly a constant tem- 
perature and if the liquid ahead of the transverse 
liquid-solid interface is of average or less pure compo- 
sition, how can this be explained? Does the author be- 
lieve that convection currents in the liquid metal may 
play a part in the formation of this zone? Also, it is 
noteworthy that inferior mechanical properties are 
obtained from transverse test specimens taken from the 
bottom third of forging ingots. These may not be so 
much related to the amount of inclusions as to the 
distribution of the inclusions. 

The outer layers of inverted-V segregate are formed 
prior to acceleration of transverse solidification and 
therefore cannot be caused by the same mechanism 
found to cause the inner segregated streaks. Marburg 
accounts for these outer layers by postulating that 
segregation could rise readily from the upper side, but 
not from the lower side of a penetrating dendrite. The 
penetration of the long columnar crystals affords a pre- 
ferred path for heat flow permitting solidification to 
occur upwardly in advance of the segregated layers 
and thus entrap them. On the basis of work done on 
gases in steel, could not these inverted-V streaks pos- 
sibly be the result of gas evolution in the ingot? 

Would the author comment on the effect of modifying 
the air gap between ingot chill skin and the mold wall, 
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brought about by the contraction of the solid skin and 
the expansion of the mold itself, on ingot structure 
based on relative rate of solidification? This change in 
the wall of the ingot, from being in contact with a sur- 
face which is conducting heat away rapidly, to contact 
with gases which are relatively nonconducting, alters 
the temperature gradient between the center of the 
ingot and the outside so that reheating of the outside 
of the ingot takes place by conduction from the hotter 
molten metal in the center causing a further tendency 
to expansion. This occurrence has produced corner 
weakness or tearing along segregate lines and some 
producers of forging ingots have considered heating 
molds locally on the outside, at the position where they 
occur, in order to expand the mold prior to teeming. 
Also progressively filling the mold wall-ingot skin with 
molten lead in order to give some support to the ingot 
chill skin and eliminate the nonconducting gaseous 
layer has even been suggested. 

Elis Helin (Elektriska Svetsningsaktiebolaget, Gote- 
borg, Sweden)—In his very interesting contribution to 
our hitherto limited knowledge on the solidification of 
steel ingots, Mr. Marburg reproduces a number of sul- 
phur prints and macroetch figures, valid for fairly large 
ingots. Particularly the sulphur prints give good infor- 
mation on the lamellar segregation, while the mac- 
roetch figures reproduced do not reveal much about 
the details of the etching results of the ingots they 
represent. 

The etch picture reproduced in Fig. 17 is, as far as I 
can understand, intended to show the freezing or the 
primary structure of a 29x66 in. large ingot of semi- 
killed steel with a carbon content of 0.24 pct. However, 
certain features of this figure make it doubtful that 
Fig. 17 really shows a primary structure. Rather it 
appears to show a transformation structure, a type 
which is usually called a secondary structure, the 
lowest part of the figure giving the impression that the 
macroetch contains longish crystals, which in the inner 
part of the ingot are continuously sloping upward. This 
fact is the reason for doubting that Fig. 17 shows a 
primary structure. 

According to Hultgren” longish crystals are not al- 
ways primary crystals, but can be the result of a 
transformation in the solid state. In steel, freezing as 
5 iron and thereafter transforming into » iron, a struc- 
ture can arise which can be confused with a freezing 
structure. This transformation structure is distin- 
guished by continuously bent crystals, and the bend- 
ing is caused by the growing crystal accommodating 
to the form of the existing isotherm of the transforma- 
tion. A primary crystal on the contrary continues to 
grow in the direction started and grows until it is 
stopped by other crystals. Thus a primary crystal, 
contrary to a secondary one, does not change its direc- 
tion of growth through any alteration of the shape of 
the solidification isotherm. In the corners of the ingots 
the primary crystals grow rectilinearly until they meet 
crystals from the other side of the diagonal plane. 
Therefore the patterns of the two types of structure 
generally do not coincide. 

On p. 163, Mr. Marburg says: “Above line ada ver- 
tical columnar crystals slope inwardly, which indicates 
that transverse components of heat extraction became 
effective along this line.” Just this slope inwardly 
proves that Fig. 17 most probably shows a transforma- 
tion structure. A steel containing 0.24 pct C starts its 
solidification with the precipitation of 5 iron, this phase 
later being transformed to y iron and forming secon- 
dary crystals. Despite lack of knowledge of the etch- 
ing solution used, one cannot avoid the impression that 
Mr. Marburg transfers conditions that are valid for the 
solid state to the transformation of the liquid-solid. 
Since it is not plainly stated that Fig. 17 really repro- 
duces the primary structure, statements regarding a 
bottom base cone have no reality. 

When ingots of the sizes discussed by Mr. Marburg 
solidify in a normal way one first gets a thin layer of 
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columnar crystals and thereafter a thicker layer of 
columnar crystals. Inside this layer of columnar crys- 
tals we have the equiaxed crystals. Under normal 
pouring conditions the thickness of the layer of the 
columnar crystals probably will not exceed, let us say, 
30 pet of the thickness of the ingot width. In large 
ingots the layer probably is thinner. The existence of 
a bottom base cone, built up by columnar crystals, 
therefore seems to be improbable. If on etching one 
cannot reveal a bottom base cone, the heat extraction 
seems to follow such rules as if a cone did exist. Mr. 
Marburg’s investigation reveals evidently that, since a 
certain time has elapsed, the rate of solidification is 
accelerated not only in the vertical direction but also 
in the transverse one. The start of this acceleration 
must not be associated with a change in the type of 
crystallization. Here the statement from p. 163 seems 
to be sufficient. Very important both from theoretical 
and practical points of view is his conclusion that cer- 
tain ingots can complete the solidification vertically, 
instead of the old assumption that solidification in 
normal ingots always is completed transversely, and 
also his statement that this depends on the ratio w/h. 

As an explanation of the origin of the outer lines of 
inverse-V segregation the following can be suggested: 
According to the statement on p. 167 that the lines of 
inverse-V segregation start at the same depth and the 
fact that the solidified layer in the ingots investigated 
according to Figs. 6, 7, and 15 has a uniform thickness 
up to about 80 min after pouring, one is inclined to 
assume that these outer lines of inverse-V segregation 
originate from the transition from columnar crystal- 
lization to the formation of equiaxed crystals. 

Adjacent to the columnar crystals one has through 
the selective freezing a liquid segregated layer, sep- 
arating columnar crystals and the purer inner liquid, 
and in this segregated liquid layer the temperature for 
the formation of nuclears is much lower than in the 
liquid steel where equiaxed crystals are formed. If 
nuclears for equiaxed crystals have been formed and 
they have started to grow, diffusion from the segre- 
gated liquid layer is stopped. This impure liquid ma- 
terial therefore solidifies later than the inner liquid 
steel and will appear in the solidified ingot in the 
shape of lamellar segregations. 

Edgar Marburg (author's reply)—The kind remarks 
of Messrs. Loria and Keller are greatly appreciated. 
I have attempted to answer their questions in tabu- 
lated form below. 

Effects of Various Factors on Axial Porosity in Ingots: 

1—Increase of vertical cooling rate—The effect of 
heat extracted by the stool on vertical solidification 
above the base cone is almost negligible. Hence it 
seems doubtful that thicker stools, copper or water- 
cooled stools would effectively reduce axial porosity 
in ingots. 

2—Increase of mold-wall taper—For reasons given 
in the paper, I do not believe that increase of mold- 
wall taper beyond those now used would effect any 
significant improvement of internal soundness. 

3—Increase of ingot taper—Increase of ingot taper 
from 0.3 to 0.5 in. per ft, as mentioned by the discussers, 
could quite possibly improve the internal soundness 
of killed carbon-steel ingots. Neither taper is extreme. 
Sykes,” however, found no improvement in the inter- 
nal soundness of alloy-steel ingots cast in molds of ex- 
aggerated internal tapers. It seems doubtful that in- 
crease of present ingot tapers would effect sufficient 
improvement in ingot internal quality to offset the 
practical disadvantages of extreme tapers. 

4—Decrease of height of ingot with respect to width 
—The discussers have answered this question. Practical 
considerations govern. 

5—Pouring metal cold—I have no data as to the 
effect of the pouring temperature on axial porosity. 
There is evidence, however, that the tendency of de- 
crease of casting temperature would be to increase 
central unsoundness, at least in low-alloy-steel ingots. 
In the Second Report on the Heterogeneity of Steel 
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Ingots” appear reproductions of the crystal structures 
of two 18x18 in. low-alloy-steel ingots cast at 2894° and 
2822°F, respectively.* Although both ingots are quite 
+ The nozzle sizes used ‘in casting these ingots varied slightly. A 
%4 in. nozzle was used in casting the hotter steel, a 1 in. nozzle for 
the other. Any effect of this difference, however, should reduce 
the effect of the casting temperature difference on the crystal 
structures of the ingots. 


sound, the one cast at the lower temperature reveals a 
vertical core that is definitely narrower than that in 
the ingot cast at the higher temperature. 

Cause of Axial Porosity in Low-Alloy-Steel Ingots: 

1—Effect of alloy content in stiffening dendrites— 
The theory that dendrites must break off to allow free 
feeding of steel in the ingot interior has never appealed 
to me. The difference in pressure between the top and 
bottom of a single dendrite is negligible. 


2—Effect of undercooling. 

a—On columnar crystals—The experiments of 
Siegel’ and others show that crystal structure 
is dependent on undercooling. Steels of low 
undercoolability (e.g., stainless steel) have pre- 
dominantly long columnar crystals and large 
crystal size. Steels of deep undercoolability 
(e.g., low-alloy steels) comprise principally 
small, free (equiaxed) crystals, with only short 
columnar crystals. 

b—On axial porosity—The experiments of 
Spretnak”™ show that rates of ingot solidification 
vary with crystal structure. The solid section 
just below the hot-top junction in low-alloy- 
steel ingots (Fig. 27) indicates that such ingots 
solidify faster transversely relative to vertically 
than do carbon steel ingots. The vertical cores 
of low-alloy-steel ingots normally comprise fine 
equiaxed crystals. The density of nucleation in 
this core may hamper free downward flow of 
liquid metal in the core, so that excessive por- 
osity develops. 

Cause of Negative Segregation: 

The basis for this question is not clear. If segregates 
may rise freely from the face solidifying in a vertical 
direction, but cannot escape from the faces solidifying 
transversely, it seems that conditions are such that 
very pure metal may be solidified vertically in the 
lower middle zone, whereas layers of inverted-V segre- 
gation may be entrapped transversely by the mechan- 
ism described in the paper. 

1—Convection currents in the liquid metal—Granat 
and Bezdenezhnickh” determined that the liquid steel 
in a 32 in. octagonal ingot attains the liquidus tempera- 
ture in a matter of minutes after pouring. With no 
temperature gradients in the liquid metal, they con- 
clude that convection currents are out of the question 
during the solidification of an ingot. It seems difficult 
to disagree with this conclusion. 

2—Inclusions in the lower third of an ingot—The 
well-known prevalence of inclusions in the lower por- 
tion of an ingot indicates that inclusions do not escape 
upwardly during solidification, as do segregates. 

Inverted-V Segregation: 

1—Effects of gases -in steel—The discussers do not 
specify the experimental work which, they say, indi- 
cates that gases in steel might be related to inverted-V 
segregation. 

The fracture of an ingot at Homestead Works, Fig. 
28, to which reference was made in the paper, reveals 
a network of fine dendrites in layers of inverted-V 
segregation. This structure seems to indicate that low- 
melting liquid layers were entrapped. 

Inverted-V segregation is generally less pronounced 
in semikilled (gas evolving) ingots than in killed in- 
gots. In some split ingots of the former type appear 
faint inner lines of inverted-V segregation with fainter 
traces of segregation directed inwardly and upwardly 
in paths that gas would be expected to follow. It seems 
probable, therefore, that gas escaping inwardly and 
upwardly carries with it a certain amount of the seg- 
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Fig. 28—6'2x9 in. section from upper middle portion of 34 in. 
width of fractured 34x60x90 in. high, hot topped, big-end-up ingot, 
split at Homestead District Works, United States Steel Corp. 
Arrows designate inverted-V layers or streaks, which comprise fine 
dendrites. The ladle analysis was: C, 0.33 pct; Mn, 0.32, P, 0.026; 
S, 0.023; Si, 0.07; Ni, 3.62; and Cr, 1.89. Area reduced approxi- 
mately 75 pct from natural size for reproduction. 


regation from the liquid segregated layer, and thereby 
reduces the intensity of the latter. 

Effect of Air Gap Between Ingot and Mold Wall on 
Ingot Structure: 

I know of no evidence that the formation of an air 
gap between the ingot and the mold wall causes any 
retardation or reduction of the ingot-solidification rate. 
The dumping experiments of Chipman and FonDer- 
smith” reveal an apparent delay in the start of solidi- 
fication of about 1 sec, but no delay beyond this. Con- 
trary, perhaps, to what might be expected, heat seems 
to be conveyed across the widened air gap as effec- 
tively as it is across the narrow air gap always present 
between ingot and mold. As the widening of the air 
gap seems to have no significant effect on ingot-solidi- 
fication rate, so it seems to have no effect on ingot 
crystal structure. Preheating of molds would probably 
have the same effect on ingot crystal structure as in- 
creased pouring temperature, namely, to increase col- 
umnar crystallization. 

Dr. Helin questions whether the structure of the 
29x66 in. ingot (Fig. 17) is not a secondary rather than 
a primary one, citing the bending of crystals as evi- 
dence. it is not quite clear, however, what significance 
he attaches to the question with regard to the findings. 

The ingot in question was etched in hot 10 pct sul- 
phuric acid in a mill pickling tank, which etching 
should, we believe, develop primary structure. Since 
metallographers” tell us that it is not possible to de- 
velop exclusively one type of structure, however, it 
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seems quite likely that secondary structure may have 
been revealed also. One finds very little in the litera- 
ture concerning the differences between primary and 
secondary structures, in particular as to whether any 
difference in length of columnar crystallization occurs 
between the two. Although Hultgren‘ discusses in 
detail the bending of columnar crystals, in the only 
ingot in which he shows both primary and secondary 
structure, the columnar crystals are of equal length 
and slope. Hultgren comments, “It is seen that the di- 
rection of secondary crystals in the outer zone is gov- 
erned by the existing primary crystals.” Leitner” 
however, presents an example of a 16 in. diameter low- 
carbon-steel ingot in which the primary columnar crys- 
tals, as developed by Oberhoffer’s reagent, are much 
shorter than the secondary columnar crystals revealed 
by an ammonium persulphate etch. When and to what 
extent, then, do primary and secondary columnar crys- 
tals differ in length? 

Dr. Helin questions whether columnar crystals grow 
to the full height of the base cone of the 29x66 in. 
ingot. He says that columnar crystallization normally 
extends to not over 30 pct depth in an ingot. This gen- 
eralization is probably true with respect to killed 
carbon-steel ingots, but we do not believe that it ap- 
plies to semikilled ingots, the type in question. All the 
several semikilled ingots that, over the years, have 
been split at Homestead and Gary Works, reveal long 
columnar crystals. In some, the inner lines of inverted- 
V segregation mark the extent of columnar crystalliza- 
tion. That is, transition coincides with acceleration of 
heat extraction. In others, as in the 29x66 in. ingot, 
transverse columnar crystals extend to the vertical 
core. The vertical columnar crystals extend to the full 
height of the base cone in the latter, but not quite to 
this height in the former ingots. 

As to the significance of the type of crystal structure 
of the 29x66 in. ingot upon the findings, the boundaries 
of the solidification zones of this ingot do not seem to 
hinge on this question. The vertical core and the base 
cone are clearly outlined by definite crystal structure 


differences. There remain only the outer boundaries 
of the zones of accelerated transverse and accelerated 
vertical solidification, which boundary lines coincide 
with bending of columnar crystals growing from the 
sides and from the base, respectively. But the outer 
boundaries of the zones of accelerated transverse 
solidification were located coincidentally with inner 
lines of inverted-V segregation, which lines are loci of 
acceleration. This establishes that the bending of crys- 
tals does coincide with acceleration of solidification 
rates. In addition, line ada, the locus of bending of 
vertical columnar crystals, crosses the vertical axis at 
a height equal to one fourth the base width, the same 
relative depth at which acceleration from side corners 
reaches the middle axis, according to Nelson’s data. 
Thus, even if the bending of the columnar crystals did 
occur after solidification, the loci of acceleration, trans- 
versely and vertically, are not changed, and the bend- 
ing of the crystals correctly designates these loci. 

Based on his belief that transition of crystal structure 
normally occurs at a fixed depth, Dr. Helin proposes 
that the depth of transition coincides with that of the 
origin of outer lines of inverted-V segregation. Al- 
though, as mentioned above, transition sometimes coin- 
cides with inner lines of inverted-V segregation, it 
does so because these lines are loci of acceleration of 
heat extraction, which acceleration favors transition. 
I have not seen any ingot in which coincidence as 
proposed by Dr. Helin occurs. It certainly could do so 
in killed carbon-steel ingots, but such coincidence 
would, I believe, be purely fortuitous. 
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Kinetics of the Oxidation of Galena in Sodium Hydroxide Solutions 
Under Oxygen Pressure 


by J. E. Andersen, J. Halpern, and C. S. Samis 


DISCUSSION, A. Y. Bethune presiding 

M. E. Wadsworth and W. M. Fassell (University of 
Utah, Salt Lake City)—The authors of this paper 
should be complimented on the experimental tech- 
niques they have employed to investigate the rate of 
solution of galena in sodium hydroxide solution. 
Studies of this type are important not only as a practi- 
cal means of leaching normally non-leachable sub- 
stances, but also to determine the mechanism of solu- 
tion at the solid-aqueous solution interface. 


1556—JOURNAL OF METALS, NOVEMBER 1953 


There is some question, however, as to the conclu- 
sions which have been drawn by these authors con- 
cerning their proposed mechanism. Unfortunately, the 
contribution of OH was not definitely established in 
their work, and concentrations less than 0.5 N NaOH 
evidently were not investigated. The pressure data at 
123°C and 0.5 N NaOH were used to determine pres- 
sure dependency and the subsequent model proposed 
was taken as correct on the basis of the three points 
presented in Fig. 5 of the paper. In developing the 
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proposed mechanism the authors did not include the 
surface mass balance which should enter into the de- 
velopment as follows: 


O, (g) = O, (aq) = {equilibrium [9] 

oO 

PbS (s) + %O, (aq) = PbS (s) {equilibrium [10] 

PbS (s) + H,O (1) > {rate determining step [11] 


From Eq. 9 and considering activity coefficients as 
unity, 


Jz 
K, [O,.] 


Og 


[12] 


and from Eq. 10 


Cr 6, 1 
[13] 


Cr» s(s) [O.] *2aq 
where @, represents the fraction of the total available 
surface sites which are covered by adsorbed oxygen, 
and #,, the fraction of uncovered sites. The surface 
mass balance equation, 
6. + 6, = 1 [14] 


and Eq. 12 combined with Eq. 13 result in the relation- 
ship, 


1 + 
The fraction of the surface covered, #,, may be re- 
lated to the true surface concentration by the constant, 
k.. Accordingly, the rate determining step as repre- 
sented by Eq. 11 becomes, 


[15] 


kT 
Rate — k.K 


h 
kT 
14 
At constant temperature Eq. 16 becomes, 


Rate = K, 
1 + 


{H.O]e SFq/RT [16] 


[17] 


If the rate of reaction over the range reported is pro- 
portional to P»,, the quantity K.K,'*Po,’* must be 
very much less than one. Using the mean deviation of 
+2 pct as reported in Table III and the mid range of 
the data reported, K.K,'*Po,’* must be equal to or less 
than approximately 0.1 in order to be negligible. A 
knowledge of the concentration of [O.]Jaq will there- 
fore lead to a maximum value of K: since [O.Jaq = 
K,P.,. Complete solubility data for O, at elevated tem- 
peratures and pressures are not available for all condi- 
tions represented in the work, particularly in solutions 
containing NaOH. However, extrapolated values may 
be used from data which are available. Even if these 
are within 10 pct of correct the maximum value of K, 
may be determined within narrow limits. The data of 
Geffcken” at low temperature and a partial pressure 
of 1 atm and the data of Bykow" at 100 kg per sq cm 
pressure and a wide temperature range indicate that 
the solubility of O, decreases approximately 18 to 22 


Table Ill. Experimental Data and Calculated Oxygen Solubility 
In 0.5 N NaOH at 123°C 
0.80 

Rate H,* for 0.5N 
Po, Mols per Sq Extra- Mols NaOH 
Atm Cm per Sec polated per Liter Solution 
22 5.8 7.08x10* 1.73x104 1.38x10-4 
5.6 10.0 7.16x10* 4.34x10- 3.47x104 
10.3 12.8 6.17x10-4 


7.38x10* 


7.72x10- 


* Henry constant. 
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Fig. 8—Measured rate of reaction vs P,,** and f(P,,) of the 
Langmuir form. 


pct in solutions containing 0.5 N NaOH. This is quite 
consistent even over this wide range of temperature 
and pressure. It seems logical therefore to correct the 
solubility of O. in pure water under the conditions of 
this experiment approximately 20 pct for the 0.5 N 
NaOH solution. Using extrapolated values for the 
solubility of O, in water at variable pressures and 
temperatures” and the authors’ data from Fig. 5 of 
their paper, Table III was prepared. 

For the O, partial pressure of 10.3, it is found that 
the K, is equal to or less than approximately 1.3. This 
is equivalent to an adsorption potential of —208 cal. 
This value seems unusually small to explain an ad- 
sorption process capable of splitting an O, molecule at 
the surface as proposed. 

An alternate mechanism may be proposed which also 
explains the experimental data. It is not intended here 
that this is suggested as the true mechanism since there 
is insufficient data available to support it. However, on 
the basis of the above data, the following may occur: 


{equilibrium 


| ! 
(2) 9 Ag O, (aq) = Pb-S (s) {equilibrium 


(1) O, (g) = O, (aq) 


(3) Pb-S + OH HPbO, + SO {rate determining step 
(4) SO + O. + H:O 2H*+ {fast 


From these equations, using a similar development 
as before, 


kT K:K,Po, 

14 KK.Po, 
kT [Os] aq 
~h 14+ aq 


It is not necessary to assume that k,[O,] aq is small 
compared to unity to fit the experimental data. At 
constant temperature and constant NaOH concentra- 


Rate = k.K [OH-] — k.K 


[OH-] 


NOVEMBER 1953, JOURNAL OF METALS—1557 


: 
pit 
= | 


tion, Eq. 18 becomes, 


aq 
Rate = K, [19] 
1 + k,[O,] aq 


and k, is found to be 2.47x10° and the adsorption po- 
tential under these conditions is —4350 cal. This value, 
although small, can account for the adsorption of an 
O, molecule on the surface. The results of both pro- 
posed mechanisms are plotted in Fig. 8. These are 
plotted using P», values instead of [O,] aq, and the 
value of the product k,k, of Eq. 18 was found to be 
0.199. 

J. Halpern (authors’ reply): We are grateful to Drs. 
Wadsworth and Fassell for their detailed and valuable 


discussion pointing out that an alternative mechanism 
to the one suggested by us is also consistent with our 
experimental results. It would appear that further ex- 
perimental data are required to resolve the nature of 
the pressure dependence and establish the mechanism 
of the oxygen adsorption step. With regard to the 
sequence of reaction steps suggested by Drs. Wads- 
worth and Fassell, we doubt that Step 3 could be rate 
controlling since it implies that the reaction rate 
should increase with the concentration of OH. Our 
results on this point suggest an inverse dependence. 


“ G. Geffcken: Ztsch. Phys. Chemie (1904) 49, p. 327. 

"M. Bykow: Acta Universitatis Vorohegiensis. (1937) 9, p. 29. 
'2 International Critical Tables, Vol. 3. 

™ Chemical Engineers’ Handbook (1941) p. 1128. Second Edition. 


Vapor Pressure of Zinc in the 


by A. W. Bethun 


DISCUSSION, O. C. Ralston presiding 


N. A. Gokcen (Michigan College of Mining and 
Technology, Houghton, Mich.)—Recent references,” “ 
superseding earlier work of Kelley,” were overlooked 
by the authors in the calculation of the heats of re- 
actions from existing data. In addition, the integration 
constant AS°/R was omitted from Eq. 5, and the ex- 
perimental values of AS° were not calculated and com- 
pared with the available data. 

In order to complete these calculations, and present 
a comparison, the values of log K, and log K, are 
plotted vs 1/T in Fig. 4. On the basis of the assump- 


Table Il. Results at 1273°K 


For the Zn8-Cu For the ZnS-Fe 
System System 


AH ‘vem (calculated) + 61,780 cal + 55,460 cal 
AH ‘ier (experimental) + 49,800 cal + 45,100 cal 
Difference + 11,980 cal + 10,360 cal 


AS* (calculated) + + 
AS* vem (experimental) + 323 E.U. + 
Difference 


tions presented in this paper, K = (Pz.)/(a%.) and K, 
Px, where P,. is expressed in atmospheres. 
The results at 1273°K are compared in Table II. It 
is obvious that, contrary to the authors’ contention, 


™K. K. Kelley: Bulletin 476 (1949). 
“F. D. Rossini, et al.: Selected Values of Chemical Thermody- 
namic Properties. Bur. Standards, Circular 500 (February 1952). 


Reduction of ZnS by Cu and Fe 


and L. M. Pidgeor 


—O=— ZnS- Cu, Authors 
« -+,Calcula 
~f--ZnS-Fe, Authors 
--— - «(Calculated 


80 82 8.6 88 


7 


Fig. 4—Values of log K, and log K, plotted vs 1/T. 


these differences do not agree within the experimental 
errors. 


Technical Note 


The Energy State 
by B. Welber 


CCORDING to accepted theory, fatigue in 
metals is connected with the occurrence of 
local strain hardening even at applied stresses be- 
low the yield point as a consequence of stress 
concentrations created by the presence of structural 
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of Fatigued Copper 
and R. Webeler 


inhomogeneities.’ It seemed possible, therefore, that 


B. WELBER and R. WEBELER are associated with the Radiation 


Physics Section, NACA Lewis Flight Propulsion Laboratory, Cleveland. 


TN 187E. Manuscript, Aug. 3, 1953. 
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a metal which had been subjected to cyclic stresses 
for a sufficiently large number of times, might 
possess a measurable stored energy in the same 
sense as a metal which had been cold-worked. 
Accordingly, using a calorimetric method, it was 
undertaken to determine whether the process of 
fatigue is connected with the storage of such a 
measurable amount of energy. For this purpose 
three specimens of OFHC copper were machined to 
a shape suitable for fatiguing in a Krouse machine, 
so as to have a cylindrical, narrower central portion 
measuring about '% in. in diameter by 3 in. in length, 
and annealed at a temperature of 450°C for 1 hr. 
They were then subjected to an alternating tensile 
stress for a total of about four million cycles, at a rate 
of 2000 cycles per min with the highest and lowest 
stress in each cycle being 20,000 and 1,000 psi, re- 
spectively, i.e., fatigued nearly to failure. The end 
portions of each test specimen were then cut off 
leaving the narrow central portion through which 
an axial hole about % in. in diameter was drilled 
to accommodate a heating element. (In order to 
avoid premature annealing, all this machining was 
done at slow speeds and the sample was cooled so 
that its temperature never exceeded room temper- 
ature.) Finally, the sample was polished and 
cleaned immediately before being mounted in a 
vacuum calorimeter. 

The calorimeter used in this investigation was 
the same as had previously been employed in the 
determination of the energy stored in copper by 
cold work.’ A significant improvement of the tech- 
nique of measurement was made, however, in that 
the heater power rather than the heater current 
was kept constant during the experiment. To 
achieve this, power from an electronically regulated 
constant voltage de source was supplied to a heater 
connected in a series with.a 700 ohm oil-cooled 
manganin resistor, this value being the average re- 
sistance of the heater during the course of a run. 
This arrangement assured a more uniform rate of 
heating of the specimen and thus greatly simplified 
the computations. It was found that during the 
course of a single “run” of approximately 45 min 
duration the power supplied to the heater would 
vary less than 7 parts in 10,000 although the resis- 
tance of the nichrome heater changed by as much 
as 5 pet. 

In the course of a measurement, each sample 
was heated from 20° to 450°C and the temperature 
was recorded as a function of time of heating, i.e 
of energy supplied. Two more runs were made 
without removing the sample from the calorimeter 
taking care that sufficient time elapsed between 
runs for the sample and the components of the 
calorimeter to return to room temperature. 

The difference in heat content between the second 
and third run on each sample was substantially zero 
for all temperatures, T, up te the highest tempera- 
ture attained, thus indicating that upon completion of 
the first heating the sample could be considered as 
“annealed” in the sense that another heating 
through the same temperature range led to no 
measurable energy release or absorption. Fig. 1 


Table |. Increase in Heat Content of Fatigued Copper Specimens 


Sample AH, , Cal per Gram 


36> 0 
42 + 0. 
5 0. 
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COLD WORKED BY TORSION 
TO AN AMOUNT OF 9.4 CAL/GM 
°°? °°? 


° 


RELEASED 
DURING ANNE ALING 


FATIGUED 


ie} 
(1,000 TO 20,000 PSIFOR CYCLES) 


o 


bo ——abo sho 
T,°C 
Fig. 1—Deviation in heat content \H of cold-worked copper and of 
fatigued copper relative to that of the “annealed” metal. The total 
work done in twisting the cold-worked sample was 9.4 cal per gram. 


shows the quantity AH(T), the difference in heat 
content in calories per gram of the sample, between 
the first two runs, as a function of the temperature 
T, as well as the value of AH(T) found for the first 
two runs of a copper sample cold-worked by 
torsion to an amount of 9.4 cal per gram.* In con- 


* These latter results were taken ‘from the previous investigation.? 


trast to the case of the cold-worked sample (where 
a certain amount of stored energy was released in 
the temperature range from 150° to 250°C on sub- 
sequent heating) there is no evidence of any energy 
release in this temperature range for the fatigued 
sample. Moreover, a greater amount of heat had 
to be supplied to bring the fatigued sample from 
about 250° to 400°C than was necessary in the 
same temperature range for the same sample in the 
“annealed” state, so that a fatigued sample of 
copper shows a tendency to absorb energy during 
the first heating in this temperature range. It may 
be remarked that all three specimens investigated 
showed a similar behavior. The asymptotic values 
AH,,,. for the three samples are given in Table I, 
the errors being estimated by the random differ- 
ences in AH between the second and third runs. 
Grain size measurements were made on the samples 
before and after they were fatigued and after they 
were removed from the calorimeter. There was no 
evidence of any recrystallization, the maximum, 
average, and minimum grain size remaining un- 
changed at about 2, 32, 128 grains per sq in., re- 
spectively, at 100X (ASTM grain sizes 2, 6, and 8). 

In view of the fact that strain hardening is 
supposed to accompany the process of fatigue in 
metals, the results of these measurements, indicat- 
ing the absence of any stored energy, are some- 
what surprising. Moreover, the apparent absorption 
of energy in the higher temperature range is totally 
unexpected and at present there is no explanation 
of the phenomenon. 
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DISCUSSION 


J. D. Fast and J. L. Meijering (Philips Research Lab- 
oratories, N. V. Philips’ Gloeilampenfabrieken, Eind- 
hoven, Netherlands)—After the departure of our friend 
Dijkstra to the United States, investigations on the 
effect of alloying elements on the behavior of nitrogen 
in @ iron were continued in Eindhoven. We too found 
internal friction curves with two separate peaks for 
iron containing nitrogen in addition to 0.5 atomic pct V 
or 0.5 atomic pet Mo. Our first publication on these 
investigations” appeared almost simultaneously with 
the paper now under discussion. At first sight our ex- 
perimental results seem to be in harmony with their 
conclusions, but a closer examination reveels that in 
the case of the Fe-V-N alloy the abnormal peak is not 
controlled by one time of relaxation only. 

Whereas iron containing 0.5 atomic pet Mn or Mo 
absorbs an amount of nitrogen of about the same 
magnitude as that absorbed by pure iron under iden- 
tical conditions, iron containing vanadium absorbs in 
addition one nitrogen atom for every vanadium atom. 
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Effect of Alloying Elements on the Behavior of Nitrogen in Alpha Iron 


J. Dijkstra and R. J. Sladek 


This last amount, far exceeding the first amount in the 
case under consideration, combines chemically with 
the vanadium and causes no internal friction. The “free” 
nitrogen in the vanadium alloy gives rise not only to a 
damping peak corresponding to that in pure iron but— 
due to the presence of VN particles in the metal—also 
to the abnormal peak at higher temperatures. The VN 
particles create interstitial sites around themselves 
where the free nitrogen atoms are bound much tighter 
than in the normal interstices. These abnormal inter- 
stices, therefore, will capture free nitrogen atoms 
rapidly, whereupon these give rise to the abnormal 
damping. The binding energy in the abnormal inter- 
stices is not the same for all, and with coarsening of 
the VN precipitate the distribution of these energies 
is displaced toward the side of stronger binding. This 
is deduced from a shift of the summit of the second 
peak toward higher temperatures (from 80° to 88°C 
in our experiments) caused by prolonged heating at 
950°C. From the intermediate state where they cause 
the abnormal damping, the nitrogen atoms pass over 
rather rapidly into the fully precipitated state (iron 
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nitride) where they cause no damping. Consequently, 
the VN precipitate exerts a strongly accelerating in- 
fluence on the precipitation of dissolved nitrogen. 

For the Fe-Mo-N alloy our experimental results do 
not differ essentially from those of Dijkstra and Sladek. 


The only difference is that the temperature of the max- 
imum of the abnormal peak is found by us at a some- 
what lower temperature (62°C instead of 75°C). 


J. D. Fast and J. L. Meijering: Philips Research Reports 
(1953) 8, No. 1. 


by Cyril 


DISCUSSION 


S. M. Purdy (The Carpenter Steel Co., Reading, Pa.) 
—The authors have presented a very able and worth- 
while paper that should provide a stimulus to metal- 
lurgical research. One field that could make great use 
of the mathematical tools provided is investigation into 
the transformation of phases. However, in following 
these reactions, primarily those involving two or more 
phases, it may be of greater value to know the total 
surface area of the phases involved per unit volume 
of the alloy rather than the surface to volume ratio of 
each phase. 

The following derivation, extending the authors’ 
work, should provide a method of determining the 
total surface area of a phase in a structure of two or 
more phases. The same terms and notations as the 
authors’ are used except for the few new terms intro- 
duced. 

Notations in addition to authors: S,, surface area of 
a phase; V,, volume of a phase; v,, volume fraction of 
a phase; and V, volume of specimen. 


By definition 


= (1) 


Taking unit volumes 


v, = = | (2) 


Measurement of Internal Boundaries in Three-Dimensional 


Structures by Random Sectioning 


Staniey Smith and Lester Guttman 


v, r V. (3) Table II, item 6, col. 2 
S, 2N, 
— (4) Table II, item 3, col. 2 
L, 
2N, 
S, L x V, (5) Solving for S, 
2N, L, 
S, X= (6) Substituting Eq. 3 in Eq. 5 
2N, 
S, (7) Surface area of a phase in 


L terms of square units/unit 
volume of alloy 


This derivation is simply a combination of item 3, 
col. 2, Table II and item 6, col. 2, Table II, after first 
establishing the identity of the volume term (V,) in 
the surface to volume ratio and the volume fraction 
(v,) by taking unit volumes. The term S, in Eq. 5 and 
following then is in terms area per unit volume. 

This method can be used without any equipment 
other than a metallograph. The only measurements 
needed are the number of intersections of the phase 
concerned and the total length of the line. Both of 
these can be determined without using integrating 
stages. 


DISCUSSION, J. E. Wilson presiding 


C. W. Funk (Aerojet-General Corp., Azusa, Calif.)— 
Metallurgists in the aircraft industry are very much 
interested in the high strength, weldability, and higher 
operating temperature characteristics of all-alpha tita- 
nium alloys containing aluminum. Since this paper 
describes properties of high purity materials, it would 
be expected that improved strength properties could 
be obtained from the commercial grade material re- 
portedly to be made available in the near future. We 
would like to know if the authors could elaborate on 
this from their experience. 

H. R. Ogden, D. J. Maykuth, W. L. Finlay, and R. L. 
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Mechanical Properties of High Purity Ti-Al Alloys 


by H. R. Ogden, D. J. Maykuth, W. L. Finlay, 


and R. |. Jaffee 


Jaffee (authors’ reply)— Mr. Funk's point that higher 
strength values would be obtained in Ti-Al alloys made 
from the commercial grade of titanium is well taken. 
As is well known, the difference in strength between 
high purity titanium and commercial purity titanium 
is caused by the presence of impurities in the base 
metal, the most influentia) being the ‘ interstitials, 
oxygen, nitrogen, and carbon. These impurities would 
also affect the properties of binary Ti-Al alloys such 
that the strength of a given alloy would be increased 
to about the extent that the impurities present would 
increase the strength of pure titanium. Also, since the 
quantity of impurities in the commercial grades of 
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Fig. 13 (left)—Comparison of mechanical properties of a 
annealed high purity and commercial purity Ti-Al alloys. 


titanium will vary from lot to lot, it is difficult to 
assign specific properties to a given titanium-base alloy 
unless the properties of the base metal used are known. 

One example of the differences in properties obtained 
between high purity alloys and commercial purity 
alloys is shown in Fig. 13. The commercial purity alloys 
were made from titanium sponge having a yield 
strength of about 55,000 psi. The difference in strength 
between high purity titanium and this lot of sponge is 
carried through to the alloys. It should be noted that 
there is very little loss in tensile ductility when going 
from the high purity base to the commercial purity 
base at aluminum contents as high as 7.5 pct, indicating 
that the contaminants do not impair ductility. It should 
be pointed out, however, that the fabricability of the 
commercial purity alloys is not so good as the high 
purity alloys and that the maximum aluminum content 
permissible to avoid cracking during rolling is some- 
what less than the 7.5 pct reported in this paper for 
high purity alloys. 


by F C. Holden, H. R 


DISCUSSION, J. E. Wilson presiding 


G. W. Geil (National Bureau of Standards, Wash- 
ington, D. C.)—A true stress-true strain relationship 
of the type ¢ Bd" is linear when the values are 
plotted on logarithmic coordinates. The curves pre- 
sented by the authors in Fig. 7 are of general sigmoidal 
shape, not straight lines. These data, therefore, cannot 
be closely represented by the above relationship. Thus, 
the values for the so-called “flow coefficient (B)” and 
the “flow exponent (n)” as determined by the straight 
line extrapolation are questionable. What physical sig- 
nificance can be given to the coefficient B in this case? 

Sigmoidal true stress-true strain graphs on logarith- 
mic coordinates were also obtained at the National 
Bureau of Standards for ingot iron,’ for copper, nickel, 
and copper-nickel alloys’ and for other materials, 
tested in tension at temperatures ranging from —196° 
to +100°C. It was pointed out in the papers presenting 
these results that the slopes of the logarithmic true 
stress-true strain curves at the positions of maximum 
load and the upper and lower yield points are equal 
to the respective true strains at these positions. More- 
over, this relationship holds true for any assumed gen- 
eral relation between the true stress and true strain 
and it is not restricted to a parabolic relationship such 
as o Bd". Thus if the extrapolated straight lines in 
Fig. 7 were constructed as tangents to the curves at 
the maximum load points then the recorded values of 
n theoretically should be the same as the values of 
dues. The data recorded in Table II, however, show 
considerable variation in these two values for the tests 
reported. Moreover, the values of 45... for the a 
annealed titanium do not indicate any significant trend 
of an increase in 4... with increase in the grain size 
such as that indicated by the values of n in Fig. 6 of 
the paper. 

A question also arises in connection with data pre- 
sented in Fig. 7. The extrapolated straight line por- 
tions of the curves are designated as belonging to 
different specimens than those portions of the curves 
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fen, and R. |. Jaffee 


for which data are plotted. For example, the upper 
curve and its extrapolated portion are designated as 
TMI1-15 and TM1-1, respectively. Should any special 
significance be given to this factor? 

F. C. Holden, H. R. Ogden, and R. I. Jaffee (authors’ 
reply)—The authors wish to thank Mr. Geil for his in- 
teresting discussion. The values for flow constants re- 
ported were determined by extending the straight- 
line portion of the flow curves from the point of 
maximum load up to unit strain. However, because the 
portions of the curves at low strains were of sigmoidal 
form, rather than straight lines, the actual curves were 
included in the paper. 

Values for true strain were obtained using the rela- 
tion 6 log. L/L., which assumes constant volume, 
and readings were taken up to the point of maximum 
load. Accordingly, the values for dm.. should theo- 
retically correspond to the slope of the flow curve at 
maximum load, as pointed out by Mr. Geil. It is 
thought that the lack of correspondence here is caused 
principally by the difficulty of determining the point 
of maximum load exactly. In almost all tests, precise 
determination of the strain at maximum load was dif- 
ficult because the load remained constant over a range 
of strain readings. Therefore, it was thought that the 
values of n would be more descriptive of the flow 
characteristics of the samples, and the variation of n 
rather than 4,... with respect to grain size was plotted 
and given in Fig. 6. 

With regard to the question concerning the marking 
of the flow curves of Fig. 7, there was an error in pre- 
paring the curves. The specimen designations on the 
left should be changed by deleting the numeral 5 in 
each case. 


*G. W. Geil and N. L. Carwile: Tensile Properties of Ingot Iron 
at Low Temperatures. Nat. Bur. Standards Journal of Research 
(1950). 48, p. 129. (RP2119). 

*G. W. Geil and N. L. Carwhe: Tensile Properties of Copper, 
Nickel, and Some Copper-Nickel Alloys at Low Temperatures. Nat. 
Bur. Standards Circular 520-—Mechanical Properties of Metals at 
Low Temperatures. (May 1952) p. 67. 
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DISCUSSION, J. E. Wilson presiding 


R. K. McGeary and B. Lustman (Westinghouse Elec- 
tric Corp., Pittsburgh)—The carefully determined pole 
figures of the authors are of particular value when in- 
terpreted in light of recent work on the annealing 
kinetics of zirconium." The pole figures for titanium 
are so similar to those obtained for zirconium‘ that 
such an interpretation appears to be legitimate. 

The authors interpret their various pole figures by 
assuming that the cold-rolled texture is retained and 
sharpened on primary recrystallization and that a new 
texture forms when grain growth and secondary re- 
crystallization occur. However by analogy with the 
work on zirconium," we believe that the results may 
be explained by a different mechanism. It has been 
found that in the case of zirconium “recrystallization 
in situ,” evidenced by the microscopic appearance of 
complete recrystallization and sharpening of the cold- 
rolled texture, occurs during the initial stages of an- 
nealing. That recrystallization in the usual sense is 
not complete at this stage is evidenced by the fact 
that a major portion of the deformation hardening is 
still retained. As annealing progresses a new texture 
gradually appears and eventually completely con- 
sumes the “recrystallization in situ” texture and 
eventually results in complete softening. Thus, by this 
interpretation, the authors’ Figs. 3 and 4 would be re- 
garded as intermediate stages between the initial (Fig. 
2) and final (Fig. 5) textures and are not uniquely 
characteristic of the temperature of annealing. 

Certain characteristic differences between zirconium 
and titanium are apparent: 1—the thermal reorienta- 
tions in titanium occur presumably at higher tem- 
peratures than is the case for zirconium; the time of 
annealing is of importance and since no times are given 
by the authors this effect cannot be evaluated, 2— 
domain sizes in titanium must be larger than the 2 
microns average domain diameter reported for zir- 
conium since the authors state that the diffraction 
rings for all annealed specimens showed spottiness. 

The textures for 1050°F (566°C) and 1450°F (788°C) 
rolling indicate what we believe to be the competition 
of deformation and “recrystallization in situ” on the 
one hand and annealing texture formation on the 
other. At the lower temperature, the <1010> direc- 
tion is predominantly in the rolling direction indicat- 
ing that the former mechanism prevails while at the 
higher rolling temperature neither the <1010> nor 
the <1120> directions are predominant, indicating 
that in this case both of the above mechanisms are 
operative. 

In the case of zirconium,” application of more 
sensitive X-ray spectrometer techniques to the deter- 
mination of the texture of fully annealed material re- 
vealed a splitting of the intensity maxima. It appears 
possible therefore that a similar effect would be re- 
vealed in the case of the textures shown in Fig. 5 by 
a more sensitive technique. 

Under suitable conditions we have found that heat- 
ing oriented titanium or zirconium through the allo- 
tropic phase transformation can produce either 1—the 
same texture as is produced by annealing just below 
the transformation, or 2—Burgers’ mechanism: {110}, 
{0001},, <111>, Very slow cooling is a fac- 
tor that seems to favor the former mechanism, which 
may account for the fact that the authors detected 
only the annealing type of transformation texture. 


TRANSACTIONS AIME 


Preferred Orientations in lodide Titanium 


J. P. Hammond and C. J. McHargue (authors’ reply) 
—Although the authors did not mean to imply the 
mechanisms involved in the annealing of titanium by 
the general terminology employed, the discussion of 
Messrs. McGeary and Lustman serves to focus atten- 
tion on this important subject. Additional light will be 
thrown on the texture formation in titanium in papers 
to appear soon by the authors on the effects of alloying 
on cold-rolled and annealing textures in titanium. In 
the future questionable features of textures are to be 
re-evaluated with a Geiger counter spectrometer and 
supporting and/or definitive data obtained on the an- 
nealing mechanisms. Nevertheless comment will be 
offered on the questions brought up at this time. 

First, it should be pointed out that the period of 
annealing at 1000°, 1300°, and 1500°F (resulting in 
Figs. 3, 4, and 5, respectively) was inadvertently 
omitted. This period was 1 hr for each temperature. 

Since all evidence has revealed reorientation with 
primary nucleation, the mere fact that the low anneal- 
ing texture (Fig. 3) has basically the orientation of 
the cold-rolled texture (Fig. 2) with some sharpening, 
suggests that the mechanisms responsible for this initial 
stage of annealing are polygonization and recrystal- 
lization in situ. Further, it is obvious that pronounced 
lattice bending, which is conducive to the polygoniza- 
tion process, accompanies the fragmentation and lattice 
rotations which bring the preferredness into focus dur- 
ing the cold rolling. 

The latter stage of annealing represented in texture 
by Fig. 5, we tentatively suggest, is a result of pre- 
ferred growth of existing grains rather than a process 
of nucleation and growth within them. Whereas for 
zirconium, McGeary and Lustman failed to observe an 
enlargement of grain size on going from a state where 
the low annealing texture existed to one where the 
fully annealed texture was 40 pct formed; and, further, 
found meager evidence of very large grains growing 
at the expense of small grains during this period of 
transition,’ we hope in the future to cite more convinc- 
ing evidence for the “preferred growth” in titanium. 

We agree, as do McGeary and Lustman, that re- 
orientation with annealing is a function of both time 
and temperature; also, that the reorientation, for the 
same annealing time, occurs at a higher temperature 
in titanium than in zirconium. In addition, it is ap- 
parent that the domain size for what appears to be the 
recrystallization in situ stage, is larger in titanium than 
it is in zirconium. 

The suggestion that textures for 1050° and 1450°F 
rolling may result from a competition of deformation 
and recrystallization in situ on one hand and full an- 
nealing texture formation on the other is reasonable. 
This explanation is being examined for various alloys 
of titanium. 

While it may appear that more accurate examination 
should reveal a fully annealed texture (Fig. 5) related 
to the low annealed texture (Fig. 3) by 20° and 40° 
rotations about basal normals as was the case for zir- 
conium,” we are inclined to believe that the observed 
30° rotation may be correct for titanium. Jillson and 
Anderson’s work on titanium using a Geiger counter 
spectrometer confirms our results in this connection.” 

“RR. K. McGeary and B. Lustman: Kinetics of Thermal Reari- 
entation in Cold-Rolled Zirconium. Trans. AIME (1953) 197, p. 
284; JounnaL or Merats (February 1953). 

“J. H. Keeler, W. R. Hibbard, Jr., and B. F. Decker: Develop- 
ment of Zirconium Base Alloys. General Electric Research Lab. 
Report RL 767, October 1952 

Private communication from E. A, Anderson, The New Jersey 
Zine Co., July 29, 1953 
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DISCUSSION, J. P. Nielsen presiding 


R. I. Jaffee and H. R. Ogden (Battelle Memorial In- 
stitute, Columbus, Ohio)—We have previously inves- 
tigated the peritectoid region in the Ti-C system.’ Al- 
though our investigation was not detailed and served 
chiefly to rough out the nature of the system, there are 
differences between our results and the results re- 
ported in the paper. These differences are: 1—The 
peritectoid reaction was above 900°C and below 920°C, 
whereas the paper gives 920°C on insufficient evidence 
as will be discussed later; 2—the solubility of carbon 
in § was less than 0.1 pet C, whereas the paper gives 
0.15 pet C. The peritectoid reaction temperature was 
placed at 920°C, because, in the author’s words, “...a 
three-phase structure, Fig. 6, was obtained which con- 
firmed this temperature at 920° +3°C.” The existence 
of a three-phase structure is indicative of contamina- 
tion by oxygen and/or nitrogen, and three-phase struc- 
tures cannot be taken as giving the peritectoid tem- 
perature. To illustrate this, a commercially pure Ti-C 
alloy, containing 0.14 pet C by analysis, heated for 1 hr 
at 925°, 950°, and 975°C, and quenched into water, is 
shown in Figs. 14 to 16. These structures have been 
stain-etched with 0.5 pct HF to clearly distinguish be- 
tween a, which stains dark, and TiC which remains 
white. Because of the content of approximately 0.1 pct 
oxygen and 0.02 pct nitrogen, this alloy shows the 
three-phase structure at 950°C, and would exhibit this 
structure over a considerable temperature range. There- 
fore, clearly, 920°C is too high for the peritectoid tem- 
perature on the basis of the authors’ own results. In 
further confirmation of the bracketing of the peri- 
tectoid reaction between 900° and 920°C, we have re- 
cently been studying the effect of structure on the 
properties of high purity Ti-C alloys and have again 
found the s carbide field at 920°C and the a-@ field at 
900°C. 

Concerning the solubility of carbon in £¢ titanium, 


Fig. 14—Commercial Ti-0.14 pct alloy 
quenched from 925°C. Specimen held | 
hr at 925°C. X500. Area reduced approx- 
imately 50 pct for reproduction. 
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Fig. 15—-Same alloy as Fig. 14 quenched 
from 950°C. Specimen held 1 
950°C. X500. Area reduced approximately 
50 pct for reproduction. 


Fig. 16 clearly shows carbides present at 0.14 pct C, 
which is about the same composition as the authors 
find as the terminal solubility of carbon in s. Carbon 
segregation does occur in arc melting, and it is prob- 
able that this is the cause for variations in results 
found thus far. The carbon content for the material 
shown in Figs. 14 to 16 was obtained by analyzing the 
microspecimens themselves. As another point, the hard- 
ness of the transformed fs phase in high purity Ti-C 
alloys corresponds to only about 120 Vickers, or 20 to 
30 Vickers points above the unalloyed base. This amount 
of solid-solution hardening is equivalent to about 0.1 
pet C at the most. 

It is our belief that more work should be done in this 
important region of the peritectoid to define the phase 
limits more positively than can be done using all data 
available at the present time. 

Irving Cadoff and J. P. Nielsen (authors’ reply)— 
Before answering the questions raised by Messrs. Jaffee 
and Ogden we should like to present the data on hard- 
ness given in Fig. 17. This comparison of hardnesses 
obtained by the present authors with those of Jaffee 
et al. in their earlier investigation’ shows that in the 
0 to 0.3 pet C range our hardness values are 25 to 40 
Vickers hardness numbers lower. Since hardness is 
commonly used as a criterion of contamination we 
therefore assume that the contamination present in 
our alloys was less than that present in the alloys used 
for the earlier investigation. We introduce this data 
now since the major objection to our data was based 
on the assumption that oxygen and nitrogen were 
present. To date no one has claimed zero contamina- 
tion in titanium alloys but, based on the hardness data 
available from earlier investigations, we conclude that 
the data presented in the present investigation could 
not have been distorted by the presence of contamina- 
tion to a greater extent than the data previously re- 
ported. 


Fig. 16—Same alloy as Fig. 14 quenched 
from 975°C. Specimen held 1 hr at 
975°C. X500. Area reduced approximately 
50 pct for reproduction. 


hr at 
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Titanium-Carbon Phase Diagram 
by Irving Cadoff and John P. Nielsen 


Containination may either raise or lower the titanium 
transformation temperature but it always seems to in- 
crease the hardness. In the case of the peritectoid tem- 
perature, the arguments presented can work both ways. 
Jaffee and Ogden claim that 920°C is too high and 
attribute it to oxygen and/or nitrogen. It is just as 
plausible to assume that ¢ stabilizers such as tungsten, 
copper, iron, and manganese may have been present 
in their alloys causing a lowering of the transformation 
temperature. Oxygen and nitrogen are not the only 
elements that will cause a three-phase field to appear. 
The three-phase a + s + 4 field should appear in any 
three component, Ti-C-X, system. If the 900° to 920°C 
were explored, a three-phase band should be present 
somewhere in that range, the exact location and width 
of the band dependent upon the nature and extent of 
the contamination. We support our data with the lower 
hardness values. The hardness values were obtained 
from the specimens used for metallographic study. It 
may be that the three-phase region which we observed 
was due to oxygen and/or nitrogen contamination, but 
this three-phase region was not encountered at 915°C 
nor at 925°C, which led us to conclude that the peri- 
tectoid reaction occurred between 917° to 923°C, the 
temperature being corrected for + control. It may also 
be that the reaction occurs in a temperature range rep- 
resenting the existence of an a + pg + 3 field, but this 
field still can only exist between 917° to 923°C. 

The example of a commercial titanium alloy cited 
by Jaffee and Ogden is misleading since other elements 
are present in addition to oxygen and nitrogen and if 
they had annealed a little below 920°C they would 
have encountered the three-phase structure, this effect 
also being due to the presence of the £ stabilizers. 

In the argument of the solubility of carbon in 
titanium, the use of a commercial alloy to illustrate a 
point is again misleading since the many impurities 
present in this alloy do not enable one to rationalize 
their individual effect on carbon. In support of our 
contention that fs stabilizers were present in Jaffee’s 
alloys it has been reported that the presence of man- 
ganese lowers the solubility of carbon in £ titanium" 
and indications are that copper, tungsten, and iron 
have the same effect. We have been referring to man- 
ganese, iron, copper and tungsten since they are ele- 
ments which either are present in iodide titanium or 
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Fig. 17—Vickers hardness of a-phase Ti-C 
alloys. Also shown are hardness data re- 
ported by other investigators. 


may be picked up during arc melting and processing. 
Chromium, also a £ stabilizer, reduces the solubility of 
carbon in § titanium.” Carbon segregation is not likely 
in the 0 to 0.2 pct C range since this amount of carbon 
is soluble in titanium at the liquidus, no carbide 
stringers being observed. Furthermore, alloys in this 
composition range were first annealed at 875°C, the 
single-phase a field, for 24 to 48 hr to homogenize the 
structure before annealing at investigation tempera- 
tures. 

In all cases the chemical analysis was carried out on 
specimens which had been used for the metallographic 
examination. 

“E. Ence, W. Kirk, H. Margolin, and J. P. Nielsen: New York 
University, Reports on Contract No. DA-30-069-ORD-200 (Part III) 
to Watertown Arsenal. 
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Harold Margolin (New York University, New York) 
—We have been studying sponge-base Ti-Al-Cr alloys 
with and without carbon additions under sponsorship 
of the Bureau of Aeronautics.” In regard to the phase 
diagram, it has been found that at 750°C aluminum 
additions do not increase the solubility of chromium 
in a titanium which is below 1 pct.** For example, 
alloys containing approximately 2.5 and 4.0 pct Al with 
somewhat more than 0.25 pct Cr show a + §£ structures. 
Additions of carbon have been found to shift the 
aluminum compositions at which TiCr. is observed 
from approximately 14.5 pct at 760°C (1400°F), as the 
authors have indicated, to 3 pct Al at 750°C. 


TRANSACTIONS AIME 


Constitution of Titanium-Rich Ti-Cr-Al Alloys at 1800° and 1400°F 


by Jack L. Taylor and Po! Duwez 


In regard to M, temperatures, we have obtained 
results which are considerably lower than those re- 
ported by the authors. Dr. Polykarp Herasymenko of 
our laboratory has been investigating temperature 
regions in which different microstructures develop in 
the commercial 3 to 5 pet Cr alloy on quenching from 
1000°C in lead and Wood’s metal bath. For isothermal 
transformation of small specimens (1/16 to % in. thick) 
in the interval from 600° to 200°C, he finds structures 
which can be described as f’. (The #’ structure is the 
product of submicroscopic precipitation of a from the 
original fs.) Martensite developed in 1/16 in. thick 
specimens only below about 200°C. 


Investigations sponsored under Contracts NO(as) 51-331-C 
and NO‘as) 53-018-C. 
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When bars of larger diameter (% to 1% in. rounds) 
are first quenched in a lead bath at 350°C, held there 
for from 5 to 20 min and subsequently quenched in 
water, the outer zone of the bar has the 9’ structure 
and the central part is martensitic. If the bar is held 
longer, the transformation to ’ proceeds from the 
outer regions in toward the center. A complete trans- 
formation to »° at 350°C requires 50 min for % in. 
rounds and more than 100 min for 1 in. rounds. 

As in the case of small specimens, it is necessary to 
quench below 200°C in order to obtain martensite. 
This is shown by the following tests: A % in. round 
first quenched at 350°C, held there for 20 min, trans- 
ferred to another metal bath at 225°C, held for 20 min 
and finally water quenched, shows the #’ structure in 
the whole cross section. A bar of the same size held 
40 min at 350°C and rapidly quenched to room temper- 
ature shows martensite at the center. 

It does not appear possible to ascribe the lower M, 
temperatures reported by Dr. Herasymenko to differ- 
ences introduced by impurities in his alloys, since the 
major impurities here would tend to raise rather than 
lower # transformation temperatures. It is not known 
whether the difference in M, temperature is due to 
stabilization effects or whether the breaks in the cool- 
ing curves obtained by the authors are due to some 
other reaction than the formation of martensite. 


J. L. Taylor and Pol Duwez (authors’ reply)—The 
authors thank Dr. Margolin for his interesting com- 
ments. The extent of the a solid solution with chrom- 
ium content may very well be sensitive to small 
amounts of impurities and the lack of agreement be- 
tween the two investigators might be due to the fact 
that sponge titanium instead of iodide titanium was 
used by Dr. Margolin. 

In regard to the M, temperature, we recognize that 
there might be some difference between the M, 
temperature determined from microstructure and what 
was called, for simplicity, the M, temperature in the 
present study. The significance of the temperature 
reported in the paper is that it is a temperature at 
which pronounced exothermic reaction takes place 
during cooling within the range of cooling rates from 
about 200° to 600°C per sec. This temperature has also 
been shown to be essentially independent of the rate 
of cooling for rates as high as 5000°C per sec. What ex- 
actly is the relation between this exothermic reaction 
and the M, temperature as deduced from microstruc- 
ture studies after a rather complicated thermal treat- 
ment is not clear at this time. Studies such as those 
made by Dr. Margolin will certainly lead to a better 
understanding of the transformation mechanism in 
titanium alloys. 


DISCUSSION, J. P. Nielsen presiding 


W. Rostoker, R. P. Elliott and D. J. McPherson 
(Armour Research Foundation of Illinois Institute of 
Technology, Chicago)—-The writers have followed the 
development of the Ti-Mn phase diagram through in- 
terim technical reports to the sponsor and are pleased 
to note its appearance in final form. 

The authors appear to have delineated the phase 
boundaries in this experimentally difficult system with 
accuracy in the region between titanium and the eutec- 
tic composition (42.5 pct Mn). The evidence from which 
they have suggested a peritectic generation of the 7 
intermediate phase seems, however, to be inconsistent 
and open to alternative interpretation in some cases. 

If the » phase were not generated by a peritectic 
reaction, the appearance of s + 5 (TiMn,) eutectic 
structures, always found by the authors, would be nor- 
mal. If y is peritectically formed, even by a sluggish 
reaction, the existence of such a “nonequilibrium 
eutectic of 5 in s” has no parallel in the writers’ knowl- 
edge. 

To examine specifically the micrographs presented: 
Fig. 7a and b is said to contain y phase as “large 
white crystals.” If y must form by the reaction Melt 
+ }-» », this would infer regions of completed peritec- 
tic reaction, even though rims (the invariable mode of 
formation of a peritectic phase) are not to be seen 
around the other primary crystals of 5. These struc- 
tures are not typically peritectic and could certainly 
be interpreted as two-phase, s + 5. Fig. 8 shows light 
gray rims called y, around dark gray primaries (5), 
and a matrix of “nonequilibrium” s + 4 eutectic. Here 
again, in the upper right corner, are large crystals of 
“»" with no $-core, indicating completion of the pre- 
sumably sluggish peritectic in certain areas. The un- 
orthodox manner of etching here is suspect. Heat 
tinting after etching can cause illusory effects. The 
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Titanium-Manganese System 


by D. J. Maykuth, H. R 


Ogden, and R. |. Jaffee 


writers have seen apparent two-phase structures de- 
veloped from single-phase alloys in this manner. Fig. 
9a, for example, is labeled two-phase (sp + y) by the 
authors, but shows three distinct color tones after this 
treatment and might equally well be thought to con- 
sist of three phases. 

The identity of phases in Figs. 9b and 10 is ques- 
tioned. As compared with Fig. 8, y and 5 have reversed 
colors according to the authors’ identification, 5 now 
being light and y dark. In addition, if the peritectic 
equilibrium did exist, 5 should not be expected to be 
the matrix (continuous) phase at these compositions, 
but rather would maintain the primary configuration 
of its as-cast state, even after the annealing treatment 
employed. The dark and light areas of Fig. 9b are 
regarded by the writers as the same phase with in- 
dividual grain differentiation due to the etching-heat 
tinting treatment, similar to Fig. 9a. The structures of 
Figs. 9a, b, and 10 are all regarded as 5 (dark) in g 
(light). 

Reflection will show that a very sluggish peritectic 
formation of y (at 1200°C) suggested by the authors 
may not be compatible with the advanced states of 
equilibrium claimed for Figs. 9a, b, and 10 (at 1100°C). 
If the § present in the cast alloy of Fig. 10 has all been 
consumed on annealing, then the peritectic reaction is 
complete and the alloy should consist of 80 to 90 pct y. 

To assist in the development of certain ternary phase 
diagrams" independent investigations on the binary 


1 Contract No, DA-11-022-ORD-272 to Watertown Arsenal. 


Ti-Mn system were conducted at Armour Research 
Foundation. Alloys were prepared by arc melting at 2 
pet intervals in the range 37 to 70 pct Mn. Portions of 
the ingots were annealed at 1150°,1100°, 1000°, 900°, 
800°, and 700°C, respectively. Other specimens were 
annealed just below the eutectic temperature and 
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then subsequently at lower temperatures. Annealed 
and as-cast structures were studied by both metallo- 
graphic and X-ray diffraction methods. 

The as-cast structures, although similar to those 
presented in the paper, could not be interpreted as 
showing a peritectic reaction. The structures showed 
primary § or 5 (TiMn:), with interdendritic eutectic 
of (s + 4). Diffraction patterns on the whole range of 
alloys annealed at 1100°C for 24 hr showed the pres- 
ence only of 5 and gs. The microstructures of the an- 
nealed samples were clearly two-phase. Furthermore, 
the eutectic structure was completely erased by co- 
agulation in this time period indicating a fairly high 
atomic mobility. A suppressed peritectic reaction might 
reasonably be expected to have begun under these 
conditions of anneal. 


Table Vi. Analysis of X-Ray Diffraction Patterns of a 50 Pct 
Mn Alloy 


Anneal Phases Identified 


1150°C — 1 day 

1000°C — 5 days 
900°C — 30 days 
800°C — 10 days 
700°C — 15 days 


Below 1000°C, diffraction patterns gave evidence of 
new lines. Microstructures confirmed the presence of 
three phases. Fig. 18 shows a typical two-phase struc- 
ture of a 48 pct Mn alloy as obtained at 1150°C. Fig. 
19 shows the three-phase structure developed at 900°C. 
Table VI summarizes the analyses of the X-ray diffrac- 
tion patterns of a 50 pct Mn alloy annealed at various 
temperatures. The anneal at 900°C was prolonged 
intentionally to permit sufficient y to form to give a 
clear and predominant pattern. The evidence pre- 
sented seems to the writers clearly to indicate that y 
forms by means of the peritectoid reaction 


+ (TiMn:) = 7 


at some temperature between 900° and 1000°C. A list 
of the observed diffraction lines of the phase y is 
given in Table VII. If the viewpoint of a peritectoid 
generation of y phase is adopted, the authors’ evidence 
can be re-examined in the manner discussed earlier. 
The lack of peritectic rims in cast alloys (such as Fig. 
7a and b) becomes normal, and if the inconsistent 
colorations imparted by the etching-heat tinting treat- 
ment are discounted, the configuration and relative 


Fig. 18—48 pct Mn alloy annealed at 
1150°C for 24 hr. Structure shows 6+-5. 
Etchant: 60 pct glycerine, 20 pct HF, and 
20 pct HNO,. X300. Area reduced ap- 
proximately 50 pct for reproduction. 
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Table Vil. Observed Powder Pattern Lines of the Gamma Phase 


* w, weak; vw, very weak; ft, faint; vft, very faint. 


amounts of phases in Figs. 9a, b, and 10 fit better a 
8-5 equilibrium at 1100°C. With these alternative in- 
terpretations, only the thermal analysis arrests are 
directly rejected, and it is perhaps possible that 
spurious effects were obtained between the relatively 
close eutectic and liquidus levels. 

Attention should be called to two probable typo- 
graphical errors in the manuscript. Wallbaum’s cor- 
rect TiMn. parameter is a = 4.81A, and Duwez and 
Taylor’s TiX compound lattice type is CsCl. 

D. J. Maykuth, H. R. Ogden, and R. I. Jaffee (authors’ 
reply)—We appreciate the discussion of Rostoker, 
Elliott, and McPherson concerning the origin of the 7 
phase. We too have considered a peritectoid origin, 
but have rejected it for reasons brought out here. 

Because of their metallographic similarity, distinc- 
tion between and the identification of the s, y, and 4 
phases in Ti-Mn alloys containing them is uncertain 
with conventional etching procedures. Nevertheless, 
by use of the usual HF-containing etchants, the cast 
structures of ingots containing 45.4 through 66.7 pct Mn 
showed that, contrary to the suggestion advanced by 
Rostoker et al., three separate phases were present in 
each of these alloys. Truly, the arc-cast structures are 
not typically peritectic in that y, the phase which 
ordinarily should originate in a peritectic reaction be- 
tween melt and 4 at 1200°C, does not assume the usual 
reaction-rim structure about the primary 5 crystals. 
However, as shown ciearly in Fig. 7 of the paper, these 
cast structures do not fit the simple category of eutectic 
phase mixtures. Rather, the y and # phases coexist 
with 5 in a complex nonequilibrium-eutectic mixture 
interdendritic to the primary 4. This unusual be- 
havior results from the combination of, 1—the proxim- 
ity of the peritectic to the eutectic reaction tempera- 
ture, and 2—the extremely rapid cooling rates en- 


5 
Fig. 19—48 pct Mn alloy annealed at 
1100°C for 24 hr and then at 900°C for 
16 hr. Structure shows 8, 5, and 7 in a 
peritectoid configuration. Etchant: 60 pct 
glycerine, 20 pct HF, and 20 pct HNO,,. 


X300. Area reduced approximately 50 pct 
for reproduction. 
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vw 2.272 vw 1.893 
vit 2.247 vit 1.819 - 
w 2.215 vit 1.778 : 
vit 2.191 vit 1.728 
vw 2.156 vit 1.667 
vit 2.109 vit 1.492 
w 2.073 vit 1.433 
B+6 
533 


countered in arc melting the 15 gram ingots used in 
this study. 

By the use of slower cooling rates, the usual peritec- 
tic ring formation is observed as is illustrated in Fig. 
9. In their criticism of this structure, Rostoker et al. 
imply that the y phase should, in every instance, 
occur as a rim structure surrounding the primary 5. 
However, it appears entirely feasible that, under the 
conditions which maintain even with the slower cool- 
ing rates, isolated 7 crystals could be nucleated directly 
from the melt. It is also apparent that additional pre- 
cipitation of the y phase from the § matrix will result 
because of the sharply decreasing solubility of man- 
ganese in s with decreasing temperature. Also, the fact 
that reproducible thermal arrests supporting the 
peritectic reaction were obtained on three separate al- 
loys can hardly be ascribed to spurious effects. 

Equilibrating treatments of 100 hr at 1100°C on 
samples containing 45.4 through 54.7 pct Mn produced 
structures which were similar to that shown in Fig. 18 
after etching chemically. This photograph, according to 
the interpretation of Rostoker et al., consists of light- 
colored 65 crystals in a § matrix. The differences in de- 
lineation of the 5 crystals from the § matrix are appar- 
ently ascribed to orientation differences of this phase. 
We observed, however, that these “orientation differ- 
ences” in the chemically etched structures were defin- 
itely related to alloy composition, thus suggesting that, 
in reality, three phases were present in this range of 
alloy composition. Accordingly, the structure of Fig. 
18 best fits the interpretation of a three-phase struc- 
ture consisting of 7 crystals (sharply delineated) in a 
# matrix which also contains a small number of resi- 
dual nonequilibrium 5 particles (faintly delineated). 
As shown in Figs. 9 and 10 of the paper, heat tinting 
of the chemically etched structures amplifies, but 
does not otherwise alter, the phase differences. This 
procedure was of direct assistance in establishing the 
metallographic identity of the 8 phase which was not 
discolored nor oxidized by the treatment used. Both 


the 7 and 4 phases, on the other hand, become covered 
with a superficial oxide film upon exposure to warm 
air. Since the coloration of these phases was due to 
the formation of thin, interference-color films, their 
final colors did occasionally vary from one sample 
to the next. 

X-ray diffraction data on a 53.6 pct Mn alloy 
quenched from 1175°C confirmed the coexistence of the 
three phases in this structure. Other diffraction data 
on samples containing 60.4 to 67 pct Mn and equilib- 
rated at 1175°C showed that no § lines were observed 
in any of these samples. It should be noted further that 
X-ray identification of the y compound was carried 
out by means of a diffusion couple prepared at 1000°C, 
a temperature at which Rostoker et al. claim that the 
7 phase does not exist. 

During the initial metallographic exploration of 
alloys within the s-y field, it was observed that re- 
heating samples to temperatures on the order of 50° to 
100°C below the equilibrating temperature produced 
reaction-rim structures, similar to that shown by 
Rostoker et al., in Fig. 19, which appeared indicative of 
a peritectoid reaction. However, in a series of treat- 
ments designed to pin down the “peritectoid reaction,” 
it was found that the formation of the reaction rims 
was inconsistent and depended primarily on the 
difference between the temperature used for the ini- 
tial equilibration treatment and the subsequent, low 
temperature treatment. These rims were therefore in- 
terpreted as diffusion rings of y representing additional 
growth of the original y crystals as a result of treat- 
ment at lower temperature. It was also noted that the 
lower temperature treatments resulted in the precipi- 
tation of y particles directly from the § matrix with no 
apparent core of 5 as would be called for by a peritec- 
toid reaction. Moreover, no such reaction-rim struc- 
tures were observed in any of the equilibrated alloy 
structures containing 56.4 through 67 pct Mn during 
subsequent treatment at temperatures down through 
750°C. 


DISCUSSION, E. R. Parker presiding 


P. A. Beck (University of Illinois, Urbana, Ill.)— 
This paper represents excellent data on the reorien- 
tation upon recrystallization. These data are interest- 
ing since they bear directly on certain questions in 
dispute. Early work by Burgers and Louwerse™ sug- 
gested that the reorientation upon recrystallization of 
deformed single crystals of aluminum takes place ac- 
cording to rotations around [112] axes lying in the 
active s!ip plane and perpendicular to the active slip 
direction. In later work by Dr. Hsun Hu and myself 
on aluminum‘ and copper” it was found that this re- 
orientation (including the data of Burgers and Lou- 
werse) can be much better expressed in terms of rota- 
tions around [111] axes. In a recent review, Burgers 
indicated™ that he considered the question still unde- 
cided. The careful work of Liu and Hibbard with a 
critically oriented copper crystal confirms the inter- 
pretation of this reorientation in terms of [111] rota- 
tions, without leaving any room for further doubt. 

Another disputed point concerns the angle of rota- 
tion around the [111] axis. Kronberg and Wilson’ 
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Recrystallization of a Cold-Rolled Copper Single Crystal 


by Y. C. Liu and W. R. Hibbard, Jr. 


found the angles of rotation for copper to be 22° and 
38°, in contrast to the 30° angle reported for coarsen- 
ing in polycrystalline copper by Bowles and Boas’ and 
for recrystallization in a rolled single crystal by Hu and 
Beck.” The recrystallization texture found by Liu and 
Hibbard can be best described by 30° rotations around 
{111} axes, in accordance with the results of Hu and 
Beck. 

According to the oriented growth theory of recrystal- 
lization textures, one may expect a single orientation 
deformation texture of a face-centered cubic metal to 
recrystallize into eight texture components, corres- 
ponding to 30° rotations in two directions around each 
of the four [111] axes.* Burke pointed out” that in 
many recrystallization textures most of the expected 
eight components are missing. However, it is signifi- 
cant that in all cases cited by Burke the matrix tex- 
ture is described by more than one “ideal” orientation. 
In the case of complex matrix textures, the oriented 
growth theory does not predict the development of re- 
crystallization texture components except in such 
orientations as are favorable for growth with respect to 
all of the major and minor texture components and the 
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important orientation scatter ranges of the matrix tex- 
ture. This requirement may exclude several or most of 
the eight “theoretical” orientations corresponding to 
each texture component of a complex matrix. But on 
the basis of the oriented growth theory, one may ex- 
pect that all eight recrystallization texture components 
do occur when the matrix consists of a single orienta- 
tion texture. The findings of Liu and Hibbard indicate 
that this is indeed the case. Accordingly, their results 
contribute an important additional piece of evidence in 
favor of the oriented growth theory of recrystalliza- 
tion textures. 

The authors attempt to explain the disappearance on 
annealing at 500°C of two of the eight recrystallization 
texture components by assuming an effect of internal 
stresses, remaining in the rolled copper crystal at least 
in the early stages of annealing at that temperature. 
This explanation is not at all convincing. It is difficult 
to see how such residual stresses could remain effective 
at the temperatures in question and, particularly, how 
they could be more effective at 500° than at 400°C. It 
is certainly much more reasonable to expect that the 
grains of the missing orientations are absorbed by 
other grains, when grain boundary migration in the 
already recrystallized material is encouraged by the 
higher annealing temperature. On this view, the situ- 
ation would be somewhat similar to that obtaining in 
the high temperature reorientation in rolled and re- 
crystallized brass discovered by Wilson and Brick." 
The question could be investigated by means of a 
simple experiment. It would have to be determined 
whether or not the incomplete texture is formed at 
500°C, even after a previous 400°C anneal already 
produced in the specimen all of the eight recrystal- 
lization texture components. If the two orientations 
in question were found to disappear on subsequent 
500°C annealing, the growth theory would have to be 
accepted. In the reverse event, the growth theory 
would be much less attractive, since it could be upheld 
only by making certain ad hoc assumptions; also, in 


this case, the stress theory would certainly not be 
ruled out. 

Y. C. Liu and W. R. Hibbard, Jr. (authors’ reply)— 
Referring to Professor Beck's suggestion that the ap- 
pearance of eight recrystallization texture components 
serves as another support for the “oriented growth” 
hypothesis, we feel that our investigation is not a criti- 
cal experiment to evaluate one recrystallization hy- 
pothesis above the other. The “oriented nucleation” 
hypothesis can also be applied to explain this phen- 
omenon without any modification of its basic concept. 

Specimens are being prepared to evaluate Professor 
Beck’s suggestion that the recrystallized grains related 
to octahedral pole IV in the text are likely to be ab- 
sorbed by other grains at higher annealing tempera- 
tures. In the text, we did not propose that the internal 
stresses are more effective at 500° than at 400°C. From 
the theoretical analysis of the mode of deformation 
of our specimens during cold rolling, we concluded 
that the octahedral plane IV is probably stressed the 
least in comparison with the other three octahedral 
planes and therefore stored less strain energy. If it is 
assumed that the strain energy released during re- 
covery is proportional to the magnitude of residual 
stresses existing in the individual slip plane, and also 
that it is proportional to the annealing temperature, the 
low-stressed octahedral plane IV would participate dur- 
ing the nucleation process at low annealing tempera- 
tures and become latent at high annealing tempera- 
tures owing to the very fact that the strain energy 
stored at this octahedral plane has been dissipated 
during recovery. 


= Ww. G. Burgers and P. C. Louwerse: Uber den Zussmmenhang 
zwischen Deformationsvorgang und Rekristallisationstextur bei 
Aluminium. Ztsch. Phys. (1931) 67, p. 605. 

™* Paul A. Beck: Orientation in Recrystallization and Grain 
Growth. The Physics of Powder Metallurgy. (1951) pp. 40-51. New 
York. McGraw-Hili Book Co 

= W. G. Burgers: Recrystallization and Grain Growth in Solid 
Metals, L’Etat Solide. (1952) p. 431. Bruxelles. R. Stoops. 

* J. E. Burke: Origin of Recrystallization Textures. Trans. AIME 
(1952) 194, p. 263; Journnat or Metats (March 1952). 


DISCUSSION, E. R. Parker presiding 


P. A. Beck (University of Illinois, Urbana, IIl.)— 
Since the (001) [100] deformation textures show an 
unusually large spread around the normal direction, it 
would be interesting to recheck these textures by 
means of the quantitative methods now available. 
Quantitative texture determination methods often re- 
veal much sharper textures than previously found for 
the same material by the photographic method. The 
question of texture retainment on annealing could be 
answered much more positively by checking also the 
annealing texture by the quantitative method. If a 
single orientation texture is actually retained on an- 
nealing, clearly no ordinary grain boundary migration 
(“recrystallization”) could have taken place in the 
course of annealing. It seems preferable to consider 
the annealing mechanism in such a case as subgrain 
growth, that is, the migration of low angle boundaries, 
which do not involve noticeable reorientation. As sug- 
gested already by the earlier work of Semchyshen and 
Timmons’ for polycrystalline material, it would appear 
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Cold-Rolling and Annealing Textures of Molybdenum Single Crystals 


by N. K. Chen and R. Maddin 


that in the case of molybdenum this annealing mech- 
anism is a very important one. 

N. K. Chen and R. Maddin (authors’ reply)—There 
is no doubt that a quantitative determination of both 
the deformation and the annealing textures, as pointed 
out by Professor Beck, would be much more desirable 
and might have led to a separation of the intensities of 
the spread around the normal direction. Unfortunately, 
however, this equipment was not available at the time 
this work was performed. Additional research with a 
greater number of combinations of starting orienta- 
tions is in progress. 

It was pointed out in the paper that certain deforma- 
tion textures were retained, while others had under- 
gone a rotation during annealing. At the present time 
it seems difficult to differentiate the mechanism oper- 
ating in the retention of one texture and the change in 
others. In the case where no noticeable reorientation 
was observed, the annealing mechanism might very 
well be a subgrain growth process as pointed out by 
Professor Beck. 
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DISCUSSION, Leo Shapiro presiding 


P. K. Koh (Allegheny Ludlum Steel Corp., Bracken- 
ridge, Pa.)—I wish to compliment the authors for re- 
fining the thinking of the quantitative counting method. 
The discrepancy between the prevailing assumed 
spherical and actual polyhedral shape of grains in 
various phases becomes very significant as the size of 
the grains increases. 

Most commercial sheet materials possess some degree 
of elongation of grains along the rolling direction. In 
order to evaluate the statistical grain structure of 
metallic sheets by the plane or line intercept method in 
light of the authors’ finding, the introduction of some 
modifying factor to compensate for grain elongation 
seems to be desirable. 

On p. 556, second paragraph, the authors stated that 
“although the form with plane faces and straight edges 
does not fulfill the surface-tension requirements, the 
difference in the figures, insofar as the plane distribu- 
tion curve is concerned, is negligible.” One wonders 
whether this approximation holds true in instances of 
secondary grain growth, when the secondary grains 
are much larger in size than the primary grains and 
also have concave edges to a pronounced degree. 

Most materials exhibit mixed grain sizes in the heat- 
treated condition. For this reason it is probably of 
importance to consider size distribution of polyhedrons 
as well as their shape. This consideration would intro- 
duce another factor in the application of the authors’ 
derivation to engineering materials. 

We feel that it would be helpful if the authors gave 
the Miller indices for the planes with the maximum 
frequency in the distribution curves, since the planes 
may be related to slip planes. 

F. C. Hull and W. J. Houk (authors’ reply)—Con- 
trary to the implication in the first paragraph of Dr. 
Koh’s discussion, the relative shape of the plane dis- 
tribution curve is independent of the absolute size of 


Statistical Grain Structure Studies: 
Regular Polyhedrons 


by F. C. Hull and W. J. Houk 


Plane Distribution Curves Of 


the metal grains. There is a discrepancy between 
assuming spheres instead of the actual polyhedral 
shape of metal grains, but the percentage error is not 
a function of grain size. 

It would be a simple but tedious matter to deter- 
mine the plane distribution. curve of an elongated 
polyhedral grain. The unfortunate fact is that a differ- 
ent distribution curve would have to be determined 
for each degree of eccentricity. As yet there is no 
adequate method to compensate for grain elongation. 

On p. 556 the authors substituted the orthic tet- 
rakaidecahedron for the tetrakaidecahedron of mini- 
mum area, to determine the distribution curve, because 
of the greater ease of measuring the areas of inter- 
section of the plane-sided polyhedron. A reference to 
the drawings of these figures in Desch’s paper will 
show how little difference there is between them. The 
distribution curve for this regular fourteen sided 
polyhedron would naturally differ from that of the 
special shapes developed by secondary grain growth. 
A single large grain in a matrix of small grains would 
have hundreds of concave faces. After the secondary 
grains have completely replaced the primary ones, 
conditions could return more nearly to normal. 

The technique for calculating the distribution of 
grain sizes in space has been described by Scheil. It 
is necessary that the plane distribution curve of the 
average metal grain be known. One of the purposes 
of our paper was to show in what respects Scheil’s 
plane distribution curve should be modified to corres- 
pond more closely to the case of polyhedral grains. 

In the case of a cube, for example, the frequency 
curve rises abruptly at an area equal to that of one of 
the faces. To assign Miller indices to this group of 
planes would be incorrect, however, because the 


crystallographic planes of the metal grain bear no 
relation to its external shape which is determined by 
impingement with neighboring grains. 


DISCUSSION, Leo Shapiro presiding 


J. Paidassi (University of Concepcion, Concepcion, 
Chile)—It is evident that for an exact determination 
by micrographic methods of the kinetics of the oxida- 
tion of metals (the oxidizing phenomenon being ob- 
served at the purest state possible), two conditions 
must be fulfilled: 1—The experiments must be carried 
out under conditions such as to reduce complementary 
factors to a minimum (presence of chemical films on 
the surface, of tensions and residual gases in the metal 
lattice, etc.) so that the scales (and their different 
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Observation on Scaling of Iron 


by W. J. Wrazej 


layers) obtained may have as uniform a thickness as 
possible and be as reproducible as possible; and 2— 
The several scale layers must be measured exactly, 
which presupposes a sufficiently refined method of 
mounting and polishing. In this measurement the 


greatest error may be incurred in the determination 
of the thickness of the external layer of Fe,O,, which 
is usually very thin and may even escape notice if the 
polishing technique is insufficient. 

Seldom, so far, have these conditions been realized 
simultaneously in the study of the growth of scale 
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layers of microscopic thicknesses in the oxidation of 
iron. However, it seems evident that only a table of 
the complete data of the kinetics of the growth of the 
layers between 450°C (and even perhaps 400°C) and 
1050° to 1100°C could provide a valid basis for the 
understanding of the intimate mechanism of the oxida- 
tion of iron, in its pure state. 

The experiments of Mr. Wrazej do at any rate fulfill 
the second set of conditions, and he must be congrat- 
ulated for the beautiful micrographs he has published. 
One may, however, ask whether the first conditions 
have been met satisfactorily. 

From our experience, indeed, if a refined technique 
of physical-chemical preparation of the specimens of 
iron (such as the technique of Gulbransen and co- 
workers or Birchenall and coworkers) does not seem 
necessary for temperatures over 650°C, a minimum of 
preparation prior to the oxidation remains indispen- 
sable. 

We have found in our experiments that to obtain, 
even at temperatures higher than 650°, scales perfectly 
uniform as to total thickness as well as to the propor- 
tion of the different layers, it is necessary to submit 
Armco iron, prior to oxidation, to treatment by hy- 
drogen for several hours at temperatures ranging be- 
tween 850° and 1000°C. (Other researchers like J. 
Benard and coworkers have made use of previous an- 
nealing at high temperatures in high vacuum.) Other- 
wise, there is a risk that the scales may be irregular 
and partially divorced from the metal and even that 
real blisters may develop. 

This phenomenon becomes fundamental at high tem- 
peratures, particularly above 900°C, and it is owing 
to its not having been sufficiently considered that all 
researchers, up to Birchenall and coworkers’ as well 
as the present writer,* * have been led to results which 
in our view are mistaken, both with regard to the total 
thickness and the proportion of Fe,O, and Fe,O, oxides 
in the scales, for temperatures exceeding 900°C. 

It is possible that materials purer than Armco iron, 
such as Puron, may not require previous annealing in 
hydrogen for temperatures between 700° and 800°C 
(this seems to be the case with Puron, since Stanley 
and coworkers® have obtained scales and layers of 
thicknesses close enough to ours in the time limit that 
they have studied and for temperatures of 700° and 
800°C). In this regard we should like to ask Mr. Wrazej 
as to whether the Hilger iron he used yielded the same 
irregularities in the proportions of the Fe,O, and Fe,O, 
layers? 

Mr. Wrazej has verified the presence of blisters in 
the scales he obtained and even places where the layer 
of Fe,O, had disappeared entirely through peeling. 
Could not the fluctuations in temperature tolerated in 
the furnace (+5°C) be responsible for the cracking 
and peeling of the external parts of the films which 
occurred in spite of the precautions taken by the author 
to protect the surface of the samples tested from ex- 
cessive thermal shocks? 

If it were not hazardous to interpret isolated micro- 
graphs (without having actual samples), we should 
discern cracks concentric to the surface separating the 
metal and the scale (for example in the micrograph 
in Fig. 2) and this not only in the layer of FeO (these 
cracks accounting for the excessive growth of the 
layers of higher oxides with regard to FeO), but also 
in Fe,O, (these cracks likewise explaining the exag- 
gerated value found for the proportion of the thick- 
nesses Fe,O,:Fe,O,). In the micrograph in Fig. 4 also 
a series of solutions of continuity is to be remarked 
in the layer of Fe,O,,. 

These cracks and these zones in the scale with an 
exaggerated proportion of higher oxides are apparent 
in nearly all our samples of oxicized sheet iron at 
corners and edges, where evidently the growth of 
thickness is disturbed by partial separation caused by 
a concentration of tensions. (Such partial separation 
we have been unable to suppress completely at tem- 
peratures of 700°C and over in spite of our precaution 
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of carefully rounding the edges in the course of polish- 
ing the samples.) : 

It is essential to remember that since there is a 
separation, even though partial, between the iron and 
the scale, or a formation of longitudinal cracks in the 
scale, the proportion of higher oxides increases. We 
have verified this fact repeatedly, and the micrographic 
study we are making of the oxidation of the oxides 
FeO and Fe,O, entirely confirms this assertion, so that 
it is essential to accept as sure measures only those 
results obtained from scale which adheres well to its 
support during the experiments of oxidation. As a 
criterion of adherence we have made up a whole list 
of conditions that must be simultaneously fulfilled; in 
particular numerous verifications have made it clear 
that within the range of temperatures of 450° to 750°C, 
we must discard scales with brownish red surface, par- 
tially divorced from the metal: such surface is really 
covered with fine needles of Fe,O, presumably orig- 
inating under conditions of tension (at least momen- 
tary) in the scale and of relatively slow growth. (We 
have not observed the needles and reddish tint beyond 
750°C.) Figs. 5 and 6 show the aspect presented by the 
needles according to the conditions of their formation. 

In our opinion, then, the high proportions of Fe,O, + 
Fe,O,/FeO given by the ‘author correspond to a phe- 
nomenon of oxidation in which complementary factors 
intervene. The proportion of 20 pct given was, in addi- 
tion, the same obtained by Tesche* whose experiments 
should be viewed with similar reservations (partic- 
ularly as we have verified that with very small gage 
wire it became excessively difficult to avoid partial 
separation of the scale from the metal and irregular- 
ities of the thickness). 

Our final curves of the growth of Fe,O, and Fe,O, in 
the scales of Armco iron oxidized in air are already 
complete in the 450° to 1000°C range and we have no 
correction to make in the diagram of synthesis of Fig. 
12 which has been published* (and this in spite of 
several additional control series, particularly that of 
700°C). However we add our new experimental values 
at the temperatures of 750°, 920°, and 1000°C and find 
that they fall perfectly into the published curves. 

As to the importance of the micrographic technique, 
that is to say, the second set of conditions, Mr. Wrazej 
is perfectly right in insisting on it. Nevertheless, we 
cannot agree that the pressure is indispensable to ob- 
tain correct results. The mountings with Bioplastic or 
Turtox in accordance with the procedure recommended 
by the manufacturers themselves yield, in our experi- 
ence, excellent results. A rather important condition 
is evidently the hardness of the mounting (which 
renders inacceptable the use of fusible alloys of the 
Wood type). It happens, however, that, even with 
relatively hard mounting material like the plastics 
mentioned, a small valley is produced along the edge 
of the scale’s section, resulting during the polishing in 
a given relief of the same. This, as we have verified, 
does not imply in all cases a tearing away of the outer 
layer. In any case, a direct control on the fractured 
scales must be made whenever possible. As an in- 
stance we are including the micrographs of the follow- 
ing scales mounted in Bioplastic: 625°C for 24 hr (Fig. 
7) and 500°C for 24 hr (Fig. 8) where the perfect 
regularity of the layers is noticeable. The first micro- 
graph shows, besides, that for high oxidation times, 
closer to conditions of equilibrium, the proportions of 
Fe,O,, Fe,O, layers are clearly weaker than the ones 
generally admitted." ** Fig. 8 shows that the layer of 
Fe,O, is found in scales of incomplete oxidation from 
temperatures as low as 500°C. (We have had micro- 
graphic evidence of these layers in scales made at 
500°C after 90 min oxidation and in those made at 
450°C after 6 hr oxidation.)* Regarding the micro- 
graphs included in the above quoted discussion’ they 
on the contrary were made from samples previously 
mounted in bakelite under pressure. Nevertheless, the 
control series at 700°C was completed with a Bioplastic 
mounting and the results were identical. We have 
noticed also that mounting under pressure becomes 
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Fig. 5—Micrograph taken perpendicular Fig. 6—Exterior edge of the fracture of a 
to the exterior surface of a scale of in- scale of incomplete oxidation of iron sep- 
complete oxidation of Armco iron in air, arated from its iron support and re- 
500° for 12 hr. The needles of Fe,O, are oxidized in the air during 48 hr at 700°C. 
lying on the exterior surface of the scale. Note the needles of Fe,O,. 


reduced approximately 50 
pct for reproduction. pct for reproduction. 


Fig. 7—Scale of incomplete oxidation of Armco iron in air, 625° for 24 hr. 


impracticable for scales of iron corresponding to ex- under such conditions these films are more fragile and 
periments made at temperatures over 900°C because become partially pulverized under pressure. 

W. J. Wrazej (author’s reply)—I agree with Profes- 
sor Paidassi that the application of certain precautions 
is important when performing the scaling experiments. 
Of primary importance is the annealing which must be 
performed at temperatures about 900°C to remove any 
traces of cold work introduced into the sample during 
straightening, cutting, abrading, polishing, etc. Even 
polishing on 3-0 emery paper is not without any prac- 
tical effect for the layer of metal as little as a few 
hundred atoms thick. To my mind, the prerequisites 
in this research appear to be annealing in vacuum and 
« subsequently lightly etching to remove the recrystal- 

“ lized, but not always uniform, metal layer with traces 


| 

of scale accidentally produced during annealing. How- 

é ever, annealing in hydrogen would not be without 
2 effect upon this capricious experiment. 

Fig. 8—Scale of incomplete oxidation of Armco iron in air, Soft irons, whether Armco or Hilger electrolytic, are 

500°C for 24 hr. X750. Area reduced approximately 50 pct prone to surface damage. Cold work as well as carbon 

for reproduction. content favors the splitting and the loss of the layer 


o—Smooth surface. b—Corner and rough surfaces owing to 
@ coarse emery paper abrading. 


Fig. 9—Sample of Armco iron scaled in air at 500°C for 24 hr. 4 pct picral etch. X600. 
Area reduced approximately 50 pct for reproduction. 
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of scale. The use of the most carbog-free iron is essen- 
tial. Soft iron with small quantities of copper or nickel 
will behave differently from pure iron, as those alloy- 
ing elements make the scale adhere better. 

The influence of the surface preparation can be seen 
from the following. 

The sample of Armco iron (% in. diameter, in the 
unannealed condition) was suspended from nichrome 
wire and heated in an open muffle furnace at 500° for 
24 hr. The sample, together with the wire, was mounted 
cold in a dental plastic (Moldpac, repair agrylic) with- 
out any pressure. The difference in scaling between a 
smooth surface of the sample when carefully prepared 
(Fig. 9a) and that normally abraded after being cold 
cut and polished on coarse emery paper (Fig. 9b) is 
characteristic. The smoothed part of the surface (Fig. 
9a) is similar to that shown by Professor Paidassi’s 
Fig. 8 except that the outer layer is hardly discernible. 
Its existence appears rather doubtful. It would be very 
important to consider this question in further experi- 
ments. On the contrary the part of the surface nor- 
mally abraded (Fig. 9b) shows a thinner layer of scale 
in which two phases are distinctly visible. Thus in 
microscale a distorted layer of metal can distinctly 
change the results. It has been stated that the relative 
diffusion ratio depends very appreciably upon the initial 
surface condition of the metal.’ 

A corner which in Professor Paidassi’s opinion is 
prone to show a thicker layer of scale does not differ 


in this particular case either in thickness or in the 
ratio of the two kinds of oxides from that shown on 
the sides of the sample. In this particular case the 
sample was taken out of the furnace and cooled in the 
air. For the very smooth surface this sudden change 
in temperature appears to be of no importance in the 
peeling off of the scale, whereas it is assumed that for 
the rough surface slow cooling would not have pre- 
vented scale loss. To what condition Professor Paidassi’s 
layer (Fig. 8) can be ascribed, I do not know. 

The question of surface preparation must still be 
studied and there may not be any general rules that 
are applicable to the whole range of temperature. 

In my opinion a separate and a very important prob- 
lem would be the extension of Professor Paidassi’s re- 
search up to the melting point of iron. 


‘J. Paidassi: Contribucion al estudio del mecanismo de la oxida- 
cién del fierro puro. Paper read at Fifth South American Congress 
of Chemistry, Lima Peru, May 4-11, 1951, in press. Published in 
part in Ingenieria Quimica. Univ. Concepcidn, Chile (1951) 10, 
No. 10 

‘J. K. Stanley, J. von Hoene, and R. T. Huntoon: Trans. ASM 
(1951) 43, p. 426. 

*O. A. Tesche: Trans. ASM (1950) 42, p. 641. 

‘J. Benard and O. Coquelle: Revue Metallurgie, Mémoires (1946) 
43, p. 113 

* The partial results reported in this discussion are relative to the 
research corresponding to Contract No. 3 between the author and 
the “Consejo de Investigacion Scientifica” de la Universidad de 
Concepcion. This research further is carried on in conjunction 
with Professor J. Benard. 

®*U. R. Evans: Oxidation of Iron in the Range 100° to 400°C. 
Nature (1949) 164, p. 909. 


DISCUSSION, W. P. Wallace presiding 


P. A. Beck (University of Illinois, Urbana, Ill.)—The 
authors’ plan of attack, correlating the kinetics of re- 
orientation with the kinetics of hardness change, and 
both with the microstructure, is an admirable one. 
From Fig. 10 it can be seen that 200 min annealing at 
400°C produces a loss of approximately 50 pct of the 
work hardening which resulted from 97 pct cold roll- 
ing. It is interesting that, as Fig. 12 shows, the same 
annealing treatment results in no orientation change, 
within the limits of accuracy of such measurements. 
This means that very substantial softening can be at- 
tained without reorientation, i.e., without recrystal- 
lization involving the migration of high angle bound- 
aries. This observation is related to that of Chen and 
Maddin”™ and of Semchyshen and Timmons,” who found 
that in work-hardened molybdenum in many cases 
complete softening may be produced on annealing, 
essentially without reorientation. It is now quite clear 
that this phenomenom, which was found by Crussard” 
in slightly deformed aluminum single crystals and 
named by him “recrystallization in situ,” occurs very 
generally even in highly deformed polycrystalline 
metals. (Note: the authors’ definition of “recrystal- 
lization in situ” is different, since they consider this 
process completed at a point in the annealing process 
where softening, without reorientation, is still pro- 
gressing.) 

Undoubtedly, a part of the softening effect may be 
due to recovery (without subboundary migration). 
However, as seen in Fig. 7, the substructure is already 
fully developed in less than 24 min of annealing at 
395°C, where the hardness drop amounts only to about 
25 pct. It is very likely that at least the subsequent 
half (but probably more) of the hardness drop attained 
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on annealing without recrystallization is a result of 
subgrain growth. The authors state that they were 
unable to detect microscopically any subgrain growth 
even up to much longer periods of annealing than 200 
min at 400°C, in fact, even after substantial reorienta- 
tion occurred. It may well be that the resolving power 
of the optical microscope is not quite sufficient to de- 
tect the changes involved here. It is hoped that even- 
tually the results obtained by electron transmission 
microscopy will settle this question definitely. The sug- 
gestion of reorientation without boundary migration 
certainly appears unattractive. It is difficult to con- 
ceive of a reasonable mechanism to accomplish this. 

I wonder how the authors can support their conclu- 
sion (p. 289) that, for instance, after 25 min of anneal- 
ing at 400°C the domains are highly strained and that 
the strain energy is relieved only during a period of 
major change in crystal orientation; the paper presents 
no evidence as to the amount of lattice strain or strain 
energy. It is apparently assumed that the work hard- 
ening still present, for instance, after 25 min of anneal- 
ing at 400°C, is due to lattice strain. But even if this 
assumption were true, the approximately 50 pct loss 
of work hardening obtained at 400°C without re-. 
orientation would seem to indicate considerable relief 
of strain prior to the period of major orientation 
change. 

As the authors point out (p. 290), their results with 
60° cross-rolled zirconium, which has a single orien- 
tation deformation texture, clearly show that the re- 
orientation on annealing corresponds to a 30° rotation 
around the hexagonal axis. Since the reorientation in 
the straight roJled material, which has a double tex- 
ture, is somewhat different, it appears logical to cor- 
relate the difference in reorientation behavior with the 
difference in the complexity of the deformation tex- 
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tures. It seems reasonable to conclude that the rate of 
growth of the new grains in a double texture matrix 
depends on their orientation relationship with both 
matrix texture components, and that, therefore, the 
orientation most favorable for growth will, in general, 
not be the same as in the case of a single orientation 
matrix. 

W. E. Seymour and J. E. Burke (General Electric 
Co., Schenectady)—The authors of this paper have 
contributed some new and interesting thoughts to the 
theories of recrystallization which should stimulate 
much worthwhile discussion. They refer to papers by 
Decker, Harker, and Seymour” and state that in 
these papers reoriented material i: copper and an 
iron-nickel alloy is accounted for by a nucleation and 
growth process and that in each case a single activation 
energy was found to express the total reorientation. 
While it is true that for the iron-nickel alloy the tem- 
perature dependence of the rate of recrystallization 
followed an Arrhenius type equation and a numerical 
value for the constant in the numerator of the ex- 
ponent was determined and called the activation energy 
for recrystallization, the authors of that paper did not 
account for the reoriented material in the alloy by 
nucleation and growth of grains in the new orientation. 
In fact, from subsequent work on the iron-nickel alloy 
it was concluded that the reorientation as a result of 
recrystallization occurred principally from growth of 
oriented crystallites existing in the cold-worked mate- 
rial. 

In any case, there is no fundamental requirement 
that a single activation energy be found if a process is 
to be described in terms of a rate of nucleation and a 
rate of growth. The temperature dependence of the 
rate of the combined processes of nucleation and 
growth will follow a simple Arrhenius relationship 
with a single activation energy only if the activation 
energies for nucleation and for growth are identical. 
However there are numerous examples where the 
activation energy for nucleation has been found to 
differ from the activation energy for growth. (See for 
example Anderson and Mehl.") 

Therefore there does not seem to be a valid experi- 
mental or theoretical basis from which to conclude that 
a simple nucleation and growth process should be 
characterized by a single activation energy. 

A. H. Geisler, J. H. Keeler, and W. R. Hibbard, Jr. 
(General Electric Research Laboratory, Schenectady) 
—The authors have assumed that there is only one 
annealing texture for zirconium and that the develop- 
ment of this one texture completely characterizes the 
annealing process. This conclusion is a consequence of 
the authors’ assumption that the rate of change of an- 
nealed material in an orientation corresponding to 
that at point C is the same as that at every other point 
of the pole figure. Such an assumption is contrary to 
the authors’ earlier findings of six rather than twelve 
intensity maxima for some annealed samples. It is also 
contrary to the authors’ data in Figs. 12 and 13 where 
the intensity at 4 0° first increased then decreased 
compared with the intensity for the cold-rolled sample, 
while at # 20° the intensity first decreased then in- 
creased. The authors’ assumption is further in discord 
with the data in Fig. 6 which compares the disappear- 
ance of the cold-rolled texture and appearance of the 


‘annealed texture and shows that not every volume of 


material leaving the old (cold-rolled) texture is im- 
mediately accounted for in the annealing texture, or 
else the two curves for a given temperature would 
superimpose rather than show variations of as much 
as 35 pct of annealing texture. 

The behavior for zirconium is markedly different 
from the development of cube texture in copper" and 
nickel-iron“ where only one, sharply defined compo- 
nent appears at the investigated temperature and dis- 
appearance of the rolled texture can be completely 
accounted for by the appearance of the cube texture. 
This comparison suggests that the appearance of the 
texture at point C does not represent the whole an- 
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nealing process but that several components must be 
operative in the case of zirconium. It seems to us that 
there are at least three discrete types of annealing 
textures depending on temperature and that a general 
interpretation based solely on one type may account 
for the misleading conclusions derived by the authors 
from the consideration of “activation energy” or tem- 
perature dependence of rate. We would regard the 
three types of annealing textures appearing in order 
of increasing temperature as, 1—an enhanced rolling 
texture characteristic of materials which recrystallize 
into the same texture as the rolling texture (referred 
to as “recrystallization by situ” by the authors) which 
we will refer to as the [1010] texture, 2—the anneal- 
ing texture considered here by the authors where the 
[1120] direction is about 10° to the roiling direction 
which we will refer to as the 10° [1120] texture, and 
3—the unsplit-type texture with [1120] in the rolling 
direction previously reported by the authors and found 
by us to dominate at the higher annealing temperatures 
well above 600°C. Each of these three basic types 
would have a characteristic “activation energy” which 
could be determined by studies of the rate of change 
of diffracting intensity at various points (C for type 2 
above only) in the pole figure. Thus, the disappear- 
ance of intensity at points corresponding to the rolling 
texture could represent merely some complex function 
of appearance of intensity at any or all other points 
in the pole figure for the various types of annealing 
textures. Any “activation energies” such as the au- 
thors have determined in Fig. 14 based on disappear- 
ance of rolling texture of zirconium represents not a 
single nucleation process but a collection of processes, 
the development of the different annealing texture 
components each with a characteristic “activation en- 
ergy” and each exhibiting varying degrees of domi- 
nance depending on temperature. The case is similar 
to precipitation from solid solution where various prop- 
erty measurements give a range of values for “activa- 
tion energy,” each depending upon the sensitivity of 
the particular property to the various concurrent fac- 
tors such as localized precipitation, general precipita- 
tion, solid solution depletion, etc.” This analogy illus- 
trates that the presence of a range of values for “acti- 
vation energy” alone is not a valid basis on which to 
conclude that a simple mechanism, such as nucleation 
and growth, does not govern the reorientation. 

Instead of basing the determinations of “activation 
energy” on the disappearance of the rolling texture as 
in Fig. 14, the authors should have considered their 
data for the appearance of the components of the an- 
nealing textures. Fig. 15 represents the authors’ data 
for the two components, 1—the [1010] annealing tex- 
ture, and 2—the reoriented 10° [1120] texture an- 
alyzed by point C. Most of the lines have one of two 
slopes corresponding to the two processes, each with 
rather constant “activation energies.” The higher 
“activation energy” is in the range 93,000 to 100,000 
and presumably is characteristic of the development 
of the reoriented component only. The lines of low 
slope correspond to an “activation energy” in the range 
36,000 to 44,000 and should be associated with the ap- 


pearance of the [1010] annealed texture component 
oriented like the rolled texture. Data from Fig. 5 were 
used to plot some of the lines of low slope in Fig. 15 
which are identified in terms of percentages of the 
maximum increase of the intensity in the rolling direc- 
tion over that for the cold-rolled sample. It seems to 
us that this procedure is of somewhat less questionable 
validity than the procedure used by the authors where- 
by the intensity of the [1010] annealing texture pro- 
vided by annealing at 295°C was used for the basis of 
calculating the disappearance of the original rolled tex- 
ture at and above 500°C where such an increase was 
not reported. 

On the basis of similarity of “activation energy,” 
evidently the data for “10 pct” and “25 pct” of the an- 
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nealing texture at point C represent the development 
of the component which has the same ideal orientation 
as the rolled texture but spread somewhat away from 
the optimum location. In order to explain this impli- 
cation the data illustrated by Fig. 16 have been plotted, 
assuming that the intensity at our point D, which is 
the maximum in the [1010] texture near point C in the 
10° [1120] reoriented texture, changes at the same rate 
as the maximum in the rolling direction of the cold- 
rolled texture studied by the authors. A_ similar 
spreading of the [1010] annealing texture is apparent 
in Fig. 12 for the sample annealed 1839 min at 400°C. 
The authors interpret the spreading as development 


of the 10° [1120] reoriented annealed texture on the 
basis of the exaggerated representation in Fig. 13 
showing a prominent peak at 6 = 20° which is not 
present in the original data, Fig. 12. Thus, we are 
suggesting that the authors should have considered the 
possibility that the initial increase in the intensity at 
point C is associated with changes in intensity at the 
nearby point D in the [1010] texture suggested in our 
Fig. 16. If such an interpretation is correct, then both 
the initial increase in intensity in the rolling direction 
(Fig. 5) and the initial increase at point C (Fig. 4) 
with the same “activation energy” are from the [1010] 
annealing texture. The authors might have verified 
this suggestion if they had determined full pole figures 
for samples annealed long periods at 395° or 443°C. 
Judging from the traverse in Fig. 12 for 1839 min 
annealing at 400°C, the pole figure is essentially that 
for the [1010] annealed texture rather than the 10° 
[1120] annealed texture which the misleading ordi- 
nates on Figs. 4 or 5 indicate is present to the extent 
of 35 or 60 pct. One must conclude that the percent- 
ages listed on our Fig. 15 and assumed by the authors 
to represent volume of material with the annealed tex- 
ture have no real significance since point C evidently is 
not sufficiently spaced from a veak in the [1010] 
annealing texture to permit separation of the two com- 
ponents. A further consequence of our interpretation 


is that completion of the (1010) annealing texture does 
not occur at the upper broken line in Fig. 10 but near 


Fig. 15—Time-temperature dependence for increase in intensity at points in the pole figure corresponding to [1010] and 10° 
[1120] annealing textures from X-ray diffraction data. Solid circlesat left for start of change in grain size apparent in microstructure. 
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the lower broken line where the development of the 
reoriented texture starts and the polygonal grain 
structure in Fig. 8 typical of a 100 pct recrystallized 
metal is observed rather than the ill-defined structure 
of Fig. 7. This interpretation is consistent with the 
observation that the curves for hardness change seem 
to fall into one of two families, one below about 500°C 
with a final hardness near 100 and one above about 
550°C, respectively, in agreement with the breakoff 
point of the rate curves from X-ray diffraction data 
in our Fig. 15. On this basis the grain growth curves 
in Fig. 9 refer to the development of the 10° [1120] 
reoriented texture which follows the [1010] annealing 
texture and proceeds along the second sigmoid in Fig. 
4 at 500° to 600°C, starting at 0 pct reoriented texture 
rather than at 40 or 75 pct of the annealing texture 
(depending upon whether one refers to Fig. 4 or Fig. 5 
in the paper). The time for the apparent start of the 
change in grain size in Fig. 9 is plotted as the solid 
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Fig. 16—Change in intensity of diffracted x-radiation at two points 
in the pole figure illustrating that the initial changes at position C 
might be associated with spreading of the [1010] component 
which is centered at position D. 
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circles on the left side of Fig. 15. The “activation en- 
ergy” is in the same range as that for the 10° [1120] 
annealing texture and according to our interpretation 
of the X-ray diffraction data the process which the 
authors have referred to as “domain growth” is syn- 
onymous with the entire process for the development 
of the 10° [1120] annealed texture with a peak at point 
C in the pole figure. 

The kinetics of the third principal type of annealing 
texture for zirconium in which [1120] is in the rolling 
direction with six intensity maxima instead of twelve 
awaits an analysis of samples annealed at tempera- 
tures above 600°C. 

It should be remembered that if “time” is to be used 
instead of “rate,” plots of the type of Fig. 14 in the 
paper and Fig. 15 in this discussion are valid if the 
shape of the property vs log time curves is indepen- 
dent of temperature. If several competing processes 
are occurring it is probable that the curves are not 
independent of temperature. This limitation is prob- 
ably responsible for the peculiar slopes of the branches 
of the curve in Fig. 15 for “40 pct” since the equivalent 
intensity corresponds to the top of the first sigmoid for 
443°C, to the junction for 500° and 553°C, and to part 
way along the second sigmoid for 600°C. 

In the preceding discussion the kinetics of the de- 
velopment of the annealing textures were considered 
without the necessity of associating the various tex- 
tures with polygonization, recrystallization, or grain 
growth. We have a number of questions concerning 
the associations which have been attempted by the 
authors. If the grains in the structure of the material 
annealed 24 min at 395°C were not clearly delineated, 
how can it be determined that the material had com- 
pletely “recrystallized in situ” as indicated in Fig. 11 
and how was the polygonization and “recrystallization 
in situ” distinguished from normal recovery? Without 
sufficient resolution of the microstructure one cannot 
be certain that recrystallization has occurred before 
reorientation has taken place. Presumably the grains 
seen “after reorientation” are not the same as those 
present before reorientation, otherwise by what mech- 
anism does reorientation occur? Fig. 9 appears to be a 
normal growth portion of a recrystallization curve. 
Were there any specimens in which the grains were 
metallographically resolvable as recrystallized, and 
did not show the reoriented annealing texture? 

Under Experimental Procedure, in the first and third 
sentences in the first paragraph concerning the X-ray 


Fig. 17—Transmission electron micrograph 
of 97 pct cold-rolled zirconium annealed 
500 min at 400°C. Hole appears at upper 
corners. X6000. Area reduced approximate- 
ly 40 pct for reproduction. 
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Diffraction Methods the deformation texture is de- 
scribed as the orientation “. . . in which prism poles, 
{1010}, are perpendicular to the rolling direction.” The 
term “parallel” rather than “perpendicular” would be 
proper here, or the term “planes” rather than “poles” 
could be substituted. 

With regard to pole figure asymmetry, can it be 
shown that each of the twelve double maxima in the 
high intensity regions of the [1010] poles of the pole 
figure for annealed material has the same maximum 
intensity value? This does not appear to be so from 
Fig. 2. Were any pole figures determined in detail for 
all four quadrants? 

R. K. McGeary and B. Lustman (authors’ reply)— 
The authors wish to thank the discussers for their 
thoughtful and illuminating contributions. 

In answer to Professor Beck’s discussion, we dis- 
agree that no orientation change is observed after 
200 min annealing at 400°C. It will be noted from 
Fig. 4 that an appreciable percentage of the annealing 
orientation (about 23 pct) results from this treatment. 
Likewise, in the case of the data represented in Fig. 12 
it must be remembered that the deformation type of 
texture first increased in intensity, corresponding to 
the upper curve for 5 min annealing, before decreasing 
to the values shown for 200 min; this 30 pct decrease 
in maximum intensity value (represented in Fig. 5) 
indicates that appreciable reorientation had occurred. 
We found, in fact, that only about 30 pct of the cold 
working hardness increase is recovered at the end of 
the period we chose to call “recrystallization in situ.” 
Close examination of Fig. 10 will reveal definite dis- 
continuities in the curves of hardness vs time corre- 
sponding to this stage of annealing. The amount of 
recovery of a particular property will, of course, de- 
pend on the property being measured; thus, Bostrom 
and Kulin™ found that about 40 pct of the electrical 
resistivity increase is recovered at this stage. 

In Fig. 17 is shown a transmission electron micro- 
graph (prepared by T. R. Padden) of a sample of zir- 
conium annealed 500 min at 400°C. It will be noted 
that the grain size so revealed corresponds to that de- 
tected by the optical microscope. Grains were found 
to be metallographically resolvable from the point 
corresponding to decrease in intensity of the deforma- 
tion texture onward. It is therefore believed that the 
optical microscope is fully capable of revealing grain 
structures of the 2 micron dimensions reported in the 
paper. 

We agree with Drs. Seymour and Burke that there 
appears to be no requirement that a single activation 
energy describe a recrystallization process character- 
ized by nucleation and growth. The comparison with 
the experiments of Decker, Harker, and Seymour was 
made to show that an essential difference exists be- 
tween the behavior of zirconium on the one hand and 
that of copper and an iron-nickel alloy on the other in 
that the isothermal annealing characteristics of the 
latter can be described in terms of nucleation and 
growth parameters, and a single activation energy 
serves to describe the temperature variation, whereas 
neither of these characteristics apply in the former 
case. 

The principal point raised in the discussion by Drs. 
Geisler, Keeler, and Hibbard is that the several anneal- 
ing stages are not consecutive but are competitive 
and are characterized by different textures and activa- 
tion energies. They further attach no significance to the 
maximizing of the {1010} orientation, which condition 
we have called “recrystallization in situ,” but prefer 
to consider this stage of optimum perfection of the 
deformation texture and the subsequent approach to 
a more random orientation as a single process, namely, 
an “enhanced” rolling texture produced by recrystalli- 
zation into the {1010} texture. 

Concerning the latter point, it is difficult for the 
authors to visualize a single recrystallization mech- 
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anism which leads first to a sharpening of the defor- 
mation texture and then to its randomization. Further- 
more, as pointed out above, a definite arrest is found 
in the curve of hardness change vs annealing time 
corresponding to the time of attainment of the maxi- 
mum intensity of the deformation texture. This is a 
characteristic feature of the annealing of zirconium 
and is essentially different from the later annealing 
stages. 

The discussers’ Fig. 15 is, we believe, based on en- 
tirely inadequate data. A plot of the more closely 
spaced electrical resistivity data of Bostrom and 
Kulin® again indicates a continuous increase in activa- 
tion energy as annealing progresses even during stages 
when, by the discussers’ interpretation, only a single 
reorientation mechanism operates. In this connection, 
Bowen, Eggleston, and Kropschot™ found by residual 
electrical resistivity measurements of pulse-annealed 
copper essentially the same activation energy for the 
recrystallization of copper as was reported by Decker 
and Harker. Furthermore, if the zirconium is com- 


pletely recrystallized into the “diffuse” {1010} texture 
at the start of the final sigmoid of Fig. 6, it would be 
expected that at this stage essentially all and not just 
75 pet of the hardness increase would be lost. By the 
discussers’ interpretation the final 25 pct loss of hard- 
ness induced by the cold working must be attributed to 
reoriented texture formation; i.e., the stage where 
simple grain growth was observed (Fig. 9). In the 
literature for other pure metals large changes in 
hardness have never been associated with grain coars- 
ening or secondary recrystallization so that the dis- 
cussers’ interpretation of our data would yield a unique 
mechanism for the softening of zirconium. 


In the pole figure for annealed material (Fig. 2) 
the intensity maxima of the type represented by B in 
Fig. 3 reach a maximum intensity of about 90 counts 
per sec while the type represented by C reach a maxi- 
mum of about 80 counts per sec. Incidentally, this 
indicates rather good symmetry for all twelve maxima 
of the pole figure although as described in the paper 
only six maxima were actually measured. Thus, in 
considering our Fig. 12 the maximum intensity to be 
expected at B even in the fully annealed condition 
would only be about 90 counts per sev. Since the rep- 
resentation in Fig. 13 of the 1839 min annealing curve 
shows a definite grouping around B, the shape of the 
corresponding curve in Fig. 12 is believed to be attrib- 
utable to comparatively small scatter of the reoriented 
texture about B rather than to the large scale scatter 
associated with recrystallization into a “diffuse” {1010} 
texture. 

We thank Dr. Geisler and codiscussers for pointing 
out our error in using the term perpendicular instead 
of parallel. 
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DISCUSSION, O. C. Shepard presiding 


Cc. S. Roberts (The Dow Chemical Co., Midland, 
Mich.)—I heartily support the worthy aims, the care- 
ful experimentation, and the painstaking quantitative 
analyses of the authors. However, I cannot accept their 
first conclusion as having been proven by their work 
or by any of the workers to whom they refer. Ever 
since the pioneer work of Andrade was completed, 
investigators have found that steady-state creep is 
very small compared with transient creep at high 
stresses and low temperatures relative to the melting 
point. These are evidently the conditions of the authors’ 
tests. They base their conclusions mainly on tests of 
nickel and its alloys over a 75°C range which lies at 
less than 2/3 of the melting point on the absolute 
temperature scale. In addition, the stresses are rela- 
tively high. In order to observe steady-state creep 
with negligible interference from the transient com- 
ponent, the experimental range must be extended to 
higher temperatures and low stresses, thus low strain 
rates. Incidentally this is also the region where present- 
day designers are usually forced to operate. 

The fact remains that steady-state creep has been 
observed in constant stress tests. The evidence of 
Cottrell and Aytekin® for zine is very clear on this 
point. Servi and Grant ” observed long stages of linear 
creep rate for aluminum. In a study of polycrystalline 
magnesium which I have recently completed, long 
stages of steady-state creep have been obtained at 
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Nature of the Creep Curve 


by Thomas H. Hazlett and Earl R. Parker 


400° to 600°F and at low stresses which were constant 
during the test to less than 1 pct. When the linear 
region represents a reasonably large portion of the 
creep curve, i.e., when steady-state creep is predomin- 
ant, the test of expanded scales will not result in a 
change of creep rate. When the stress and tempera- 
ture are such that steady-state creep is small compared 
with the transient component, the situation illustrated 
by the authors in Figs. 2 and 3 will result. On the other 
hand, if a steady-state region clearly exists it may well 
be concealed in the log-log type of plot. Professor 
Cottrell made this point in his discussion to ref. 5, I 
predict that if the authors lower their stresses and/or 
extend their temperature range upward sufficiently, 
they will find that nickel will also exhibit steady- 
state creep of detectable magnitude. 

N. J. Grant (Massachusetts Institute of Technology, 
Cambridge, Mass.)—I wish to express my congratula- 
tions to the authors for tackling a tough problem, 
which has been knocking about for a long time, though 
without complete success. In the course of having run 
on the order of 1000 or more creep-rupture tests, and 
in trying to apply the equations suggested by the au- 
thors, as well as those suggested by Andrade and 
others, we have never succeeded in finding any one 
particular creep curve equation which was able to 
satisfy a large number of materials for the usual range 
of testing conditions. We have always found too many 
exceptions to any particular equation to make us con- 
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Fig. 21—Log-log plot of elongation vs time for cast high carbon 
N-155 alloys, Eq. 2. 


fident in applying it. Accordingly, I would appreciate 
it if the authors would consider the following com- 
ments and questions. 

1—It is puzzling that Eq. 1 fits the creep curves for 
some of the nickel tests, for certain steels, platinum, 
and copper, but requires a modification of Eq. 1 to 
Eq. 2 to fit the creep curves of other nickel tests, lead, 
and aluminum. Since the value «, is fixed and does 
not vary with time, it is difficult to see how the applica- 
tion of Eq. 1 results in a straight line log-log plot for 
certain of the materials, and Eq. 2 for others. Cer- 
tainly these equations are not interchangeable for the 
different sets of data, and a correction of Eq. 1 which 
yields a straight line without the «, term should become 
a curve when the correction «, is applied unless «, is 
zero, which it cannot be. This variability is in line with 
our experience noted above that some equations fit 
some materials and some do not. 

2—In re-examining the constant-stress creep curves 
for aluminum, which we sent to the authors, as well 
as additional curves which were not sent to them, we 
found it extremely difficult to determine «¢,, and fre- 
quently selected values which did not yield straight 
lines by either Eqs. 1 or 2. To see where some of the 
difficulty came from, it was decided to see how exact 
a so-called constant stress creep test really is. An 
aluminum creep test bar of the same stock as was used 
for the tests described in the authors’ paper was ex- 
tremely carefully machined and tested as a constant 
stress creep test at 500°F and 700 psi. While the creep 
curve was still following a straight line in the second- 
ary portion of the curve and had definitely not begun 
to enter third stage creep, the test was stopped and the 
specimen was carefully examined. Since the constant 
stress creep test depends on a constancy of volume 
relationship for determining the unloading rate on the 
specimen, the elongation and change in cross section 
must be in agreement. Our measurements on this test 
bar showed that a significant deviation occurred due 
to the inhomogeneity of the deformation. There was a 
difference in average diameter along the length of the 
gage section of 3.64 pct which would result in a stress 
increase from the original value of 700 psi to 725 psi 
on that cross section. Furthermore, the specimen 
showed a maximum out of round variation of 1.6 pct at 
this same time. It is very difficult to see how such large 
dimensional deviations can exist and still not be de- 
tected by the plotting method used to evaluate Eq. 2, 
unless this method is rather insensitive to appreciable 
changes in total creep or creep rate, and it appears 
that it is insensitive. 

3—In some recent creep-rupture tests wherein micro- 
creep measurements were made on high purity alumi- 
num specimens, it was noted that at points within one 
grain separated by no more than 0.03 in. the elonga- 
tion values between two adjacent points would be 5 
and 50 pct, respectively. Across grain boundaries as 
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compared to centers of grains this variation was even 
greater. Again, it is difficult to see how any one 
equation is capable of correcting for such inhomo- 
geneities. Certainly it would be difficult to visualize 
how any constant such as «, for example, could be 
termed a physical constant for a material in which 
strain variations of such large magnitude can occur 
and where both grain and grain boundary deformation 
processes are occurring at different rates. 

4—It was thought that Eas. 1 and 2 could be checked 
in a different way and probably very much more rig- 
orously. From some old creep tests we examined four 
creep curves which were obtained on high carbon cast 
N-155 alloys. These tests were run in very high sensi- 
tivity creep equipment where temperature variations 
were less than 1°F at 1500°F and where elongations 
were measured with a sensitivity of two parts per 
100,000 using a microscope sighted on gage markers 
attached to the specimen. The resulting creep curves 
which failed after about 2000 hr were composed of a 
secondary portion (minimum creep rate zone) which 
constituted about 90 pct of the total creep curve. The 
total elongation was only about 2 pct and reduction of 
area was less than 1 pct. It appeared relatively easy to 
determine ¢, for these creep curves. In spite of the 
fact that these were constant load tests, they, in fact, 
fulfilled the requirements of a constant stress test very 
much better than did our constant stress creep tests on 
high purity aluminum and the authors’ nickel tests. 
Also by contrast the second stage portion of these 
high carbon N-155 alloys was very much more exten- 
sive than that in the case of aluminum and nickel, per- 
mitting an examination of the curve over a greater 
portion of the log-log plot. 

Fig. 21 shows the results of these tests using Eq. 2 
for purposes of plotting. It will be noted that two of 
the curves yield almost straight lines, although they 
are definitely not straight, and two deviate quite mark- 
edly. Incidentally, the aluminum curve in the authors’ 
Fig. 15 shows the same type of deviation from linearity 
if one draws the curve through the actual points rather 
than averaging them with a straight line, as the 
authors have done. These high carbon N-155 alloys 
were all pre-aged prior to testing and in our estima- 
tion are extremely stable alloys. 

The authors are probably correct in claiming the 
absence of a true constant creep rate in the secondary 
portion of creep curves. There are few of us, however, 
who believe in an absolute minimum creep rate. If 
one were making creep tests to establish absolute 
values in each creep test, this would be important, but 
most of the concern with creep testing is to determine 
a relationship between the secondary creep rate and 
the stress and temperature. On this basis, it makes 
little difference whether the secondary portion of the 
creep curve is a true constant creep rate portion or not, 
since deviations from true constant rates will be av- 
eraged out by obtaining several values. As such, the 
minimum creep rate values commonly used in both 
research and engineering will continue to be extreme- 
ly useful quantities. 

T. H. Hazlett and E. R. Parker (authors’ reply)— 
The authors wish to thank both discussers for their 
interest in this paper as evidenced by their comments. 
The limitation of narrow test temperature range re- 
ferred to by Dr. Roberts is well taken, but we cannot 
accept his statement regarding the existence of a 
steady creep range, even at high temperatures. The 
authors believe that the conclusion reached by Lu- 
bahn‘ is valid and the curvature is strictly a matter 
of degree. A creep curve produced by testing pure 
nickel at 900°C and 2000 psi is shown in Fig. 22 and 
it may be noted that the curve is continuously decreas- 
ing until the initiation of the “tertiary” stage. Although 
there is necessarily an inflection point, no extended 
region of constant creep rate is revealed. This test 
temperature is above the value of 2/3 of the melting 
point on the absolute scale which is referred to as the 
critical temperature. This absence of a true constant 
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creep rate in the secondary portion of creep curves is 
also confirmed by Dr. Grant in his final paragraph 
of discussion. 

In reference to the work of Cottrell and Aytekin, 
it should be pointed out that they merely computed 
the constant rate portion of the creep curves from 
Andre’s equation. The “transient” portion of the curves 
was not used. None of their published data show creep 
curves with extended constant rate portions. 

The question raised by Dr. Grant as to why some of 
the data may be fitted to Eq. 1 while Eq. 2 is required 
for other curves, is best'answered by referring to Figs. 
11 and 12 of the paper. As has been pointed out already, 
the matter of best fit is one of degree only. It has been 
found in all cases studied in this laboratory that if 
the initial portion of the creep curve taken at very 
short times after loading is used, the «. term must be 
included. This same equation has been tested independ- 
ently by Bhattacharya, Congneve, and Thompson" with 
their data on many additional materials and found to 
be valid. 

The point concerning inhomogeneous flow described 
under items 2 and 3 of Dr. Grant’s discussion is well 
taken. However, many measurements of the nickel 
specimens after testing (but before the initiation of 
the accelerated creep rate stage) failed to reveal such 
dimensional changes as are described for the coarse 
grained aluminum. Plastic deformation was very uni- 
form for all of the nickel specimens measured. 

The creep curves for N-155 alloys presented in the 
discussion do not appear to be fitted with the correct 
value of «. so that the data do not represent a test of 
the equation. In the case of specimens 104 NT-2 and 
108 NT-2 particularly, the values of «. selected by the 
discusser are much too large, or the test bars were 
undergoing structural changes during the creep test. 
It has been the experience of the authors that when a 
logarithmic plot of total strain vs time results in a 
curve which is convex upward, grain growth, precipi- 
tation, or structural changes other than the develop- 
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Fig. 22—Creep curve for pure nickel. 


ment of substructure occurred during the test. So far 
as we know, all simple, structurally stable materials 
yield curves which are concave when plotted in this 
manner if gages of sufficient sensitivity are used and 
the early portion of the time scale is explored. 

Although the authors do not feel that any data 
brought forth in the discussion justifies altering our 
original conclusions, it must be kept in mind that the 
proposed relationship is empirical only and _ subse- 
quent work may reveal the necessity for a change in 
this position. Such data has not been brought to the 
attention of the authors to date. 


*A. H. Cottrell and V. Aytekin: The Flow of Zinc Under Con- 
stant Stress. Journal Inst. Metals (1950) 77, p. 389. 
“I. S. Servi and N. J. Grant: Creep and Stress Rupture Behavior 
of Aluminum as a Function of Purity. Trans. AIME (1951) 191, p. 
909; JouRNAL or Metats (October 1951). 

“S. Bhattacharya, W A. Congneve, and F. C. Thompson: 


Creep Time Relationship Under Constant Tensile Stress. Journal 
Inst. Metals (October 1952). 


DISCUSSION, O. C. Shepard presiding 


O. C. Shepard (Stanford University, Stanford, Calif.) 
—lIn the paper the statement is made that grain bound- 
ary mobility prevents intercrystalline fracture in high 
purity aluminum. This statement surprises me be- 
cause in tests at Stanford with very pure gold inter- 
crystalline fractures are encountered with low stresses, 
so that the time to fail is 1000 hr or more. I should 
like to know the maximum times involved in the tests 
with pure aluminum. 

H, H. Bleakney (Dept. of Mines and Technical Sur- 
veys, Ottawa, Ont., Canada)—The authors have per- 
formed a most meritorious service in presenting evi- 
dence to show that the motion of one grain past an- 
other may occur by plastic deformation of metal im- 
mediately adjacent tu the grain boundary and that this 
deformation is followed by boundary migration. This 
evidence should help to dissipate some of the confusion 
arising from the rather widely disseminated concept 
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Grain Boundary Sliding and Migration and Intercrystalline Failure 
Under Creep Conditions 


by Hsing C. Chang and Nicholas J. Grant 


that creep is considerably influenced by viscous flow 
among the atoms lying in the transition zone between 
contiguous grains. McLean" has already disposed of 
that concept, fairly thoroughly, but the additional evi- 
dence is welcome. Plastic deformation near the grain 
boundaries, or grain boundary migration or both can 
adequately account for the “quasi-viscous” phenomena 
in creep, including Ké’s® evidence. 

In a recently published paper,” evidence has been 
presented which indicates that the intercrystalline 
embrittlement noted in creep-rupture tests of many 
metals is attributable to a tendency for impurities to 
concentrate at grain boundaries in the course of a test. 
The evidence presented in Chang and Grant’s paper 
confirms the contention that impurities are at the root 
of the trouble, but their explanation for the mechanism 
by which the impurities act is not consistent ‘with all 
the evidence. According to the explanation suggested 
by Chang and Grant, higher temperatures, which in- 
crease the velocity of grain boundary motion, should 
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Fig. 21—Creep curves for three different high purity silver samples. 


decrease the tendency for intercrystalline fissuring. 
The opposite is the case, and higher temperatures pro- 
mote embrittlement. More direct evidence, however, 
is available. The mechanism proposed by the authors 
specifically postulates that embrittlement and strength- 
ening of the metal both spring from the same origin, 
the inhibition of grain boundary migration by impur- 
ities at the grain boundaries. Therefore, for any given 
metal, a more brittle sample should have greater creep 
resistance than a less brittle sample. Fig. 21 shows 
creep curves of three samples of highly purified silver 
(99.99+-). All samples were cold-reduced more than 
95 pet and annealed for 1 hr at 350°C before testing 
under a stress of 5000 psi at the annealing temperature. 
Particulars of the three samples are as follows: 

Curve No. 1—This curve was obtained from “proof” 
silver, purified at the Royal Canadian Mint for use as 
an analytical standard. The sample had a reduction in 
area of 95 pct after failure. 

Curve No, 2—This curve was obtained from silver 
purified at the Mines Branch, Dept. of Mines and Tech- 
nical Surveys, by the method used at the Mint, but 
which had been accidentally contaminated by about 
0.003 pet S. The sample had a reduction in area of 
30 pct after failure. 

Curve No. 3—This curve was obtained from a sample 
of the purest silver available from commercial sources. 
The test sample had a reduction in area of 49 pct after 
failure. 

The slightly higher creep rate of sample 1 as com- 
pared with sample 2 is quite inadequate to explain the 
great difference in ductility; and the higher ductility 
of sample 3 than sample 2 is completely inconsistent 
with its lower creep rate, on the basis of the proposed 
explanation. There does not appear to be any general 
law correlating the creep strength and the ductility of 
metals in creep-rupture tests. 

The evidence is consistent with the hypothesis that 
impurities at grain boundaries lower the ductility of 
the metal by destroying the cohesion between the 
grains; it is inconsistent with other hypotheses. 

W. R. Hibbard, Jr. and R. W. Guard (General Elec- 
tric Research Laboratory, Schenectady)—The series of 
papers by Dr. Grant and his coworkers on the boundary 
sliding in aluminum are interesting and important. The 
evidence that boundary sliding is the cause of defor- 
mation within the grains (rather than deformation 
within the grains causing boundary sliding) is not 
clear. From Figs. 5a, 8, and 12a it appears that more 
slip occurs within the grain than at the boundary. This 
occurrence suggests that slip may have first occurred 
within the grain, but was blocked near the boundary 
and thus set up the stress distribution which caused 
sliding. Can the authors cite clear-cut evidence that 
boundary sliding occurs prior to deformation within 
grains? 

Are subgrain formation, folding, and grain boundary 
sliding alternative mechanisms of creep deformation 
not involving dislocation motion along slip planes, or 
are they surface evidence of readjustments occurring 
with unresolvable slip? 

The authors mention tests done at 400°F, but give 
no results. Do they find that saine absence of slip at 
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the lower temperature as at 700°F and higher? McLean* 
gives data for tests at 200°C (392°F) which show that 
grain boundary displacement accounts for less than 20 
pct of the total deformation. 

The implication on p. 306 that boundary ~igration 
is attributable only to the applied stress is misieading. 
It appears that boundary migration of the type nor- 
mally encountered in grain growth occurs as a result 
of the unstable boundary shape produced by boundary 
sliding. In this connection, there are many clear exam- 
ples of boundary migration, but it is not clear from 
the illustration that all of this migration is activated 
by boundary sliding. It is quite possible that boundary 
migration could result from normal slip within the 
grains at or near the boundary. From the geometry of 
Fig. 3, one should be able to calculate the extension 
resulting from the grain boundary sliding of grain G. 
Is this extension a large percentage of the total exten- 
sion recorded, or must other mechanisms be utilized 
to account for the amount of strain in the specimen? 

H. C. Chang and N. J. Grant (authors’ reply)—In 
reply to Dr. Shepard’s question, we did not run our 
tests for long periods in the tests described here; but 
using exactly the same material, tests were run for 
100 hr at 900°F without getting intercrystalline frac- 
ture, as described by, Servi and Grant.’ The answer 
must be associated in some way with the types of im- 
purities present in the aluminum and in the gold. In 
the above reference, it was noted that above 900°F 
there was a tendency for intercrystalline fracture to 
occur, as evidenced by a decrease in the ductility, never- 
theless the fractures were transcrystalline for the 99.995 
pet aluminum, the fracture being a sharp knife edge 
in most instances. 

We are pleased to have Mr. Bleakney’s support on 
the nature of the grain boundary deformation in creep 
and for his interesting discussion. 

1—If there is “a tendency for impurities to concen- 
trate at grain boundaries in the course of a test,” active 
grain boundary migration would annul the effects of 
such concentration (which must be very slight), in 
which case intercrystalline fractures should not occur 
anyhow. 

2—Grain boundaries must be fixed, essentially, for 
intercrystalline fracture to occur. Such grain boundary 
fixation is most readily achieved by alloying especially 
when a second phase occurs. It is only when grain 
boundaries stay in position that the intercrystalline 
fractures become evident. 

3—Strengthening and relative embrittlement do, in 
fact, go hand in hand in most instances provided that 
the same alloying element is the basis of comparison. 
Some alloying elements will embrittle without strength- 
ening if such elements tend to segregate into a weak 
zone, such as at a grain boundary. Such would be the 
case of sulphur in pure iron or of bismuth in gold. 
Some other alloying elements result in greater em- 
brittlement for a given strengthening effect than do 
other elements. As yet there is insufficient evidence to 
classify the effects since this is a field in which much 
more work is needed. 

Nevertheless, even on the basis of this loose general- 
ization, it becomes difficult, if not impossible, to prop- 
erly explain the effects shown in Mr. Bleakney’s creep 
curves for silver. The quantities of specific alloying 
(impurity) elements must be known, as must their 
effects in silver, before the necessary explanation can 
be offered. It is insufficient to say simply that No. 3 is 
the purest, for undoubtedly, an element such as sul- 
phur, even in minute quantities, will be much more 
embrittling and less effective in strengthening than 
would nickel. 

4—We agree that alloying elements and impurities 
are of great importance in strengthening and in em- 
brittlement in creep testing, but we doubt that the im- 
purities have to be at the grain boundaries to get em- 
brittlement. If it were necessary for impurities to get 
to the grain boundaries for embrittlement to occur, 
much larger differences in the ductility of fine and 


TRANSACTIONS AIME 


} 

| Bw 
| 

= To 800 


coarse grained test bars would result than has been 
observed. 

Regarding the discussion of Hibbard and Guard, ade- 
quate evidence of much larger initial deformation 
across grain boundaries than in grains has been ob- 
tained.” At 700°F and higher, extensive grain boundary 
sliding and migration have been observed to take place 
in the early stages of creep by optical means. Com- 
ponent creep curves, based on gage length of 0.6 to 0.7 
mm between consecutive fine markers along the length 
of a regular coarse grained creep test bar, definitely 
show that the grain boundary region, through sliding, 
undergoes very marked creep at a time when the in- 
terior of the grain may barely have started to creep. 
At 400°F the opposite is true. In connection with the 
slip bands appearing on Figs. 5a, 8, and 12a, it should 
be pointed out that they were produced on putting this 
specimen into the creep furnace. They were not pro- 
duced during creep. The slip bands produced during 
creep at 700°F are very much coarser than those ap- 
pearing in these figures. 

It is logical to think that any sort of deformation in 
a crystalline material, no matter what form the de- 
formation may appear to take, must be associated with 
slip, resolvable or unresolvable. We think that Hibbard 
and Guard would agree that the last word on the 
mechanism of subgrain formation during creep has not 
been said, but subgrains do form as a result of in- 
homogeneous deformation as has been shown by sev- 
eral investigators as well as by us during the past year 
or two. Fold formation is even more poorly under- 
stood and the crystallographic relationships are to be 
examined in later work. Grain boundary sliding un- 


doubtedly causes slip along the boundary regions. Kink- 
ing may also occur in this region. It is hoped that 
further work along this line may improve the under- 
standing of those modes of deformation. As of now, 
however, the evidence does not support the idea that 
various deformation patterns are simply readjustments 
based on unresolvable slip. 

It is clearly stated in the text that the driving force 
for boundary migration during creep is a combination 
of strain energy and surface energy. The applied stress 
serves to upset the equilibrium of forces along grain 
boundaries and at the triple point established as a re- 
sult of long time high temperature annealing. Once 
this equilibrium of forces is upset, the surface energy 
then comes into play. Many additional observations 
have been made since reporting the above results. These 
observations indicate (more work will be done) that 
frequently the boundary migrates in a direction toward 
the center of curvature as noted by C. S. Smith in grain 
growth. Even more frequently, however, the boundary 
migrates away from its center of curvature, indicating 
the _— effect of the — stress. 


*D. McLean: Processes in Coarse-Grained 
Journal Inst. Metals (May 1952) 80, Part 9, pp. 507-519 

*Ting Sui Ké: Experimental Evidence of the Viscous Behavior 
of Grain Boundaries in Metals. Physical Review (1947) 71, pp. 
533-546. 

~H. H. Bleakney: The Ductility of Metals in Creep-Rupture 
Tests. Canadian Journal of Technology (December 1952) 30, pp. 
340-351 

McLean: Grain During Creep of Aluminum. 
Journal Inst. Metals (1953) 81, . 293-300. 

2H. C. Chang and N. J. Grant: Inhomogeneity in Creep Defor- 
mation of Coarse Grained High Purity Aluminum. Trans. AIME 
(1953) 197, p. 1175; Journnat or METALS 1953). 


by J. H. Frye, Jr, 


DISCUSSION, O. C. Shepard presiding 


J. F. Kahles (Metcut Research Associates, Cincinnati, 
Ohio)—Though the authors have quantitatively con- 
sidered the rate of growth of pearlite from austenite 
in high purity iron-carbon alloys, they have only 
qualitatively indicated some of the problems associated 
with applying such theory to alloy steel. 

A recent article by Phillips and Phillips” has ‘ndi- 
cated that small amounts of solute elements in copper 
greatly decrease the rate of growth of the recrystal- 
lizing interface. Since these effects may be similar to 
the effects of alloys on rate of growth of the pearlite 
interface, discussion by the authors of the general 
effects of solute elements on rates of growth of an 
interface would be of interest. 

W. C. Hagel, G. M. Pound, and R. F. Mehl (Carnegie 
Institute of Technology, Pittsburgh)—Without assum- 
ing a specific mechanism, the authors have derived an 
expression for the rate of growth of pearlite which is 
very similar to an equation derived by Zener on the 
assumption that diffusion of carbon controls the rate 
of the process. Yet, in order to do this, the authors 
must make an assumption that can be explained only 
in terms of the Zener treatment, namely that super- 
cooling per se enters the growth rate equation linearly. 
Actually, there is no experimental proof for this as- 
sumption which the authors arbitrarily introduce in 
their Eq. 2. It would seem invalid to draw any such 
conclusion about the kinetics of pearlite formation 
based on the work of Roberts and Mehl upon the 
kinetics of austenite formation. 
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Absolute Rate Theory Applied to Rate of Growth of Pearlite 


E. E. Stansbury, and D. L. McElroy 


Zener’s basic rate equation may be written as: 
DAF 
4aS, 


where r is the rate of growth of pearlite; D, the dif- 
fusivity of carbon in austenite, C” exp (—AE*/RT); 
AF, the bulk free energy change accompanying pearlite 
formation; S., one half interlamellar spacing (min- 
imum spacing realizable in a completely reversible 
process); and a, a constant. 

Also, it is found that 


2v7T. 
—T) 


where v is the specific volume of pearlite; y, the 
cementite-ferrite interfacial free energy; AH, the bulk 
enthalpy change accompanying formation of pearlite; 
and T., the bulk equilibrium temperature for aus- 
tenite, ferrite, and cementite. 

Substituting Eq. 14 into Eq. 13 and rearranging: 


r = CATAF exp (—AE*/RT). {15} 


Thus, the Zener treatment leads to essentially the same 
result as the author’s Eq. 9 without an arbitrary as- 
sumption about the relationship between rate and super- 
cooling. Therefore, on the basis of existing knowledge, 
the Zener treatment would appear to be the more self- 
consistent. 

Prigogine” has shown that if AF and deviation from 
equilibrium are relatively small in a physicochemical 


[13] 


[14] 
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process as they are for pearlite growth, the rate of the 
process is roughly proportional to AF in form similar 
to that derived by the authors. However, as recently 
pointed out by Machlin®™ the rate of growth of pearlite 
may not be simply proportional to the bulk free energy 
dissipated per unit advance of interface, owing to addi- 
tional dependence upon the cementite-ferrite inter- 
facial energy and the mobilities for other accompany- 
ing irreversible processes. 

One of the present discussers also outlined the same 
general approach to the pearlite problem taken by the 
authors,” and for the past year we have been engaged 
in calorimetric measurements to determine the validity 
of Zener’s theory. By comparing our free energy rela- 
tionships for pearlites of different spacings to those of 
bulk ferrite and iron carbide, we have found that the 
interfacial energy involved is somewhat less than that 
predicted by Zener’s theory but still quite appreciable. 

Some mention should be made of the difficulties 
encountered when absolute rate theory is applied to 
solid-phase reactions. Little question remains as to the 
usefulness of absolute rate theory as developed for 
gaseous reactions which possess a definable activated 
complex. However, what is the activated complex in 
the case of pearlite ‘growth? Further, without knowing 
the partition functions for solid-phase reactions from 
statistical mechanics, it is impossible to determine 
whether kT/h, as developed for gas-phase reactions, 
is the correct frequency factor for this reaction. 

Assuming the correctness of kT/h, it may be possible 
to avoid evaluating partition functions and determin- 
ing the nature of the activated complex by using the 
pseudo-thermodynamic approach of Eq. 1 and then 
resolving growth rate into a relationship containing 
e“**’* as was done in Eq. 8. However, the uncertainty 
then lies in the entropy term which the authors assume 
does not vary with temperature and avoid computing 
by grouping into their constant C. This modified entropy 
term differs from that determined from equilibrium 
theory by a small amount owing to the removal of a 
degree of freedom for complex decomposition. Owing 
to the many uncertainties which exist with the appli- 
cation of absolute rate theory to any solid-phase re- 
action, one wonders if the resolution of this problem 
cannot better be accomplished by other theoretical 
means. 

J. H, Frye, Jr., E. E. Stansbury, and D. L. McElroy 
(authors’ reply)—Subsequent to the completion of the 
manuscript of the present paper, Phillips and Phillips” 
published the results of their investigation of the 
effect of certain solute elements on the recrystallization 
of copper. Their results tend to support the proposi- 
tion examined by the present authors that the effects 
of alloying elements on the growth of pearlite may be 
due to interference by the solute element with actual 
interface mechanisms and that the diffusion of the 
alloying element, in the sense of atomic movements 
involving concentration differences, may not be the 
rate-limiting factor. There is no reason to suppose that 
such diffusion of solute atoms takes place during re- 
crystallization, although considerable movements of 
both solute and solvent atoms presumably take place 
during the rearrangements accompanying recrystal- 
lization. Consequently, it is noteworthy that at 215.8°C, 
0.0271 atomic pet Ag in copper reduces the growth rate 
of recrystallized grains from 2x10° mm per sec to 
3.13x10" mm per sec without any appreciable effect on 
preferred orientation.” Thus, a tremendous effect may 
be exhibited by a solute element on the growth rate 
of an interface without diffusion of the kind which 
leads to concentration differences. 

During creep, there must be atomic movements within 
a metal; and it is possible that there are similar move- 
ments at a growing interface and in bulk metal during 
recrystallization and during transformation of austenite 
to pearlite. If these movements are rate-controlling, 
one might expect to find some rough correlation be- 
tween the effects of solutes on these three processes 
in iron. It is, therefore, interesting to observe that 


chromium, manganese, and molybdenum strongly in- 
crease creep resistance, recrystallization temperature, 
and hardenability; whereas cobalt, nickel, and silicon 
only slightly affect any of the three.” 

The authors propose the following hypothesis: Solute 
elements decrease the rate of creep and the rate of 
grain growth during recrystallization of metals and 
decrease the rate of growth of pearlite from austenite, 
not pramarity by decreasing the rates of diffusion,* but 


Defined as atomic movements | “involving « concentration differ- 
ences. 


by decreasing the rates of atomic rearrangements at 
interfacest or in the bulk of the metal. The latter is 

+ This idea was presented in the Bethlehem Steel Co. report ‘Te- 
ferred to in the acknowledgments and independent of a somewhat 


similar proposal by Bowman discussed in the authors’ reply to 
Messrs. Hagel, Pound, and Mehl. 


apt to be important in processes involving large volume 
changes. 

The authors appreciate the discussion of Messrs. 
Hagel, Pound, and Mehl. The discussers have a number 
of specific objections to the derivation of Eq. 9. Al- 
though the authors are in qualitative agreement with 
the criticisms, it seems pertinent to review certain 
points. Reference is made to the similarity of Zener’s 
equations to Eq. 9. The authors have commented on 
this similarity and feel that emphasis should be placed 
on the essential differences in the basic assumptions 
upon which the two equations are based, namely, that 
Zener assumes that the diffusion of carbon is control- 
ling. It would seem that evidence is accumulating 
which indicates that this may not be the case. The 
evidence is: 1—activation energies derived from fitting 
either equation to growth data do not agree with the 
activation energies for the normal diffusion of carbon 
in austenite; 2—alloying elements may decrease growth 
rate without necessity for diffusion of the alloy; and 
3—the effects of alloying elements on the diffusion of 
carbon or interlamellar spacing are not great enough 
to account for the changes. 

The authors wish to acknowledge the very excellent 
paper by Mehl on the austenite transformation,” in 
which he has discussed the above points at length and, 
in addition, has indicated the need for free energy 
data on alloy steels to test Zener’s theory and that 
consideration should be given to the suggestion of 
Bowman” that the effect of alloying elements in con- 
trolling the growth rate of pearlite could be inter- 
ference with the actual interface mechanism. The 
authors appreciate having the latter point brought to 
their attention, for it is in line with the proposal in the 
present paper that even in pure iron-carbon eutectoid 
alloys, the rate-determining step involves the inter- 
face mechanism. Bowman proposes that the alloying 
element has additional influence in slowing this step. 

The discussers have also questioned the validity of 
the use of data on growth of austenite from pearlite as 
an argument for inclusion of the term AT. Since a rate 
equation of the form derived should be applicable to 
the reaction in either direction, and since the discuss- 
ers give no reason for their objection, the authors can 
only repeat the argument given in the paper. 

The application of the thermodynamic theory of ir- 
reversible processes by Machlin®™ deserves careful con- 
sideration. There is certainly merit to an approach 
which includes all aspects of the interface mechanism. 

It remains evident that much more theoretical and 
experimental work must be done to explain the growth 
characteristics of the austenite decomposition products. 
The authors look forward to the results being obtained 
in Dr. Mehl’s laboratories. 
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MODERN USES 


MODERN USES OF NONFERROUS METALS, 
edited by C. H. Mathewson, paints on a broad 
canvas progress in the field of utilization of 
nonferrous metals. Many radical changes have 
taken place since the first edition of this book. 
In essence, this second edition is a completely 
new work. Every chapter has been rewritten or 
added to, and in all cases brought up to date. 
The 26 chapters were written by leading au- 
thorities in their fields. Laboratory and produc- 


tion men have made giant strides in developing _ 


Edited by C. H. Mathewson 


Price: $4.90 to AIME Members; $7.00 to Nonmembers 


OF NONFERROUS METALS 


new alloys to meet man’s needs in an ever 
changing world. Thus, MODERN USES OF 
NONFERROUS METALS is a work which will 
find wide acceptance among both technical and 
nontechnical readers. For the young engineer, 
it contains a graphic picture of how nonferrous 
metals are used, while for others it embodies 
much that is new. The book is written in non- 
technical language. Approach in many chapters 
is narrative. Where illustration is required, 
tables, graphs, and other devices are used. 


Published through the Seeley W. Mudd Fund by 


The American Institute of Mining and Metallurgical Engineers, Inc., 29 West 39th St., New York 18, N. Y. 


Solidification of Metals and Alloys . . . 


A Symposium by the AIME’s Institute of Metals Division 


A publication on the subject of major sig- 
nificance to metallurgists, by four of the 
nation’s outstanding authorities. Three 
papers cover ferrous and nonferrous metals 
solidification and discuss many of the 
phenomena of metal freezing. 


1951 ° 


Nucleation of Solids, J. H. Hollomon and 
D. Turnbull 


Growth of Metal Crystals, & F. Meh! 
Solidification of Steel Ingots, 8 R Queneau 
Preface, Cyril Stanley Smith 


75 Pages ° $3.00 
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Transactions, Vols. 185 ('49), 188 (50), 
191 (‘51) ...... eames . $7.00 AIME 29 W. 39th St., New York 18, N. Y. 
75 Years of Progress in Iron and Steel, 1948 1.50 Please send me the books listed below. Enclosed is Check ["}; Money Order ["} 
Bergwerk und Probierbuchlein, 1949 5.0¢ be Oiled.) 
Stress Corrosion Cracking of Metals, 1944 5.00 
Brief History of Science of Metals, 1948 1.50 jt 3. 
Nonferrous Rolling Practice, 1948 4.00 2 ie 4. 
Rod and Wire Production Practice, 1949 3.00 
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